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INTRODUCTION 


1.  OBJECTIVES 

The  aim  of  this  program  was  to  investigate  the  role  of  microstructure  in  the  toughness, 
strength,  fatigue  and  wear  properties  of  ceramics,  in  particular  ceramics  that  are  characterized  by  R- 
curve  or  T-curve  (toughness-curve)  behavior.  The  term  "T-curve"  refers  to  materials  whose 
toughness  is  an  increasing  function  of  crack  size.  The  T-curve  is  governed  principally  by  the 
material  microstructure.  It  is  pronounced  in  monophase  ceramics,  like  aluminas,  with  coarse 
microstructures,  and  even  more  so  in  multiphase  ceramic  composites  where  residual  mismatch 
stresses  can  be  substantial.  A  primary  feature  of  the  T-curve  is  that  it  leads  to  a  marked 
insensitivity  of  the  strength  to  initial  crack  size,  i.e.  "flaw  tolerance".  This  has  a  strong  appeal  to 
the  structural  engineer,  because  components  may  be  designed  to  a  specific  stress  without  undue 
concern  for  variable  flaw  distributions,  either  pre-existing  or  service-induced.  On  the  other  hand, 
the  same  microstructural  elements  responsible  for  improved  long-crack  toughness  can  have  a 
deleterious  effect  on  short-crack  properties,  such  as  wear  and  contact  fatigue.  It  was  important  to 
understand  the  subtle  interrelations  between  materials  characterization  and  T-curve 
micromechanics,  in  order  that  we  may  on  the  one  hand  be  able  to  establish  reliable  design  criteria 
and,  on  the  other,  tailor  "superior"  ceramics  with  maximum  resistance  to  degradation  and  damage 
accumulation,  especially  in  fatigue.  Our  principal  goal  was  to  investigate  these  interrelations. 

In  FY92,  we  focussed  on  toughness  and  strength  properties.  In  FY93,  our  focus  turned  to 
the  interrelation  between  toughness  and  fatigue,  particularly  in  contact  configurations.  In  FY94, 
we  continued  our  emphasis  on  fatigue,  and  examined  more  closely  the  role  of  material 
microstructure.  Our  results  may  be  summarized  as  follows: 
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(i)  We  completed  a  theoretical  analysis  of  T-curve  behavior  in  two-phase  ceramics,  including 
ceramics  designed  and  fabricated  in-house.  This  analysis  identified  particle  size,  volume  fraction, 
and  internal  thermal  expansion  anisotropy  stress,  as  key  microstructural  variable  in  the  toughness 
curve.  The  analysis  laid  down  guiding  principles  for  designing  ceramic  microstructures  with 
optimum  toughness  properties. 

(ii)  We  developed  a  simple  contact  fatigue  methodology  for  investigating  the  accumulation  of 
damage  at  stress  concentrations  in  tough  ceramics,  using  the  Hertzian  indentation  test  in  cyclic 
loading.  This  methodology  offers  several  advantages  over  traditional  long-crack  fatigue  testing, 
and  relates  strongly  to  the  stress  states  that  obtain  in  bearing  configurations. 

(iii)  We  carried  out  contact  fatigue  studies  on  several  model  ceramics,  notably  alumina  and  glass- 
ceramics,  to  investigate  the  nature  of  the  damage  incurred.  We  found  fundamental  departures  from 
the  classic  cone  fractures  that  form  in  homogeneous  brittle  materials.  Instead,  we  observed  a  new 
kind  of  damage,  shear-initiated  microfractures  in  a  distributed  zone  directly  beneath  the  contact 
area.  The  damage  thereby  occured  in  the  short-crack  region,  and  was  most  severe  in  those 
ceramics  that  show  the  highest  long-crack  toughness. 

(iii)  We  extended  the  toughness  evaluation  and  contact  fatigue  methodology  to  more  complex 
microstructures,  including  silicon  nitride  and  silicon  carbide  composites.  The  first  theoretical 
fracture  mechanics  models  were  developed  to  describe  the  fracture  damage  and  fatigue  processes, 
and  thus  to  establish  guidelines  for  designing  and  fabricating  ceramic  composites  for  optimum 
resistance  to  fatigue  in  concentrated  (e.g.  bearing)  stress  fields. 
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(2)  ACHIEVEMENTS 


Seventeen  papers  were  published  during  FY92-94.  The  work  in  these  papers  is 
summarized  by  the  following  abstracts,  and  the  papers  themselves  are  appended: 

Paper  1.  Ceramics  are  notorious  for  their  "brittleness",  i.e.  the  sensitivity  of  mechanical 
strength  to  flaws  on  the  microstructural  scale.  The  associated  notion  of  the  "critical  flaw"  has 
dominated  design  considerations  concerning  structural  reliability  and  materials  processing  of 
ceramic  components.  This  accounts  for  the  trend  over  the  last  decade  toward  a  processing  strategy 
of  eliminating  strength-degrading  flaws  at  source.  Here  we  propose  a  fundamentally  different 
approach,  that  of  processing  ceramics  with  crack-impeding  elements  integrated  into  the  indigenous 
microstructures,  such  that  any  pre-existing  or  service-induced  flaws  are  effectively  stabilized. 
Strength  data  on  a  tailored  alumina/aluminium-titanate  material  demonstrate  the  capacity  of  our 
approach  to  produce  simple  ceramics  with  unique  flaw  insensitivity. 

Paper  2.  An  in  situ  study  is  made  of  crack  interfaces  in  alumina  composites  reinforced  with 
silicon  carbide  whiskers  during  increasing  applied  loading.  Both  qualitative  observations  of  the 
whisker  bridging  micromechanisms  and  quantitative  measurements  of  the  crack  profile  are  made  to 
assess  the  specific  role  of  the  whiskers  on  the  toughness-curve  (T-curve  or  R-curve).  At  small 
crack-wall  separations  the  whiskers  act  as  elastic  restraints  to  the  point  of  rupture.  In  some  cases 
the  whiskers  remain  in  frictional  contact  with  the  alumina  matrix  over  large  pullout  distances,  up  to 
2  pm,  corresponding  to  a  bridging  zone  approaching  1  mm.  The  results  are  discussed  in  relation 
to  existing  models  of  whisker  reinforcement  and  published  long-crack  T-curve  data. 

Paper  3.  A  procedure  for  evaluating  short-crack  toughness  curves  (T-curves)  from 
quantitative  in  situ  observations  of  Vickers  indentation  cracks  during  stressing  is  described.  We 
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demonstrate  the  procedure  with  results  on  an  Al203-Al2Ti05  composite  with  strong  T-curve 
behavior  and  attendant  crack  stabilization  from  grain-localized-crack-bridging.  The  stabilization 
allows  the  material  to  tolerate  multiple  damage  accumulation  during  loading. 

Paper  4.  The  intergranular  phase  in  an  alumina,  containing  1  vol%  anorthite  glass,  was 
crystallized  in  order  to  enhance  internal  residual  stresses  within  the  microstructure.  The  influence 
of  crystallization  on  the  mechanical  behavior  was  investigated  by  the  indentation-strength  method. 
Such  crystallization  was  found  to  result  in  a  marked  improvement  in  the  flaw  tolerance  of  this 
alumina,  indicative  of  strong  R-  or  T-curve  behavior.  These  results  are  discussed  in  the  light  of  a 
theoretical  model  which  assumes  grain-localized  crack  bridging  to  be  the  predominant  toughening 
mechanism.  Particular  reference  is  made  to  the  influence  of  residual  stresses  and  interfacial 
properties  on  grain  pullout  across  the  crack  walls  in  the  wake  of  the  crack  tip. 

Paper  5.  To  determine  the  influence  of  volume  constraint,  the  crystallization  behavior  of  bulk 
anorthite  glass  was  compared  with  that  of  anorthite  glass  situated  at  intergranular  pockets  in  an 
alumina  ceramic.  Near  100%  crystallization  of  the  glass  was  obtained  in  both  cases.  Examination 
of  the  crystallized  microstructures  using  SEM  and  TEM  revealed  several  interesting  features.  The 
resulting  microstructures,  together  with  the  very  high  degree  of  crystallization,  are  discussed  with 
reference  to  a  thermodynamic  model  for  the  constrained  crystallization  of  glass. 

Paper  6.  An  objective  methodology  is  developed  for  evaluating  toughness-curves  (T-curves) 
of  ceramics  using  indentation  flaws.  Two  experimental  routes  are  considered:  (i)  conventional 
measurement  of  inert  strength  as  a  function  of  indentation  load;  (ii)  in  situ  measurement  of  crack 
size  as  a  function  of  applied  stress.  Central  to  the  procedure  is  a  proper  calibration  of  the 
indentation  coefficients  that  determine  the  /sT-field  of  indentation  cracks  in  combined  residual- 
contact  and  applied-stress  loading,  using  data  on  an  appropriate  base  material  with  single-valued 


toughness.  Tests  on  a  fine-grain  alumina  serve  to  demonstrate  the  approach.  A  key  constraint  in 
the  coefficient  evaluation  is  an  observed  satisfaction  of  the  classical  indentation  strength-load'*^ 
relation  for  such  materials,  implying  an  essential  geometrical  similarity  in  the  crack  configurations 
at  failure.  T-curves  for  any  alumina-based  ceramic  without  single-valued  toughness  can  then  be 
generated  objectively  from  inert-strength  or  in  situ  crack-size  data.  The  methodology  thereby 
circumvents  the  need  for  any  pre-conceived  model  of  toughening,  or  for  any  prescribed  analytical 
representation  of  the  T-curve  function.  Data  on  coarse-grained  aluminas  and  an  alumina-matrix 
material  with  aluminum  titanate  second-phase  particles  are  used  in  an  illustrative  case  study. 

Paper  7.  The  microstructures  of  alumina-aluminum  titanate  (A- AT)  composites  have  been 
tailored  with  the  intent  of  altering  their  crack-resistance  (R-  or  T-curve)  behavior  and  resulting  flaw 
tolerance.  Specifically,  two  microstructural  parameters  which  influence  grain-localized  crack 
bridging,  viz:  i)  internal  residual  stresses,  and  ii)  microstructural  coarseness  have  been 
investigated.  Particulate  aluminum  titanate  was  added  to  alumina  to  induce  intense  internal  residual 
stresses  from  extreme  thermal  expansion  mismatch.  It  was  found  that  A-AT  composites  with 
uniformly  distributed  20-30  vol%  aluminum  titanate  (“duplex”)  showed  significantly  improved 
flaw  tolerance  over  single-phase  alumina.  Coarsening  of  the  duplex  microstructure  via  grain 
growth  scaling  was  relatively  ineffective  in  improving  the  flaw  tolerance  further.  Onset  of 
spontaneous  microcracking  precluded  further  exploitation  of  this  scaling  approach.  Therefore,  an 
alternative  ^proach  to  coarsening  was  developed,  in  which  a  uniform  distribution  of  large  alumina 
grains  was  incorporated  within  a  fine-grain  A-AT  matrix  (“duplex-bimodal”),  via  a  powder 
processing  route.  The  duplex-bimodal  composites  yielded  excellent  flaw  tolerance  with 
steady-state  toughness  of  «8  MPa.m*^^.  A  qualitative  model  for  microstructure  development  in 
these  duplex-bimodal  composites  is  presented. 
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Paper  8.  Vickers  indentation  sites  in  ceramics  have  been  examined  after  specimen  failure 
from  median/radial  indentation  cracks.  Evolution  of  a  new  cracking  pattern  of  “ortho-lateral” 
cracks  originating  at  the  intact  comers  of  the  Vickers  indentation  and  ranning  orthogonal  to  the 
classic  lateral  cracks  and  parallel  to  the  new  fracture  surface,  has  been  observed.  In  some  instances 
post-failure  extension  of  the  classic  lateral  cracks  towards  the  surface  was  also  observed. 
Enhanced  residual  tensile  stress  from  relaxation  of  constraints  on  the  indentation-plastic  cavity  by 
the  generation  of  a  fracture  surface  is  postulated  to  drive  the  subsidiary  cracking.  A  simple 
qualitative  model  to  explain  this  phenomenon  is  presented.  Possible  implications  of  such  post- 
failure  subsidiary  cracking  on  residual-stress-driven  flaws,  post-mortem  fractography,  and  wear  in 
ceramics  are  discussed. 

Paper  9.  A  fracture  mechanics  model  is  presented  for  the  toughening  of  ceramics  by  bridging 
from  second-phase  particles,  resulting  in  toughness-curve  (f-curve)  behavior.  It  is  assumed  that 
the  second-phase  particles  are  in  a  state  of  residual  thermal  expansion  dilatational  mismatch  relative 
to  the  matrix.  In  the  long-crack  region  these  stresses  augment  frictional  sliding  stresses  at  the 
interphase  boundaries,  enhancing  the  crack  resistance;  in  the  short-crack  region  the  same  stresses 
drive  the  crack,  diminishing  the  crack  resistance.  The  principal  manifestation  of  these 
countervailing  influences  is  a  reduced  sensitivity  of  strength  to  initial  flaw  size,  i.e.  an  increased 
flaw  tolerance.  In  seeking  to  incorporate  these  key  physical  elements,  our  model  opts  for 
mathematical  simplicity  by  assuming  uniformly  distributed  stresses  in  two  bridging  domains:  in 
the  first,  at  small  crack-wall  separations,  a  constant  opening  stress;  in  the  second,  at  larger 
separations,  a  constant  closing  stress.  The  uniform  crack-plane  distributions  allow  for  simple 
closed-form  solutions  of  the  crack  /iT-field  equations,  and  thence  an  analytical  formulation  for  the 
r-curve.  Indentation-strength  data  on  a  “reference”  Al203/Al2Ti05  ceramic  composite  are  used  to 
demonstrate  the  main  theoretical  predictions  and  to  calibrate  essential  parameters  in  the  T-curve 
formulation. 
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Paper  10.  The  fracture  mechanics  analysis  of  Paper  I  is  here  extended  to  consider  the  effects 
of  volume  fraction  and  scale  of  second-phase  particles  on  the  toughness-curve  properties  of 
ceramic  matrix  composites.  Increasing  these  variables  enhances  the  flaw  tolerance  of  the  material, 
but  only  up  to  certain  limits,  beyond  which  bulk  microcracking  occurs.  These  limits  define 
domains  of  damage  accumulation  and  potential  strength  degradation  by  microcrack  coalescence.  In 
the  familiar  approximation  of  elliptical  crack-wall  profiles,  we  show  that  the  principal  effects  of 
increasing  volume  fraction  (or  expansion  mismatch)  and  particle  size  is  to  enhance  the  slope  and 
scale  of  the  T-curve,  respectively.  We  also  derive  expressions  for  the  microcracking  limits,  and 
use  these  expressions  to  construct  a  simple  design  diagram  for  characterizing  the  effects  of 
microstructural  variation  on  mechanical  behavior.  Indentation-strength  data  on  Al203/Al2Ti05 
composites  over  a  range  of  volume  fractions  and  particles  sizes  are  used  to  demonstrate  the  severe 
loss  in  mechanical  integrity  that  can  be  suffered  on  entering  the  microcracking  domains. 

Paper  11.  A  simple  Hertzian  contact  procedure  for  investigating  cyclic  fatigue  damage  in 
brittle  polycrystalline  ceramics  is  described.  Repeat  loading  of  a  spherical  indenter  on  a  coarse 
alumina  ceramic  produces  cumulative  mechanical  damage.  The  mode  of  damage  is  one  of 
deformation-induced  intergranular  microfracture,  leading  ultimately  at  large  numbers  of  cycles  and 
high  contact  pressures  to  severe  grain  dislodgement.  In  contrast  to  the  classical  Hertzian  cone 
cracks  that  form  in  more  homogeneous  materials  in  the  regions  of  tensile  stress  outside  the  contact 
circle,  the  damage  in  the  coarse- grain  alumina  develops  in  a  zone  of  high  shear  stress  and 
hydrostatic  compression  beneath  the  contact  circle.  The  fatigue  damage  is  evident  in  inert 
environments,  conffrming  the  mechanical  nature  of  the  process,  although  exposure  to  moisture 
accelerates  the  effect.  The  relatively  modest  degradation  in  failure  stress  with  number  of  repeat 
contacts  for  indented  flexure  specimens  suggests  that  conventional  strength  and  toughness  testing 
procedures  may  not  always  provide  sensitive  indications  of  the  extent  of  damage  that  can  be 
incurred  in  concentrated  loading. 
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Paper  12.  Flaw-tolerance  and  associated  toughness-curve  (r-curve)  characteristics  in 
SiC/glass  particle/matrix  composites  are  studied.  Two  glass  compositions,  chosen  to  produce 
composites  at  extremes  of  high  (H)  and  low  (L)  thermal  expansion  mismatch  relative  to  the  SiC 
particles,  are  investigated.  In  situ  observations  of  crack  extension  from  indentation  flaws  reveal 
widely  different  responses:  in  the  L  composite  the  path  is  relatively  undistorted  from  planar 
geometry,  with  trans-particle  fractures;  in  the  H  composite  the  path  deflects  strongly  around  the 
particles,  with  consequent  interfacial  bridge  formation  and  activity  in  the  crack  wake.  Surface 
fracture  patterns  produced  by  spherical  indenters  confirm  the  implied  transition  from  trans-particle 
to  inter-particle  fracture  with  increasing  internal  residual  stress,  and  point  to  a  potential  degradation 
in  sAorr-crack  properties  like  wear  and  fatigue.  Indentation-strength  measurements  also  show 
different  characteristics  in  the  two  composites:  minor  flaw  tolerance  in  the  L  material,  consistent 
with  a  single-valued,  “rule  of  mixtures’’  toughness;  major  tolerance  in  the  H  material,  consistent 
with  a  pronounced  T-curve.  The  T-curves  themselves  are  objectively  deconvoluted  from  the 
indentation-strength  data  for  each  composite  and  analyzed. 

Paper  13.  The  role  of  microstructural  scale  on  deformation-microfracture  damage  induced  by 
contact  with  spheres  is  investigated  in  monophase  alumina  ceramics  over  a  range  3  to  48  pm  in 
grain  size.  Measurement  of  a  universal  indentation  stress-strain  curve  indicates  a  critical  contact 
pressure  =*  5  GPa  above  which  irreversible  deformation  occurs  in  alumina.  A  novel  sectioning 
technique  identifies  the  deformation  elements  as  intragrain  shear  faults,  predominantly 
crystallographic  twins,  within  a  confining  subsurface  zone  of  intense  compression-shear  stress. 
The  twins  concentrate  the  shear  stresses  at  the  grain  boundaries  and,  above  a  threshold  grain  size, 
initiate  tensile  intergranular  microcracks.  Below  this  threshold  size,  classical  Hertzian  cone 
fractures  initiate  outside  the  contact  circle.  Above  the  threshold,  the  density  and  scale  of  subsurface- 
zone  microcracks  increases  dramatically  with  increasing  grain  size,  ultimately  dominating  the  cone 
fractures. 
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The  damage  process  is  stochastic,  highlighting  the  microstructural  discreteness  of  the  initial 
deformation  field;  those  grains  which  lie  in  the  upper  tail  of  the  grain-size  distribution  and  which 
have  favorable  ciystallographic  orientation  relative  to  local  shear  stresses  in  the  contact  field  are 
preferentially  activated.  Initial  flaw  state  is  not  an  important  factor,  because  the  contact  process 
creates  its  own  flaw  population.  These  and  other  generic  features  of  the  damage  process  will  be 
discussed  in  relation  to  microstructural  design  of  polyciystalline  ceramics. 

Paper  14.  A  new  processing  strategy  based  on  atmospheric  pressure  sintering  is  presented  for 
obtaining  dense  SiC-based  materials  with  microstructures  consisting  of:  (i)  uniformly  distributed 
elongate  shaped  a-SiC  grains  and  (ii)  relatively  high  amounts  (20  vol%)  of  second-phase  yttrium 
aluminum  garnet  (Y AG).  This  strategy  entails  the  sintering  of  P-SiC  powder  doped  with  a-SiC, 
AljOj,  and  YjOj.  The  AljOj  and  YjOj  aid  in  the  liquid-phase-sintering  of  SiC  and  form  in  situ 
YAG  which  has  a  significant  thermal  expansion  mismatch  with  SiC.  During  a  subsequent  grain- 
growth  heat  treatment  it  is  postulated  that  the  a-SiC  “seeds”  assist  in  controlling  in  situ  growth  of 
the  elongated  a-SiC  grains.  The  fracture  pattern  in  the  in  situ  toughened  SiC  is  intergranular  with 
evidence  of  copious  crack-wake  bridging,  akin  to  toughened  Si3N4  ceramics.  The  elongate  nature 
of  the  a-SiC  grains  together  with  the  high  thermal-residual  stresses  in  the  microstructure  enhance 
the  observed  crack-wake  bridging.  This  bridging  accounts  for  a  measured  twofold  increase  in  the 
indentation  toughness  of  this  new  class  of  in  situ  toughened  SiC  relative  to  a  commercial  SiC. 

Paper  15.  A  new  kind  of  irreversible  deformation  in  otherwise  brittle  ceramics  (specifically, 
silicon  carbide  and  micaceous  glass-ceramic)  has  been  observed  in  Hertzian  contacts.  The 
deformation  takes  the  form  of  an  expanding  microcrack  damage  zone  below  the  contact  circle,  in 
place  of  the  usual  single  propagating  macroaack  (the  so-called  Hertzian  cone  fracture)  outside.  An 
important  manifestation  of  this  deformation  is  an  effective  “ductility”  in  the  indentation 
stress-strain  response.  Control  of  the  associated  brittle-ductile  transition  is  readily  effected  by 
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appropriate  design  of  weak  interfaces,  large  and  elongate  grains,  and  high  internal  stresses  in  the 
coamic  microstnicture. 

Paper  16.  The  Hertzian  indentation  response  of  a  machinable  mica-containing  glass-ceramic  is 
studied.  Relative  to  the  highly  brittle  base  glass  from  which  it  is  formed,  the  glass-ceramic  shows 
evidence  of  considerable  “ductility”  in  its  indentation  stress-strain  response.  Section  views 
through  the  indentation  sites  reveal  a  transition  from  classical  cone  fracture  outside  the  contact  area 
in  the  base  glass  to  accumulated  subsurface  deformation-microfracture  in  the  glass-ceramic.  The 
deformation  is  attributed  to  shear-driven  sliding  at  the  weak  interfaces  between  the  mica  flakes  and 
glass  matrix.  Extensile  microcracks  initiate  at  the  shear-fault  interfaces  and  propagate  into  the 
matrix,  ultimately  coalescing  with  neighbors  at  adjacent  mica  flakes  to  effect  easy  material  removal 
The  faults  are  subject  to  strong  compressive  stresses  in  the  Hertzian  field,  suggesting  that  frictional 
tractions  are  an  important  element  in  the  micromechanics.  Bend-test  measurements  on  indented 
specimens  show  that  the  glass-ceramic,  although  weaker  than  its  base  glass  counterpart,  has 
superior  resistance  to  strength  degradation  at  high  contact  loads.  Implications  of  the  results  in 
relation  to  microstructural  design  of  glass-ceramics  for  optimal  toughness,  strength,  and  wear  and 
fatigue  properties,  are  discussed. 

Paper  17.  A  fracture  mechanics  model  of  damage  evolution  within  Hertzian  stress  rields  in 
heterogeneous  brittle  ceramics  is  developed.  Discrete  microcracks  generate  from  shear  faults 
associated  with  the  heterogeneous  ceramic  microstructure;  e.g.  in  polycrystalline  alumina,  they 
initiate  at  the  ends  of  intragrain  twin  lamellae  and  extend  along  intergrain  boundaries.  Unlike  the 
well-defined  classical  cone  fracture  that  occurs  in  the  weakly  tensile  region  outside  the  surface 
contact  in  homogeneous  brittle  solids,  the  fault-microcrack  damage  in  polycrystalline  ceramics  is 
distributed  within  a  subsurface  shear-compression  zone  below  the  contact.  The  shear  faults  are 
modelled  as  sliding  interfaces  with  friction,  in  the  manner  of  established  rock  mechanics 
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descriptions  but  with  provision  for  critical  nucleation  and  matrix  restraining  stresses.  This  allows 
for  constrained  microcrack  pop-in  during  the  loading  half-cycle.  Ensuing  stable  microcrack 
extension  is  then  analyzed  in  terms  of  a  /sT-tield  formulation.  For  simplicity,  only  mode  I  extension 
is  considered  specifically  here,  although  provision  exists  for  including  mode  n.  The  compressive 
stresses  in  the  subsurface  field  constrain  microcrack  growth  during  the  loading  half-cycle,  such 
that  enhanced  extension  occurs  during  unloading.  Data  from  damage  observations  in  alumina 
ceramics  are  used  to  illustrate  the  theoretical  predictions.  Microstructural  scaling  is  a  vital  element 
in  the  microcrack  description:  initiation  is  unstable  only  above  a  critical  grain  size,  and  extension 
increases  as  the  grain  size  increases.  Internal  residual  stresses  also  play  an  important  role  in 
determining  the  extent  of  microcrack  damage.  Implications  of  the  results  in  the  practical  context  of 
wear  and  fatigue  properties  ate  discussed. 
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Abstract 

Ceramics  are  notorious  for  their  ‘brittleness’,  Le.  the  sensitivity  of  mechanical 
strength  to  flaws  on  the  microstructural  scale.  Tbe  associated  notion  of  the  ‘critical 
flaw’  has  dominated  design  considerations  concerning  structural  reliability  and 
materials  processing  of  ceramic  components.  This  accounts  for  the  trend  over  the 
last  decade  towards  a  processing  strat^y  of  cHmination  strength-degrading  flaws  at 
source.  Here  we  propose  a  fundamentally  difierent  approach,  that  of  processing 
ceramics  with  crack-impeding  elements  int^iated  into  the  indigenous  microstruc¬ 
tures,  such  that  any  pre-existing  or  service-induced  flaws  are  effectively  stabilized. 
Strength  data  on  a  tailored  alumina/aluminium-titanate  material  demonstrate  the 
capacity  of  our  approach  to  produce  simple  ceramics  with  unique  flaw  insensitivity. 


Our  strategy  for  flaw  insensitivity  springs  from  recent  studies  on  the  strength 
properties  of  monophase  aluminas  and  o^er  common  ceramics,  using  indentations  to 
introduce  flaws  of  controlled  initial  size  (Cook,  Lawn  and  Fairbanks  1985,  Cook, 
Fairbanks,  Lawn  and  Mai  1987,  Bennison  and  Lawn  1989;  Chantikul,  Bennison  and 
Lawn  1990).  Figure  1  reproduces  data  for  strength  as  a  function  of  indentation  load  or 
corresponding  indentation  flaw  size  for  aluminas  of  two  extreme  grain  sizes,  2-S  and 
80  pm  (Chantikul,  Bennison  and  Lawn  1990).  Observe  that  the  coarser  material  has  a 
markedly  reduced  sensitivity  to  indentation  load,  Le.  has  a  greater  ‘flaw  tolerance’, 
albeit  at  the  cost  of  a  considerable  loss  in  strength  in  the  small  flaw  domain.  This  flaw 
tolerance  correlates  with  a  systematic  increase  in  toughness  as  the  crack  extends  from 
microstructural  to  macroscopic  dimensions,  widely  known  as  crack-resistance,  or 
R-curve,  behaviour  (Hubner  and  Jillek  1977,  Mai  and  Lawn  1986,  Bennison  and  Lawn 
1989).  (We  emphasize  that  the  data  points  in  fig.  1  represent  breaks  exclusively  from 
indentation  flaws,  so  the  plateau  at  low  load  reflects  the  intrinsic  toughness 
characteristics  and  not  a  ‘cutoff  from  natural  flaws.)  In  the  case  of  alumina-based 
ceramics  the  R-curve  is  due  to  bridging  behind  the  advancing  tip  by  interlocking  grains 
in  persistent,  frictional  sliding  contact  (Knehans  and  Steinbrech  1982,  Steinbrech, 
Knehans  and  Schaarwachter  1983,  Swanson,  Fairbanks,  Lawn,  Mai  and  Hockey  1987, 
Swanson  1988,  Steinbrech  and  Schmenkel  1988;  Vekinis,  Ashby  and  Beaumont  1990, 
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Fig.  1 


Indentation  Dimension  Oon) 


Plot  of  strength  versus  indentation  load  or  indentation  size  (indentation  diagonal  from  hardness 
impression)  for  alumina  at  two  extreme  grain  sizes.  Data  points  (from  Chantikul, 
Beimison  and  Lawn  1990)  represent  breaks  from  indentation  flaw  sites,  and  indicate 
standard  deviatkm  limits  ^Ud  corves  are  theoretical  fracture  mechanics  fits  to  bridging 
R-curve  theory  (Chantikul,  Bennison  and  Lawn  1990).  Shaded  areas  at  left  represent 
breaks  for  specimeru  without  indmtadon  flaws. 

Rodel,  Kelly  and  Lawn  1990).  There  is  a  loose  analogy  here  to  the  toughening 
mechanism  in  fibre-reinforced  composites.  Crack  extension  is  impeded  such  that 
microstnictural  flaws,  regardless  of  initial  size,  undergo  stable  extension  to  a  critical 
length  prior  to  failure.  In  fig.  1  the  solid  curves  are  data  fits  from  a  theoretical  fracture 
mechanics  analysis  of  the  bridging  R-curve  (Chantikul,  Bennison  and  Lawn  1990). 

The  above  results  suggest  that  flaw  insensitivity  in  ceramics  may  be  achieved  by 
judiciously  tailoring  the  microstructure.  However,  there  is  a  limit  to  the  benefits  that 
may  be  obtained  with  monophase  materials.  Increasing  the  grain  size  scales  up  the 
crack-opening  displacements  over  which  the  frictional  tractions  remain  intact, 
enhancing  the  R-curve.  It  also  scales  up  the  bridge  spacing,  enlarging  the  extent  flaws 
may  grow  before  bridges  are  activated.  The  net  result  is  a  tradeoff:  the  curves  in  fig  1 
cross  each  other.  An  alternative,  more  radical  route  suggested  by  bridging  theory 
(Bennison  and  Lawn  1989)  is  to  bufld  strong  internal  compressive  stresses  into  the 
microstructure  so  as  to  enhance  grain-grain  contacts  during  slide-out,  thereby 
augmenting  frictional  restraining  forces.  This  brings  us  to  our  hypothesis  for 
microstnictural  design  of  fine-grained,  flaw-tolerant  ceramics:  incorporate  heterogen¬ 
eities  into  the  matrix  using  a  second  phase  mth  large  thermal  expansion  mismatch. 

The  notion  manipulating  microstructures  for  high  toughness  through  additive 
phases  is  not  new  (Qaussen  1990).  What  is  is  the  specific  intent  of  taUoring  for  flaw 

tolerance.  Here  we  demonstrate  the  hypothecs  with  some  results  on  an  alumina  matrix 
containing  20vol%  aluminium  titanate  as  a  second  phase.  Aluminium  dtanate  was 
chosen  because  its  thermal  expansion  coeflSdents  show  extreme  anisotropy,  and  difier 
dramatically  from  those  of  alumina:  AI2O3  (hexagonalX  a,=9x  10~^°C~S 
a.=  10x  10“**C"^;  AljTiOs  (orthorhombicX  ot,=12x  10~*°C“S  ab=20 

X  10“*°C“S  —3  ^  10“®®C~‘  (Bayer  1971X  Fabrication  was  by  a  conventional 

pressureless  sintering  route  (Runyan  and  Bennison  1991X  A  colloid  suspension  of 
high-purity  powders  (a-AljOs,  Sumitomo  AKP-HP  grade,  99-995%  pure,  0-Spm 
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Fig.  2 


Scanning  electron  microgr^h  of  Al2O3/Al2‘nOs(20  vol%)  composite.  Polished  section,  surface 
thermally  etched  at  1490°C  for  6  min  in  air  to  reveal  gtain  structure.  Backscattered  . 
electron  imaging:  white  phase  Al2'nOs;  grey  ^lase  AljOj;  Mack  phase  porosity. 


Fig.  3 


SEM  micrograph  showing  bridging  in  Al2O3/Al2TiOs(20  vol%)  composite.  Observations  made 
during  stressing  of  indentation  crack  using  in  situ  flexural  loading  fixture.  Backscattered 
electron  image,  revealing  phase  structure.  Second  phase  attracts  and  deflects  the  primary 
crack,  thereby  establish^g  strong  friction  points  at  grain  facets  for  effective  bridging  As 
the  crack  advances,  more  bridges  are  activated,  thus  increasing  the  toughness  and 
stabilizing  the  cradc. 


crystallite^  P-AljTiOj,  Trans-Tech,  99-9%  pure,  1-5  pm  crystallites)  in  water  (pH  ~  3) 
was  dried,  and  formed  into  green  discs  by  single-end  die  pressing  (63  MPa)  followed  by 
isostatic  pressing  (350  MPa).  The  discs  were  calcined  in  air  at  1050°C  for  12  h  and 
sintered  at  IbOO^C  for  1  h,  to  produce  high-density  (>^99%  theoretical  limit)  specimens 
with  a  matrix  grain  size  of  6  ptn.  Figure  2  shows  the  mkrostructure.  The  material  has  an 
equiaxed  structure  with  the  aluminium  titanate  partides  distributed  mainly  at  the 
matrix  grain  boundary  junctions,  with  oocadonal  agglomerates  of  S-10  particles. 
Scanning  electron  microscopy  examination  of  extended  indentation  cracks  during 
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actual  loading  to  failure  (Braun,  Bennison  and  Lawn  1991)  revealed  evidence  for 
copious  grain-interlock  bridging  at  crack  interfaces.  The  example  shown  in  fig.  3 
indicates  that  the  aluminium  titanate  particles  play  a  highly  active  role  in  the  bridging 
process. 

Figure  4  plots  strength  versus  indentation  load  and  indentation  flaw  size  for  our 
‘composite’  materiaL  The  solid  curve  through  the  data  set  is  an  empirical  fit  For 
comparison,  we  include  as  the  dashed  curves  the  responses  for  the  two  homogeneous 
aluminas  in  fig.  1,  plus  the  interpolated  response  for  an  alumina  of  the  same  base  grain 
size  as  the  composite  (6  pm)  using  an  analysis  from  an  earlier  study  (Chantikul, 
Bennison  and  Lawn  1990).  The  strengths  of  the  composite  are  significantly  higher  than 
for  the  monophase  aluminas  in  the  large-flaw  size  domain,  although  this  is  offset 
somewhat  by  lower  strengths  in  the  small-flaw  size  domain.  Again,  the  trade-off  renders 
the  strength  of  the  composite  almost  completely  independent  of  the  flaw  size.  Note 
especially  that  the  strength  level  is  well  in  excess  of  that  for  the  coarsest  alumina, 
attesting  to  the  increased  eflUcacy  of  the  bridging. 

Flaw  insensitivity  is  a  highly  desirable  property  in  structural  ceramics  from  the 
standpoint  of  component  design.  Primarily,  it  enables  an  engineer  to  design  to  a  single, 
well-defined  stress  level,  without  regard  to  the  size  of  a  critical  flaw.  It  also  provides 
inbuilt  protection  for  the  component  against  in-service  damage  (e.g.  from  impacts  with 
errant  particles  in  the  atmosphere),  and  does  not  place  undue  onus  on  the  ceramics 
manufacturer  to  resort  to  unconventional,  expensive,  ultra-clean  processing  routes. 
The  implications  are  that  incorporation  of  heterogeneities  with  high  internal  stresses, 
properly  controlled  via  sintering  and  heat-treatment  processes,  can  suitably  modify  the 
microstructure  and  confer  great  benefits  on  strength  and  toughness  properties  of 
structural  ceramics.  A  special  attraction  is  the  likelihood  that  the  underlying  bridging 
process  responsible  for  the  flaw  tolerance  is  widespread  in  common  ceramics  (Swanson 
1988);  similar  tolerance  can  be  achieved  by  the  much  discussed  process  of  phase- 
transformation  toughening  (Garvic,  Harmink  and  Pascoe  1975,  Marshall  1986),  but 

Fig.  4 


Indentation  Dimension  (/xm) 


Plot  of  strength  versus  indoitation  load  for  alumina/aluminium-titanate  composite  (data  points, 
solid  curve).  Shaded  area  at  left  represents  breaks  for  specimens  without  indentation 
flaws.  Dashed  curves  for  alumina  oi  distent  grain  sizes  induded  for  comparison:  (A) 
2-S  pm  and  (C)  80pm,  from  fits  in  fig.  1;  (B)  6pm,  theoretical  prediction. 
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that  mechanism  has  thus  far  been  demonstrated  in  only  one  material,  zirconia.  Again, 
we  would  stress  that  our  strategy  is  counterintuitive  to  the  more  traditional  procedures 
that  seek  to  remove  all  flaws  by  progressively  refining  the  microstructure  (Lange  1983; 
Lange  and  Metcalf  1983,  Lange,  David  and  Aksay  1983,  Alford,  Birchall  and  Kendall 
1987,  Kendall,  Alford,  Clegg  and  Birchall  1989).  Those  procedures  certainly  produce 
materials  of  higher  laboratory  strength:  but  the  processing  is  exacting  and  costly;  the 
fine  scale  of  the  defect  structure  does  not  lend  itself  to  nondestructive  evaluation;  and, 
most  important,  the  materials  are  highly  susceptible  to  subsequent  in-service  strength 
degradation. 

The  future  challenge  is  to  tailor  heterogeneous  ceramics  which  preserve  the  quality 
of  flaw  insensitivity  displayed  here  and  at  the  same  time  attain  even  higher  strength 
levels. 
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In  Situ  Observations  of  Toughening  Processes  in  Alumina 
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An  in  situ  study  is  made  of  crack  interfaces  in  composites  of 
alumina  reinforced  with  silicon  carbide  whiskers.  Both 
qualitative  observations  of  the  whisker-bridging  micro¬ 
mechanisms  and  quantitative  measurements  of  the  crack 
profile  are  made  to  assess  the  speciflc  role  of  the  whiskers 
on  the  toughness  curve  (Ikurve  or  X-curve).  At  small  crack- 
wall  separations  the  whiskers  act  as  elastic  restraints  to  the 
point  of  rupture.  In  some  cases  the  whiskers  remain  in  fric¬ 
tional  contact  with  the  alumina  matrix  over  large  pullout 
distances  (more  than  1  /im)  corresponding  to  a  bridging 
zone  approaching  1  mm.  The  results  are  discussed  in  rela¬ 
tion  to  existing  models  of  whisker  reinforcement  and  pub¬ 
lished  long-crack  T-curve  data.  [Key  words:  bridging, 
composites,  cracks,  pullout,  toughness.] 

1.  Introduction 

The  incorporation  of  silicon  carbide  whiskers  (»!  tun  in 
diameter)  into  alumina  can  lead  to  considerable  toughen¬ 
ing.*'*'  A  typical  composite  shows  a  monotonic  toughness 
increase  (toughness  T-curve  or  crack-resistance  /?-curve)  rela¬ 
tive  to  »2.S  MPa  -  m'*^  for  the  base  alumina,  and  maximum 
reported  toughness  values  are  5  to  9  MPa  ■  m'**  (Refs.  8  to  11) 
depending  on  the  properties  and  volume  fraction  of  whiskers. 
It  is  generally  accept^  that  the  T-curve  mechanisms  involve 
some  form  of  crack-interface  bridging."  However,  the  precise 
nature  of  these  mechanisms  remains  an  issue  of  much  debate. 
Many  argue,  e.g.,  from  near-tip  observations  using  transmis¬ 
sion  electron  microscopy,"  *'  that  the  bridging  primarily  entails 
debonding  and  subsequent  elastic  deformation  of  the  whiskers 
to  abrupt  rupture  immediately  (within  20  /xm)  behind  the 
advancing  crack  tip.  Those  observations  have  been  used 
as  the  basis  for  most  micromechanics  modeling."  Few  efforts 
have  been  made  to  reconcile  such  small-scale  bridging  zones 
with  long-crack  T-curve  data  (typical  crack  extension  range 
slOO  fim  to  1  mm),"'"  e.g.,  by  invoking  an  artificially 
enhanced  “tail”  in  the  fiber-matrix  constitutive  stress- 
displacement  function  (associated  with  a  distribution  in 
whisker  strengths)  or  secondary  bridging  from  the  alumina 
grains  in  a  coarse-grained  matrix. 

In  this  communication  we  describe  the  results  of  some 
in  situ  experiments  on  crack  growth  in  fine-grained  alumina 
matrix  materials  reinforced  with  silicon  carbide  whiskers. 
The  fine  grain  size  minimizes  potential  bridging  from  the 
alumina  grains  themselves, in  order  that  we  may  investi- 
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gate  more  clearly  the  micromechanisms  of  whisker  toughen¬ 
ing.  Observations  of  whisker-bridging  sites  under  load  enable 
identification  of  these  micromechanisms  and,  together  with 
measurements  of  crack-opening  displacements  over  the  crack 
interface,  indicate  that  the  bridging  which  contributes  to  the 
toughness  can  indeed  occur  over  substantial  distances, 
i.e.,  up  to  1  mm  behind  the  crack  tip.  The  results  reveal 
the  following  features  in  the  whisker-toughening  process; 
(i)  a  considerably  greater  role  of  extended  whisker  pullout 
than  hitherto  proposed,  (ii)  identification  of  the  T-curve 
baseline  with  the  matrix  (grain  boundary)  toughness,  and 
(iii)  enhancement  of  the  bridge-formation  processes  from 
internal  residual  stresses. 

I.  Experimental  Procedure 

Two  composites  of  silicon  carbide  whiskers"  and  alumina 
powder*  were  hot-pressed  as  SO-mm-diameter  disks  at  1700°C 
for  1  h  at  a  pressure  of  42  MPa.  Composite  A  was  fabricated 
with  20  vol%  whiskers  that  were  0.3  to  0.6  /im  in  diameter 
and  5  to  IS  fim  in  length  and  composite  B  with  30  vol% 
whiskers  that  were  1.1  fim  in  diameter  and  50  fim  in  length. 
The  resultant  composites  achieved  a  density  >99%  with  a 
random  distribution  of  whiskers  (except  for  slight  alignment 
perpendicular  to  the  hot-pressing  direction)  in  matrices  of 
grain  size  1  to  2  jum. 

The  disks  were  surface  ground  to  1  mm  in  thickness  and 
one  surface  of  each  was  polished  with  diamond  paste  to  1-^m 
finish.  Compact  tension  specimens  with  a  notch  of  7  mm  in 
length  and  a  tip  radius  of  150  fim  were  sawed  from  the 
disks.'"  A  tapered  cut  was  made  ahead  of  the  notch  from  the 
back  (unpolished)  surface  to  produce  a  chevron  guide  =2  mm 
in  length.'"  This  latter  process  was  to  provide  extra  stability 
in  the  ensuing  crack  extension.  A  Vickers  indentation  flaw 
(load  50  N)  placed  immediately  ahead  of  the  notch  tip  in  the 
polished  surface  was  then  subjected  to  a  preliminary  load 
cycle  to  induce  pop-in.  The  notch  was  finally  resawed  through 
the  indentation,  leaving  a  starter  precrack  °=100  ^m  long. 

The  specimens  were  mounted  into  a  fixture  for  in  situ  ex¬ 
periments  in  the  scanning  electron  microscope  (SEM)'"  with 
the  polished  side  facing  the  electron  beam  for  direct  observa¬ 
tion  of  the  crack  trace.  Loads  applied  externally  to  the  speci¬ 
men  in  the  SEM  enabled  the  crack  to  be  stably  propagat^  (if 
sometimes  discontinuously)  for  distances  up  to  »1  mm  within 
the  chevron.  Individual  bridging  sites  were  monitored  during 
the  crack  growth.  Crack-opening  displacements  (COD)  were 
measured  behind  the  crack  tip,  to  determine  the  bridged 
interface  profiles.'" 

After  running  the  crack  through  the  chevron  the  specimens 
were  withdrawn  and  resawed  for  repeat  experiments. 
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Metals  Co.,  Richmond,  VA. 
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III.  Results 

(1)  Crack  Propagation  and  Whisker  Bridge  Evolution 

Specific  examples  of  whisker  bridging  sites  monitored  in 
the  SEM  are  shown  in  Figs.  1  and  2.  Generally,  the  fracture 
followed  an  intergranular  path  in  the  alumina  matrix  with 
markedly  abrupt  deflections  along  or  around  the  whiskers, 
although  not  always  exactly  along  the  whisker-matrix  inter¬ 
faces.  These  abrupt  deflections  appeared  to  be  a  most  effec¬ 
tive  precursor  to  bridge  formation.  A  majority  of  the  whisker 
bridges  ruptured  at  a  distance  <100  pm  behind  the  crack  tip, 
but  some  remained  active  over  much  greater  distances.  No 
detached  microcracking  at  whisker-matrix  interfaces  more 
than  a  few  grain  diameters  from  the  primary  crack  plane 
was  observed. 

Immediately  behind  the  crack  tip  the  walls  begin  to  sepa¬ 
rate,  but  the  whiskers  remain  mechanically  connected  across 
the  interface.  Figure  1(a)  shows  one  such  whisker  alO  ^m 
behind  the  tip,  i.e.,  in  the  range  ordinarily  considered  appro¬ 
priate  for  “elastic”  bridges.^  ’  Many  of  the  whiskers  observed 
in  our  materials  disengaged  from  the  matrix  within  this  range 
with  little  indication  of  pullout.  However,  the  particular 
whisker  in  Fig.  1(a)  remained  intact  prior  to  abrupt  rupture 
until  the  tip  had  progressed  «120  pm  beyond  the  site,  corre¬ 
sponding  to  a  COD  of  s3(X)  nm.  Other  bridges  showed  even 
longer  range  effects.  Figure  1(b)  shows  one  such  site  where 
the  debonding  and  stress  buildup  was  sufficient  to  cause  sec¬ 
ondary,  off-plane  matrix  fragmentation  around  the  embedded 
whisker  =350  pm  behind  the  crack  tip.  This  implies  a  long 
tail  to  the  bridging  stress-separation  function. 

An  even  more  striking  example  of  a  whisker  with  long- 
range  interaction  across  the  interface  is  shown  in  the  se¬ 
quence  of  Fig.  2.  In  this  case  the  whisker  is  located  only 
=70  /tm  from  the  mouth  of  the  extending  crack  (i.e.,  from  the 
notch  tip).  The  whisker  ruptures  well  away  from  the  crack 
plane  and  pulls  out  (in  apparently  sustained  frictional  contaa 
with  the  matrix  over  this  distance)  during  monotonic  loading, 
as  shown  in  Figs.  2(a)  to  (c).  The  whisker  is  slightly  inclined 
to  the  separation  plane  and,  therefore,  is  subjected  to  increas¬ 
ing  bending  stresses  during  its  pullout.  As  shown  in  Fig.  2(d), 
disengagement  is  =830  jum  behind  the  crack  tip,  correspond¬ 
ing  to  a  COD  =1  /tm.  The  now  unconstrained  whisker  rotates 
at  its  free  end,  so  that,  on  unloading  (Figs.  2(e)  and  (f))  the 
whisker  does  not  re-enter  its  “socket”  without  some  misfit, 
leaving  the  “closed”  crack  interface  in  a  residual  state  of  inter¬ 
nal  wedge  loading. 


(2)  Crack-Opening  Displacement  (COD) 

The  COD  measurements  at  the  loaded  crack  interfaces 
allow  us  to  construct  the  X'-field  plots  in  Fig.  3.  We  start  with 
the  Irwin  relation‘s  for  COD  in  terms  of  the  stress-intensity 
factor  K  and  coordinate  x  behind  the  crack  tip: 

u(x)  =  (8x/:r)“^(l  -  v^)K/E  (1) 

with  Young’s  modulus  E  =  400  GPa  and  Poisson’s  ratio 
V  =  0.25.  This  relation  may  reasonably  be  expected  to  hold  in 
the  r^ion  x  <  Ac  «  co  (recall  crack  extension  Ac  =  1  mm 
and  notch  length  Co  =  7  mm  in  our  experiments)  if  the  crack 
walls  are  stress  free  (i.e.,  zero  bridging).  In  reality,  the  bridg¬ 
ing  /f-field  acts  to  restrain  the  crack  walls  from  opening  as 
wide  as  Eq.  (1)  predicts. 

The  /l[m(x)]  data  points  shown  in  Fig.  3  are  accordingly 
obtained  by  inversion  of  Eq.  (1).  The  data  in  this  figure  indi¬ 
cate  the  X-field  an  “Irwin  ian”  observer  would  measure  on 
traversing  the  crack  plane  from  crack  tip  (x  =  0)  to  mouth 
(x  =  Ac).  At  X  =  Ac,  a:  =  5.1  MPa  m'^  is  an  approximate 
(under)estimate  of  the  unshielded,  applied  stress-intensity 
factor,  corresponding  to  the  limiting  toughness  at  the  long- 
crack  plateau  of  the  T-curve.  At  the  extrapolated  limit  x  -*  0, 
K  =  2.5  MPa  m''^  represents  the  shielded,  crack-tip  stress- 
intensity  factor  and  is  close  to  the  intrinsic  grain-boundary 
toughness  of  the  matrix  alumina.  This  extrapolated  value  lies 
well  below  the  minimum  (=5  MPa  •  m‘^)  measured  by  more 
conventional  T-curve  methods.*'"  We  note  that  the  X-field  is 
slightly  greater  for  material  B,  i.e.,  the  material  with  the 
higher  density  of  coarser  fibers.  We  also  note  that  the  /f-field 
increases  up  to  x  =  5(X)  pm,  indicating  a  broad  bridging  zone 
and  a  corresponding  long-range  T-curve.'** 

IV.  Discussion 

The  present  in  situ  observations  enable  us  to  identify  more 
closely  the  bridging  micromechanics  of  silicon  carbide- 
whisker  reinforcement  in  an  alumina  matrix,  and  to  ascertain 
the  range  of  the  bridging  zone. 

For  the  bridging  micromechanics,  we  see  evidence  for  the 
short-range  elastic  component  proposed  in  most  analytical 
models.*  Local  matrix  stress  is  transferred  to  the  progres- 


'A  complete,  self-consistent  analysis  of  the  profile  over  the  bridging  zone 
is  a  complex  numerical  procedure, requiring  (among  other  things)  knowl¬ 
edge  of  the  complete  bridging-stress-separation  function. 


(a)  (b) 


In  situ  SEM  micrographs  of  bridging  silicon  carbide  whiskers  in  alumina  for  material  B  (crack  direction  downward), 
(a)  Elastic  bridge  (central  whisker)  10  /zm  behind  crack  tip.  Note  strong  deflections  at  this  bridge,  not  exactly  along  the  whisker- 
matrix  interface,  (b)  Mechanically  interlocked  whisker  350  pm  behind  the  crack  tip.  Note  adjoining  microfracture  in  surrounding  matrix  at 
Mdge  site. 
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Fig.  2.  In  situ  SEM  sequence  showing  evolution  of  bridge  whisker  pullout  for  material  A  (crack  direction  downward).  Distance  x  behind 
crack  tip  and  force  F  on  compact-tension  load  points:  (a)  X  =  100  41m,  P  =  167N:(b)x  =  110  Atm,/*  =  209N;(c)x  =  3^0  urn, P  =  213  N;  (d) 
X  *  830  Atm,  P  =  233  N;  (e)x  =  830  Atm,  P  =  101  N;  and  (f)x  =  830  Atm,  F  =  0  N. 


sively  debonding  whisker,  until  abrubt  rupture  occurs 
(whisker  or  matrix  or  both)  in  the  near-crack  plane.  This  rup¬ 
ture  occurs  most  frequently  at  distances  x  <  1(X)  Asm  from  the 
crack  tip  in  our  materials,  with  attendant  energy  dissipatitm  by 
acoustic  waves.  However,  in  many  instances,  such  as  in  Fig.  1, 
the  rupture  point  is  located  much  farther  behind  the  crack  tip 
than  previously  supposed. 

However,  even  these  unusually  strong  elastic  bridges  can¬ 
not  account  for  the  crack  extension  range  of  1  mm  or  so  that 
are  apparent  in  the  reported  T-curve  measurements.**"  Addi¬ 
tionally,  as  may  be  deduced  from  indentation-flaw  studies,'^ 
the  alumina  grain  size  (>2  A^m)  is  far  too  small  for  a  signiH- 
cant  contribution  from  matrix  grain-grain  interlocking.  Any 
explanation  would  require  the  extended  cracks  in  our  experi¬ 


ments  to  be  bridged  over  their  entire  lengths.  Figure  2(c), 
where  the  bridge  site  remains  active  some  330  A^m  behind  the 
crack  tip,  demonstrates  the  viability  of  such  an  extensive 
zone.  An  essential  ingredient  of  persistent  bridge  activity  is 
the  substantial  pullout  that  can  occur  well  after  whisker  rup¬ 
ture.  Although  such  pullout  bridges  constitute  only  a  small 
fraction  (perhaps  1  in  20)  of  observed  sites  in  our  observa¬ 
tions,  and  the  ensuing  frictional  tractions  are  unlikely  to  be  as 
intense  as  those  that  build  up  at  the  rupture  point,  the  tough¬ 
ness  may  be  considerably  enhanced  by  the  relatively  large 
crack-wall  separation  over  which  energy  can  be  dissipated 
(corresponding  to  a  large  area  under  the  stress-separation 
function).  This  frictional  component  of  the  work  expendi¬ 
ture  may  be  further  augmented  by  enhanced  wall-contact 
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Fig.  3.  /k-field  evaluated  from  crack-opening  displacements  along 
crack  interface  in  silicon  carbide-whisker-reinforced  alumina  for 
materials  A  (closed  symbols)  and  B  (open  symbols).  Cracks  remain 
bridged  (hatched  region  in  schematic)  in  propagation  through 
Ac  ■>  KKX)  ^m  (notch  length  co  =  7  mm).  Data  points  are  /f-fidd 
evaluations  from  in  verted  form  of  Irwin  relation  (Eq.  (1)). 


stresses  associated  with  the  oblique  pullout  in  Fig.  2.'*''' 
On  the  other  hand,  the  resulting  bending  moments  on  the 
bridges  could  cause  premature  failure  of  the  whisker  or 
matrix,  e.g..  Figs.  1(b)  and  2(d),  in  part  negating  some  of  the 
potential  tenefits. 

The  importance  of  long-range  whisker  pullout  interactions 
is  also  reflected  in  the  measured  crack-interface  profile.  We 
see  from  the  COD  data  in  Fig.  3  that  the  transition  from 
crack  tip  to  far-field  bounding  /f-fields  occurs  most  rapidly 
between^  =  0  to  3(X)  /tm,  and  more  slowly  thereafter  between 
X  »  300  to  1000  fim.  This  implies  a  bridging  stress-separation 
function  with  rapid  falloff  from  a  strong,  short-range  peak 
into  a  weak,  long-range  uil. 

In  this  context,  we  may  note  some  implications  in  our  ob¬ 
servations  concerning  fatigue.  On  unloading  the  crack  the 
bri(%es  are  unlikely  to  restore  to  their  original  configuration 
at  the  interface,  e.g..  Fig.  2.  At  the  very  least,  this  may 
be  expected  to  prevent  complete  closure,  with  resultant 
enhancement  of  the  mean  crack-tip  #k-field  during  cyclic 
loading.”  More  importantly,  the  brit^es  may  suffer  progres¬ 
sive  and  irreparable  damage,  thereby  degrading  the  intrinsic 
toughening  processes  and  reducing  the  lifetime.^' 

Ws  reemphasize  that  the  COD  measurements  provide  a 
more  accurate  measure  of  the  lower  limit  of  the  T-curve  than 
do  conventional  fracture  mechanics  techniques.  These  latter 
techniques  are  restricted  by  the  scale  of  the  pop-in  starter 
cracks  (typically  1(X)  urn)  used  in  the  crack  extension  meas¬ 
urements.  Here,  extrapolation  of  our  data  to  the  crack  tip 
(x  “  0)  in  Fig.  3  yields  K  *»  2.5  MPa  •  m''^,  corresponding 
to  the  grain-boundary  toughness,  whereas  the  more  con¬ 
ventional  fracture  mechanics  methods  are  generally  unable 
to  obtain  data  below  K  5  MPa  •  m*'^.*'" 

Finally,  we  may  recall  our  observations  in  Section  1(1)  of 
markedly  abrupt  crack  deflections  in  the  proximity  of 


whiskers.  Such  behavior  may  be  attributed  to  either  weak 
interphase  boundaries  or  strong  local  internal  stresses.  Recall 
again,  however,  that  the  deflections  do  not  always  occur 
exactly  along  the  whisker-matrix  interfaces  (Fig.  1(a)).  Direct 
measurements  of  internal  stresses  in  our  composites  using 
neutron  diffraction  techniques  reveal  substantial  thermal 
expansion  mismatch  stresses  in  the  alumina  (» 4-200  MPa 
in  composite  A  and  4-430  MPa  in  composite  B)  and  silicon 
carbide  (==-1330  MPa  in  composite  A  and  -1050  MPa  in 
composite  B).'^  We  conclude  that  residual  stresses  play  an 
important  role  not  only  in  the  energetics  but  also  in  the 
formation  of  bridging,  by  enhanced  crack  deflection. 
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SHORT-CRACK  T-CURVES  AND  DAMAGE  TOLERANCE  IN 
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Engineering  Laboratory,  National  Institute  of  Standards  &  Technology, 
Gaithersburg,  MD  20899 


ABSTRACT 

A  procedure  for  evaluating  short-crack  toughness  curves  (T-curves)  from 
quantitative  in  situ  observations  of  Vickers  indentation  cracks  during  stressing  is 
described.  We  demonstrate  the  procedure  with  results  on  an  Al203-Al2Ti05 
composite  with  strong  T-curve  behavior  and  attendant  crack  stabilization  from 
grain-localized-crack-bridging.  The  stabilization  allows  the  material  to  tolerate 
multiple  damage  accumulation  during  loading. 


INTRODUCTION 

Rising  toughness  with  crack  extension  (T-curve  or  /{-Curve)  undeiiies  the 
mechanical  properties  of  many  ceramic  materials  [1-5].  Two  issues  are  central  to 
optimizing  the  T-curve  characteristics  for  structural  applications.  The  first 
involves  identification  and  manipulation  of  the  microstructural  parameters  that 
ctmtrol  the  T-curve.  The  second  involves  evaluation  of  the  T-curve  in  the  “short- 
crackT  domain,  i.e.  on  a  scale  comparable  to  the  microstructure.  The  short-crack 
T-curve  controls  the  strength  [1,5,6],  flaw  soisitivity  [1,5,6],  and  reliability  [5]  of 
ceramics  and  is,  therefore,  hi^y  pertinent  to  en^neering  d^gn. 

In  this  psq)er  we  present  a  strategy  for  improving  the  T-curve  properties  of 
Al203-based  ceramics  through  enhancement  of  residual  thermal  expansion 
(T^)  mismatch  stresses  via  incorporation  of  a  second  phase,  ^Al2'nOs.  These 
stresses  augment  the  frictional  gram-bridging  mechanic  responsible  for  the  T- 
curves  and  associated  flaw  tolerance  in  ^203  (and  many  other  nontransforming) 
ceramics  [7-9].  We  describe  a  procedure  for  evaluating  the  short-crack  T-curve 
from  quantitative  in  situ  observations  of  Vickers  indentation  cracks  during 
stressing  [10],  in  conjunction  with  in(k»tation->strength  data  [9],  on  the  tailored 
Al203-Al2'n05  composite. 
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EXPERIMENTAL 


The  Al2C)3-Al2'nQ5  composite  was  fabricated  by  pressureless  sintering 
[8].  A  colloidal  suspension  of  high  purity  powders  (a-Al203,  Sumitomo  AKP- 
HP  grade,  99.995%  pure,  0.5  p.m  crystj^tes;  p-A^TiOf,  Trans-Tech.,  99.9% 
pure,  1-5  lim  crystaWtes)  in  water  (pH  ~3)  was  dried  and  formed  into  green 
disks  by  single-end  die  pressing  (63  MPa)  in  high-purity  graphite  follow^  by 
wet-bag  isostatic  pressing  (350  M^).  The  disks  were  calcined  in  air  at  1050*’C 
for  12  &  and  sintered  at  1600^C  for  1  hr.  The  density  was  measui^  using  the 
Archimedes  method  [1 1],  and  grain  size  uring  a  linear  intercept  tedinique  [12]  on 
thermally  etched  (1490°C  6  min.  air)  polished  sections. 

The  sh(Ht-crack  T-curve  characteristic  of  the  composite  was  determined 
from  quantitative  observations  of  crack  growth  from  a  Vickrars  indentation  during 
loading  [6,13-15].  This  was  acctMnplisl^  using  a  custom-made  biaxial  stressing 
fixture,  punch  (diam  6mm)  on  six-ball  support  (diam  23mm).  A  force  was 
tq^lied  using  a  piezoelectric  translator  and  measured  using  a  strain  gage  load  cell 
fixture  could  be  placed  <mi  an  inverted  optics  microscope  with  long  working- 
distance  lenses,  or  in  a  scanning  electron  microscope  (SEM).  Crack  evolution 
and  crack-microstructure  intetactions  were  t£q)ed  on  '  video  cassette  recorder. 
The  experimental  procedure  consisted  ofi  0)  indratiug  the  center  of  a  polished 
disk  (<fiam  30mm,  thickness  4mm)  at  a  specified  peak  contact  load  (20-300  N); 
(ii)  coveting  the  indentation  site  with  a  drop  of  dry  silicone  oil  and  a  glass  cover 
slide  fix’  optical  imaging;  (ui)  loading  the  ^)edmen  and  simultaneously  recording 
the  appli^  stress  (calculate  from  the  force  and  geometry  using  thin-plate 
formulas)  and  crack  growth  during  evolution  to  failure;  0v)  measuring  the  crack 
lengths  at  jump  and  arrest  points  during  loading  directly  from  the  video  tape. 

Indentation-strength  tests  were  carried  out  using  a  universal  testing 
machine,  to  determine  the  flaw  tolerance  characteristics.  Vickers  indentations  at 
specified  loads  were  made  in  the  center  of  each  polished  specimen  (diam  20mm, 
tUckness  3mm).  The  dirits  were  broken  in  biar^  flexure  using  a  punch  (diam 
^mn)  on  three-ball  support  (diam  15mm).  These  tests  were  conducted  with  a 
drop  of  dry  silioone  oil  on  the  indentation  site  and  broken  in  fast  loading  (<10  ms) 
to  maintain  *iiiert”  conditions.  Post-mortem  examinations  were  made  of  aU 
broken  specimens  to  confirm  failure  initiation  from  the  indentation  sites.  A 
minimum  of  4  specimens  per  contact  load  were  fractured.  Comparative  in  situ 
and  strength  tests  were  also  carried  out  on  a  control  fine-gram  (6  pm)  AI2Q3. 


RESULTS 

Figure  1  shows  the  microstructure  of  the  Al2C)3-Al2Ti05  (20  voL%) 
composite.  The  riiicrostracture  has  a  density  >99%  and  a  matrix  grain  rize  of  6 
pm.  Ihe  grain  structure  is  equiaxi^  widi  the  AI2IIOS  particles  distributed  mainly 
at  die  matrix  grain  boundaries,  with  occasional  clust^  of  5-10  particles.  These 
clusters  are  pr^ably  rmnnant  agglomerates  from  the  starting  powder. 


The  indentation  crack  pattens  in  the  composite  were  well  formed  at  all 
indentation  loads.  During  stressing  both  of  Uk  mutually  orthogonal  radial  cradc 
systems  were  observed  to  extend  ^ably,  with  disoete  jumps.  At  approxiinatdy 
80%  of  die  failure  stress  one  set  of  radial  oiadcs  b^an  to  mctend  at  ^  expense  of 
the  other.  The  total  extension  of  this  dominant  set  relative  to  the  initial  crack 
length  exceeded  die  factor  2JS  characteristic  of  indentation  flaws  in  materials  widi 
sin^-valued  tou^iness.  Such  enhanced  extmiaon  indicates  the  presence  of  an 
additional  stabilimg  contribution  (i.e.  above  and  beyond  diat  of  the  residual 
contact  field)  to  the  oack-t^  JT-fidd  [1,546],  conristent  widi  a  rising  T-curve. 

The  in  situ  testing  fixture  also  facilitated  detailed  observations  of  cradc- 
microstrocture  interactions  in  die  SEM.  Examinations  of  extended  cracks  during 
loading  to  failaie  revealed  evidence  for  ct^ous  grain-intedock  bridging  at  oack 
interfaces.  Hgure  2  indicates  diat  the  AI2TIQ5  partides  play  a  highly  active  role  in 
the  bridging  process  responsible  for  die  strong  T-curve  in  this  mainial  [5,7,9]. 

The  stabiluation  imparted  by  the  T-curve  is  strong  enough  to  allow  die 
devdopment  of  multiple  macro-crack  systems  from  natural  flaws  in  the  tensile 
surface  of  the  specimeiL  Figure  3,  an  optical  micrograph  recorded  at  slight 
overfocus,  reveals  the  presence  of  general  daniage  in  the  form  of  multiple 
cradcs”,  te.  cradrs  typically  30-3M  grain  diametos  in  length.  The  incidence  of 
these  cracks  corresponded  to  a  significant  nonlinearity  in  the  measured  load- 
deflection  curve  in  this  material  [8];  intraactions  with  the  macro-crack  damage 
therefore  influences  the  straigth  and  damage  tolerance  characteristics.  Failure  of 
the  specimen  neverdieless  still  occurred  from  the  indentation  cracks.  In 
unindented  specimens,  strength  is  controlled  by  percolation  of  the  macro^:racks. 


Flgore  1  SEM  micrograph  (backscattered)  of  the  Al203~Al2Ti0s  (20voL%) 
composite.  White  phase  AI2TIO5;  grey  pha^  A12Q3;  bliik  phase  porosity. 


Figure  2  SEM  mioogi::^  (backscatteied  decttons)  of  a  loaded  indeatation  cnu;k 
showing  bridging  in  Al203-Al2Ti05  composite.  B  maiks  grain-grain  bridge 
sites. 


Figure  3  Optical  micrograph  (bright  field)  of  damage  in  Al203-Al2TiOs 
composite.  Multiple  cracks  are  present  and  st^le  during  loading.  Tte  image  is 
delibaately  overfocused  to  enha^  contrast 


T-CURVE  ANALYSIS  AND  STRENGTH 


The  r-curve  is  detennined  from  the  stress-intensity  field  governing 
^wtfa  of  indratadon  cracks  subject  to  microstructural  closure  forces.  The  crack- 
tip  J^-field«  K*,  as  a  function  of  radial  crack  aze  c  is  [1,5-7] 

i5:.(c)=/(:A+Js:R+A;, 

=  VaACl/2  +  x/>/c3/2+J^(c)  =  ro  (1) 

at  equilibrium.  ISTa  is  the  stress-intensity  fitctor  associated  with  the  applied  stress 
field  Ca^  ^  the  residual  contact  ^Id  at  an  indentation  load  /*,  and  Ku  widi 

microstructural  shielding  (the  source  of  the  T-curve);  tjf  =  0.75  [IC]  is  a 
gernnetEical  coefficient  th^  characterizes  tt»  hadf-p»my-l^  crack  configuration, 
and  X  ==  0.076  [10]  is  a  coefficient  that  characterizes  tte  intensity  of  the  residual 
contact  field;  To  is  the  intrinsic  material  toughness,  govern^  by  the  grain 
boundary  fracture  raergy  for  intergranular  fiachire.  ^n.  1  may  be  transposed 
into  a  form  ^ropriate  to  a  “globaT  (Lol  externally  measured)  ^-field 

f 

KM  =  voacI^  +  xPIc^ 

=  To  -  K^ic)  =  To  +  r^(c)  =  Tie)  (2) 

where  KJiic)  is  an  effective  applied  stress-intenrity  factor,  TjiCc)  =  -ilTuCc)  is  a 
shielding  toughness  tom,  and  7(c)  defines  the  T-curve.  Measurements  of  Oa 
and  c  at  ^ven  load  P  are  substituted  into  Eqn.  2  to  evaluate  7(c). 

A  quantitative  evaluation  of  the  short-crack  T-curve  for  our  composite 
matraial  is  accordingly  presented  in  fig.  4.  Tbe  (Ta(c)  data  used  in  this  evaluation 
w^  takoi  before  t^  onset  of  nonlin^  load-deflection  behavior.  The  toughness 
increases  monotonically  from  1.8  MPa.mt/2  at  c  «  100  ^m  to  ND’a.mt^ 
at  c  «  2  mm.  The  maximum  measured  toughi^ss  does  not  achieve  the  steady- 
state  value  r  «  9  MPa.mt^  estimated  fiom  long-crack  (  di^-compact-tension 
geome^)  measurements  [17].  Note  that  the  initial  toughness  falls  bdow  the 
intrinsic  toughness  for  a  fine-grain  control  AI2O3,  To  =  2.75  MPajnt/2  [7,18]. 
At  very  small  crack  sizes  local  residual  tmsile  TEA  stresses  drive  crack  growA 
(T  <  To);  at  large  crack  sizes,  closure  stresses  from  bridging  dominate,  and 
inhibit  growdi  (T  >  T^. 

The  pronounced  crack  stabilization  imparted  by  die  strong  T-curve  in  the 
^203-‘Al2TlC)5  composite  is  evident  in  the  indentation-strength  response  shown 
in  fig.  5.  The  strm^  of  the  composite  is  rdatively  insensitive  to  indratation 
load,  and  shows  a  nuuked  deviation  from  die  ideal  P-^  bdiavior  for  die  control 
AlzC^  [6,16,18].  In  contrast  to  the  composite,  Ae  control  mahaial  is  M^y  fiaw- 
senritive,  with  rdativdy  low  strmgths  in  the  domain  of  intennechate  cracla  (high 
indentatiem  loads). 


Figure  4  7-curve  of  Al203-Al2Ti0s  composite  as  evaluated  by  in  situ 
observations  of  Vickers  indratation  cracks  (P  s  20, 30, 100, 200, 3001^  during 
loading.  The  baseline  toughness  To  -  2.75  MPajnt^  is  for  fine-grain  control 
AI2O3. 


Indentation  Load,  P  (N) 


Figures  Plot  of  Cm(^  for  Al20r~Al2TlQs  composite  and  control  AI2Q3.  The 
composite  shows  superior  flaw  tolerance. 


27 


We  have  shown  that  optimization  of  grain-localized  crack  bridging  m 
AI2O3  can  be  achieved  by  incorporation  of  an  Al2Ti05  second-phase,  via 
wihancftment  of  local  TEA  stiesses.  The  attendant  crack  s^iUzation  yields  a 
composite  that  is  highly  damage  resistant  (fig.  3),  with  strong  T-curve 
characteristics  (fig.  4)  and  high  flaw  tolerance  (fig.  5).  With  lega^  to  the  T- 
curve  in  fig.  4,  scatter  in  the  in  situ  data  arises  from  uncotainties  in  crack-size 
measurements,  and  from  crack-size  variations  in  the  crack-geometry  and 
inde-ptafion  coefilcients  i)r  [14]  and  x  [1^*  Slow  crack  growth  can  alM  lead  to  an 
iiiMt<»»fPierimatift  of  the  toughness  level  [10].  The  data  tan^  u^g  indentation  flaws 
is  limited  by  the  contact  loads  at  which  well-formed,  dominant  radial  crack 
systems  are  obtainable.  Notwithstanding  these  qualifications,  the  in  situ  tedlmique 
presents  itsdf  as  a  powerful  means  of  T-corvc  evaluation  in  the  critical  short- 
cadk  reptm  that  determines  strengdi  and  other  (e.g.  wear)  properties  of  structural 
ceramics;  and,  moreover,  provides  valuable  information  on  the  crack- 
microstTUCture  interactions  fimdamentally  re^nsible  for  die  7-curve. 
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improved  Flaw  Tolerance  in  Alumina  Containing  1  vol% 
Anorthite  via  Crystallization  of  the  Intergranular  Glass 


Department  of  Materials 


The  intergranular  phase  in  an  alumina  containing  1  vol% 
anorthite  glass  was  crystallized  in  order  to  enhance  internal 
residual  stresses  within  the  microstructure.  The  influence  of 
crystallization  on  the  mechanical  behavior  was  investigated 
by  the  indentation-strength  method.  Such  crystallization 
was  found  to  result  in  a  marked  improvement  in  the  flaw 
tolerance  of  this  alumina,  indicative  of  strong  R~  or  T-curve 
behavior.  These  results  are  discussed  in  the  light  of  a  theo* 
retkal  model  which  assumes  grain-localized  crack  bridging 
to  be  the  predominant  toughening  mechanism.  Particular 
reference  is  made  to  the  influence  of  residual  stresses  and 
interfacial  properties  on  grain  pullout  across  the  crack 
walls  in  the  wake  of  the  crack  tip.  (Key  words:  alumina, 
anorthite,  crystallization,  microstructure,  ^-curve.] 


I.  Introduction 

IT  IS  now  well  established  that  crack  resistance  (commonly 
referred  to  as  I?-  or  T-curve)  behavior  in  alumina-based 
and  some  other  nontransforming  ceramics  results  from  the 
miaostructural  crack  tip  shielding  process  of  grain-localized 
crack  bridging.'’*  Such  /f-curve  behavior,  in  which  the  tough¬ 
ness  increases  with  the  crack  length,  ari.ses  from  frictional 
tractions  associated  with  the  pullout  of  intact  grains  (bridges) 
in  the  wake  of  an  advancing  crack  tip.^  One  of  the  most 
important  consequences  of  a  rising  T-curve  is  the  stabilization 
of  crack  growth,  in  that  the  initial  flaw  undergoes  stable 
extension  several  times  its  original  dimension  prior  to  failure. 
This  imparts  the  ceramic  with  the  highly  desirable  property  of 
“flaw  tolerance,”  i.e.,  it  exhibits  a  strength  which  is  relatively 
insensitive  to  the  initial  flaw  size  or  subsequent  in-service 
damage.^ 

The  bridging  process  has  been  theoretically  modeled 
in  which  the  grain-bridging  elements  are  considered  to 
be  “clamped”  within  the  matrix  by  compressive  in¬ 
ternal  residual  stresses  arising  from  thermal  expansion 
anisotropy/mismatch.*’  More  generally,  various  models  have 
been  developed  which  describe  the  incremental  toughening  in 
terms  of  microstructural  parameters,  such  as  grain  size,  internal 
residual  stresses,  and  sliding  friction  coefficient.^*'"  Since 
these  microstructural  parameters  which  affect  the  bridging 
process  would  be  expected  to  have  a  marked  effect  on  the 
T-curve  behavior,  the  potential  exists  for  tailoring  of  the 
ceramic  microstructure  for  enhanced  flaw  tolerance.  In  several 
instances,  this  has  indeed  been  shown  to  be  the  case.  For 
example,  some  researchers  have  demonstrated  that  an  increase 
in  the  grain  size  of  single-phase  aluminas  results  in  an 
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improvement  in  the  degree  of  flaw  tolerance.^  '^  This  result 
has  been  interpreted  as  a  direct  consequence  of  the  larger  grain 
size  resulting  in  an  increase  in  both  the  size  of  the  crack  wake 
over  which  bridging  is  active,  and  the  bridge  pullout  distance. 
A  similar  effect  of  grain  size  was  obtained  for  liquid-phase- 
sintered  (LPS)  aluminas. Other  parameters  of  interest  are 
those  which  influence  the  magnitude  of  residual  stresses  in  the 
micTOstnicture,  as  this  is  thought  to  control  the  clamping  forces 
against  which  the  bridges  pull  out.  In  single-phase  alumina,  the 
magnitude  of  the  grain  boundary  residual  stresses  is  limited 
by  the  degree  of  thermal  expansion  anisotropy.  By  adding  a 
second  phase  of  different  thermal  expansion  coefficient,  it  is 
possible  to  further  enhance  the  residual  stresses  and  hence 
the  flaw-tolerant  behavior.  This  has  been  dearly  demonstrated 
in  the  case  of  alumina-aluminum  titanate  composites,  where 
the  thermal  expansion  behavior  of  aluminum  titanate  is  both 
extremely  anisotropic  and  shows  significant  mismatch  with  the 
alumina  matrix.’  '-''''* 

Another  (related)  approach  is  to  incorporate  a  continuous 
grain  boundary  second  phase,  as  opposed  to  discrete  par¬ 
ticles  (as  in  the  case  of  alumina-aluminum  titanate).  'hiis 
could  be  achieved,  for  example,  by  devitrification  of  a  glassy 
grain  boundary  phase  in  LPS  aluminas.  It  would  appear 
that  commercial  aluminas  might  be  readily  amenable  to  this 
approach,  since  their  microstructures  invariably  contain  glassy 
phases  at  grain  boundaries  and  triple  points.  Although  there 
have  been  several  studies  concerning  the  effect  of  crystal¬ 
lization  of  the  glassy  intergranular  phase  on  the  mechani¬ 
cal  properties  of  LPS  aluminas'^  '*  (to  some  extent  in 
SiAlONs^*),  the  results  have  been  somewhat  conflicting.  Thus, 
some  researchers''^’’  have  reported  significant  increases  in  the 
toughness  values  of  LPS  aluminas  containing  10  to  28  vol% 
intergranular  glass.  The  toughness  improvements  resulted  from 
simple  postsintering  heat  treatments  and  were  attributed  to 
the  crystallization  of  the  intergranular  glass.  However,  it 
should  be  noted  that  there  was  no  mention  of  the  degree 
of  crystallization  in  the  aforementioned  studies.  Further,  the 
toughness  measurements  in  those  studies  were  performed  at  a 
single  crack  length,  which  possibly  precluded  the  detection  of 
T-curve  behavior.  The  only  exception  to  this  was  the  work  by 
Zdaniewski  and  Kirchner,’'  who  measured  the  toughness  us¬ 
ing  the  indentation-crack  length  method  at  increasing  indenta¬ 
tion  loads. 

In  contrast  to  this,  Bennison  et  al.'^  showed  that  for  a 
commercial  fine-grain  alumina  containing  ^^IS  vol%  second 
phase,  crystallization  of  the  second  phase  had  very  little  effect 
on  the  crack-resistance  curve.  A  similar  null  result  was  ob¬ 
tained  by  Powell-Dogan  and  Heuer,”  again  for  a  commercial 
alumina,  but  where  the  glass  content  was  =7  vol%.  Most 
recently,  work  by  the  present  authors  on  fine-grain  as  well 
as  coarse-grain  LPS  aluminas  (containing  ’»28%  vol%  glass) 
showed  that  the  mechanical  properties  were  essentially  not 
affected  by  the  crystallization  heat  treatment.'*  In  view  of 
the  significant  increase  in  the  residual  stresses  which  was 
estimated  to  result  from  the  crystallization  heat  treatment,  it 
seemed  difficult  to  reconcile  this  finding  with  reference  to  the 
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bridging  model.  However,  Ininsmission  electron  microscope 
(TEM)  examination  of  the  heat-treated  specimens  revealed  that 
crystallization  of  the  glassy  pha.se  was  incomplete.  This  led  us 
to  believe,  therefore,  that  viscous  flow  of  the  residual  glass  was 
allowing  relaxation  of  the  residual  stresses,  thus  accounting  for 
the  lack  of  change  in  the  mechanical  properties. 

The  challenge,  therefore,  was  to  identify  and  study  an 
alumina-based  system  where  complete  crystallinity  in  the 
intergranular  glassy  phase  could  be  readily  achieved,  and 
to  determine  unambiguously  whether  the  crystallinity  of  the 
second  phase  affects  the  mechanical  properties.  Note  that 
in  many  instances  complete  crystallization  of  the  glass  is 
often  not  possible,  because  the  chemical  composition  of  the 
inteigranular  glass,  especially  for  commercial  materials,  is 
different  from  that  of  the  crystallizing  phase(s).  A  fiirther 
complication  which  can  hinder  complete  crystallization  is 
the  physical  constraint  imposed  by  the  surrounding  alumina 
grains.^  Clearly,  for  the  purposes  of  the  present  investigation, 
the  ability  to  tailor  the  glass  composition  is  highly  desirable. 
For  this  reason,  it  was  decided  to  study  specimens  processed 
in  the  laboratory,  rather  than  commercially  available  materials. 
In  order  to  minimize  the  physical  constraint  effect,  1  vol% 
anorthite  (CaO  *  AI2O3  -  SiOj)  glass  was  chosen  as  the  inter¬ 
granular  second  phase.  The  alumina-anorthite  system  seemed 
particularly  suit^  to  this  study,  because  previous  work  from 
our  laboratory  had  already  demonstrated  that,  because  of  the 
relatively  small  change  in  the  volume  associated  with  the 
crystallization  of  anorthite  glass,^  near-100%  crystallization* 
of  the  intergranular  anorthite  composition  glass  could  be 
achieved.**  Furthermore,  the  mismatch  in  the  thermal  expan¬ 
sion  coefficients  between  crystalline  anorthite  and  alumina  is 
sufficiently  great  to  induce  high  residual  stresses  (a  factor  of 
greater  than  that  in  single-phase  alumina'^  and  a  factor 
of  ">2.5  greater  than  that  in  alumina  with  glassy  anorthite), 
making  anorthite  an  ideal  choice  in  this  case. 

Therefore,  the  purpose  of  the  study  was  (i)  to  experimen¬ 
tally  study  the  influence  of  crystallization  of  the  intergranular 
glass  on  the  flaw  tolerance,  as  measured  using  the  indenta¬ 
tion-strength  technique,  of  tailored  alumina- 1  vol%  anorthite 
(A-An)  materials,  and  (ii)  to  apply  the  bridging  model  by 
Bennison  and  Lawn*  to  dcconvolute  theoretical  T-curves  from 
the  experimental  indentation -strength  data. 

II.  Experimental  Procedure 
(J)  Materials  Processing 

Alumina  specimens  containing  1  vol%  anorthite  glass  were 
fabricated  using  the  following  method.  High-purity  alumina 
powder  (a-Al203,  AKP-HP  (*“0.5-/rm  crystallites),  Sumi¬ 
tomo  Chemical  America,  New  York)  was  mixed  vrith  1 
vol%  anorthite  glass  frit*  and  wet-bdl-milled  in  methanol 
using  zirconia  (Y-TZP)  grinding  media  for  24  h.  The 
altrmina-anorthite  durry  was  then  gently  stirred  while  drying 
on  a  hot  plate.  Individual  powder  batches  (*^3.3  g)  were 
placed  in  polyethylene  bags,  crushed  between  a  toller  and 
plate  assembly,  and  subsequently  placed  in  a  graphite  die. 
Approximately  80  disks  (2S-mm  dimeter  X  S-mm  thickness) 
were  ftbiicated  by  uniaj^  pressing  at  SO  MPa.  These  disks 
'fim  then  wet-bag  isostatically  ptes^  at  350  MPa.  The  green 
disks  were  then  packed  in  loose  alumina  powder  inside  a 
high-purity  alumina  crucible  and  calcined  at  800*C  for  12  h, 
followed  by  sintering  at  1600*C  for  1  h.  Specimens  subjected 
only  to  this  beat  treatment  will  be  referr^  to  as  A-An(GX 
since  (as  will  be  shown  later)  the  anorthite  is  in  the  form  of  an 


*Hk  deatilies  of  oysulline  and  glassy  anonhhe  arc  2.763  g/cm’  (Ref.  26) 
and  2.700  g/cm*  (Ref.  27),  respectively. 

icier  to  Ibe  degree  of  ciysullinily  as  “near-lOO*"  since  very  narrow 
glassy  aims  nay  be  present  at  On  alumina-anorthite  grain  boundaries.” 

*D^ls  of  the  expetimealal  procedures  for  melting  of  the  anorthite  glass 
and  the  subsequem  comminution  and  classification  to  produce  the  glass  frit 
(w|.0-rsm  particles)  have  been  described  elsewhere.” 


intergranular  glass.  Approximately  half  of  the  above  specimens 
were  then  subjected  10  an  additional  heat  treatment  of  25  h  at 
1200”C  to  fully  crystallize  the  glassy  phase.**  These  specimens 
will  be  referred  to  as  A-An(C) 

(2)  Materials  Characterization 

Cross  sections  of  A-An(G)  and  A-An(Q  pellets  were 
mounted  in  epoxy  and  were  polished  to  l-/cm  grade.  The 
polished  sections  were  then  removed  from  the  mounts  and  ther¬ 
mally  etched  at  1500*C  for  0.5  h  to  reveal  the  microstructures. 
These  microstructurcs  were  then  observed  in  the  scanning 
electron  microscope  (SEM)  (AUTOSCAN,  Etcc  (2orp.,  Hay¬ 
ward,  CA)  in  the  secondary  electron  mode.  The  average  grain 
size  was  determined  using  the  linear  intercept  method,*^ 
and  the  grain  aspect  ratio  (o),)  was  estimated  by  measuring 
the  long  (£,)  and  the  and  the  short  (€)  grain  dimensions  for 
at  least  100  random  grains  for  each  material  (wheie,  oi.  = 
L/C).  Specimens  for  TEM  were  prepared  using  the  standard 
prot^ures  for  ceramic  materials.  Disks,  3  mm  in  diameter  and 
«lS0-/tm  thickness,  were  ultrasonically  cut  from  polished 
thin  sections  and  dimpled  to  a  thickness  of  •>’20  ^im  in  the 
center.  These  disks  were  then  ion-beam-milled  to  perforation, 
and  evaporation-coated  with  a  thin  layer  of  carbon.  The  TEM 
specimens  were  observed  in  a  TEM  (400T,  Philips  Electronic 
Instruments,  Inc.,  Mahwah,  NJ)  operated  at  120  keV.  The 
densities  of  the  two  materials  (A-An(G)  and  A-An(C!))  were 
measured  by  the  Archimedes  method,  using  deionized  water 
as  the  immersion  medium.**  The  measured  densities  were 
compared  with  the  respective  calculated  theoretical  densities. 

Mechanical  testing  of  the  A-An(G)  and  A-An(Q  disk 
samples  was  carried  out  using  the  indentation-strength 
technique.*  '*  In  each  caste,  =«=40  disk  specimens  were  machined 
to  a  thickness  of  2.5  mm  and  polished  to  grade 

on  the  prospective  tensile  surface.  For  most  of  the  disk 
specimens,  a  Vickers  indentation  was  made  at  the  center 
of  the  polished  surface  with  contact  loads  ranging  from  3 
to  300  N.  Some  specimens,  however,  were  left  unindented. 
These  disk  specimens  were  then  broken  in  biaxial  flexure, 
using  a  three-point  support  and  punch  fixture  in  a  servo- 
hydraulic  testing  machine  (Model  1350,  Instron  CIbrp.,  Canton, 
MA).  Vacuum  grease  was  applied  to  the  indentation  site 
before  testing,  and  the  failure  time  was  maintained  to  be 
less  than  20  ms,  to  minimize  any  environmental  effects.  The 
strength  was  determined,  using  the  breaking  load  and  specimen 
dimensions.*"  Great  care  was  taken  to  examine  the  indentation 
site  for  each  specimen  after  failure  to  ensure  that  the  failure 
originated  from  the  indentation.  The  specimens  that  did  not 
fail  from  the  indentation  were  incorporated  in  the  data  pool 
for  unindented  controls. 

On  separate  polished  surfaces  of  A-An(G)  and  A-An(C) 
specimens,  five  indentations  for  each  contact  load  (3  to  300 
N)  were  made.  The  average  size  of  the  radial  cracks  emanat¬ 
ing  from  these  indentations  was  measured,  using  an  optical 
microscope. 

ni.  Results 

(I)  Microstructure 

Hgures  1(a)  and  (b)  show  representative  SEM  micrographs 
of  the  A-An(G)  and  A-An(Q  microstructures,  respectively. 
As  would  be  expected,  ^ven  the  relatively  low  temperature 
of  the  crystallization  heat  treatment,  the'grain  size  distribution 
and  grain  morphology  of  A-An(Q  are  unchanged  from  those 
of  A-An(G).  Note  the  elongated  nature  of  the  grain  structures, 
which  is  a  commonly  ot^rved  characteristic  of  aluminas 
containing  glassy  phase.*'  Examination  of  the  samples  in  the 
TEM  confirmed  that  in  A-An(G)  the  inteigranular  phase  was 
completely  glassy,  whereas  in  A-An(Q,  near- 100%  crystal¬ 
lization  of  the  anorthite  had  occurred.  Representative  TEM 
micrographs  showing  the  intergranular  anorthite  are  given 
in  Figs.  2(a)  and  (b).  Table  1  summarizes  the  various  heat 
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eti^  sections  of  (s)  A-Aii(G)  snd  (b)  A-An(Q.  Note  the  elongated 
grains  in  both  the  miaostroctiucs. 


treatments  and  the  resulting  miciostructures  for  the  A-An 
materials. 

Q)  'Mechanical  Behavior 

The  plots  of  indentation  load  (/»)  versus  strength  (o-m) 
for  both  sets  of  A-An  specimens  are  shown  in  Fig.  3.  For 
reference,  the  theoretically  calculated  o-m(F)  response  for  an 
equivalent  grain  size  (11  /*m)  single-phase  equiaxed  alumina'^ 
has  been  included  as  the  dashed  curve  in  Fig.  3.  It  can  be  seen 
that  for  A-An(C)  there  is  a  distinct  flattening  of  the  curve 


(b) 

Fig.  2.  TEM  bright-held  images  of  (a)  A-Aii(G),  showing  inter¬ 
granular  glassy  anonhite,  and  (b)  A-An(C),  shwing  intergranular 
crystalline  anorthite. 

relative  to  that  of  A-An(G),  which  is  indicative  of  improved 
flaw  tolerance  (note  that  an  ideal  behavior  indicates 
no  T-curve).  Thus,  crystallization  of  the  anorthite  produces  a 
strength  increase  at  high  flaw  sizes,  but  a  strength  decrease  at 
small  flaw  sizes.  It  is  perhaps  worth  mentioning  that  the  base- 


32 


July  1992  Improved  Flaw  Tolerance  in  Alumina  Containing  1  vol%  Anorthite  1873 


Table  1.  Heat-Treatment  Schedules  and  Resulting  Microstnictural  Parameters  for  Alumina— Anorthite  (A— An)  Materials 


Resulting  miaostruaure 

Materul 

Heat  treatment 

AI2O3  Grain 
size,  €  </x>n) 

Al20.^  aspect 
ratio,  ai 

Intergranular 

phase 

Density  (g/cm’) 

(%  theoretical) 

A— An(G) 

1600*C,  1  h 

11 

=2 

Glassy 

anorthite 

3.845  [96.8%] 

A-An(C) 

1600'C,  1  h, 
1200*C,  25  h 

11 

=2 

Crystalline 

anorthite 

3.850  {96.9%] 

material  A-An(G)  is  seen  to  possess  marginally  better  flaw 
tolerance  than  equiaxed  alumina  of  the  same  average  grain 
size  (11  nm). 

In  order  to  demonstrate  the  dependence  of  strength  on  the 
initial  flaw  size.  Fig.  4  plots  the  same  strength  data  from  Fig.  3. 
but  now  against  indentation  crack  length  (2c)  as  the  abscissa 
instead  of  the  customary  independent  variable  of  indentation 
load.  (In  this  case  note  that  an  ideal  (2c)  behavior  indicates 
no  T-curve.)  However,  a  word  of  caution  in  the  interpretation 
of  such  plots  is  in  order.  Since  initial  cracks  in  bridged 
ceramics  undergo  stable  extension  before  failure,  the  system 
retains  no  memory  of  the  initial  crack  size  2c.^  Therefore,  not 
much  significance  should  be  attached  to  the  initial  crack  size  in 
bridged  solids.  However,  such  plots  prove  to  be  good  intuitive 
guides  to  the  understanding  of  the  concept  of  flaw  tolerance. 


IV.  Discussion 

The  results  depicted  in  Fig.  3  clearly  demonstrate  that  T- 
curve  behavior,  as  evinced  by  the  flattening  of  the  o'm(P) 
response,  is  enhanced  for  A-An(C)  by  the  postsintering  crys¬ 
tallization  heat  treatment.  In  addition,  microstructural  examina¬ 
tion  of  the  A-An(G)  and  A-An(C)  microstructures  revealed 
that  the  alumina  grain  size  and  morphology  were  identical 
in  the  two  samples,  and  that  the  only  significant  effect  of 
the  heat  treatment  was  to  produce  crystalline  anorthite  at  the 
grain  boundaries.  Since  the  influence  on  the  strength  was  not 
uniform  across  the  range  of  crack  sizes  (as  evinced  by  the 
“rocking”  of  the  curve  for  A-An(C)  to  A-An(G)),  it 

cannot  be  argued  that  the  change  in  mechanical  properties  was 
due  solely  to  the  replacement  of  the  intergranular  glass  by  a 
tougher  or  stronger  crystalline  phase.  This  leaves,  therefore, 
the  original  premise  as  the  most  feasible  explanation  for  the 
observed  behavior;  namely,  the  crystallization  of  the  inteigran- 
ular  phase  produces  high  internal  residual  stresses  within  the 
alumina-anorthite  microstructure.  This  is  believed  to  result 


Fig.  3.  Indentation  load-strength  responses  for  A-An(G)  and 
A-An(Q.  Each  datum  point  represents  breaks  from  4  to  S  spramens. 
Shaded  regioas  to  the  left  denote  hilures  from  natural  flaws.  Solid 
curves  ate  fits  hom  the  bridging  model.  The  dashed  curve  represents 
theoretically  calculated  ouiP)  response  of  an  ll-^im  grain  size 
equiaxed  alumina.  >2 


in  the  bridging  elements  being  more  tightly  clamped  in  the 
matrix.  Consequently,  there  is  an  increase  in  the  frictional 
tractions  and  more  energy  is  dissipated  in  the  process  of 
grain  pullout,  hence  enhancing  the  T-curve.  It  can  also  be 
argued  that,  because  the  second  phase  is  distributed  around 
the  grains  in  A-An  microstructures,  the  change  in  the  nature 
of  this  intergranular  phase  can  also  affect  the  sliding  friction 
properties  of  the  bridge-matrix  interface.  Furthermore,  upon 
comparing  the  crt^(P)  data  for  A-An  with  that  of  the  reference 
equiaxed  alumina,  it  is  suggested  that  the  elongated  nature  of 
the  grains,  which  increases  the  bridge  pullout  distance,  is  likely 
to  augment  the  influence  of  the  increased  residual  stresses  and 
the  interfacial  sliding  friction. 

As  mentioned  earlier,  Bennison  and  Lawn*  have  derived 
a  theoretical  model  describing  the  toughening  due  to  grain 
bridging  in  nontransforming  ceramics.  The  model  incorporates 
several  adjustable  parameters  which  can  be  related  to  specific 
features  of  the  ceramic  microstructure.  By  allowing  the  pa¬ 
rameters  to  vary  between  physically  realistic  boundary  values, 
it  is  possible  to  fit  the  model  to  experimental  data.  In  this 
manner,  Chantikul  et  aV^  have  obtained  excellent  agreement 
between  the  model  and  their  experimental  data  for  single-phase 
alumina  of  differing  grain  sizes.  We  now  apply  this  model 
to  our  experimental  data  for  the  A-An  materials  to  obtain 
(i)  quantitative  estimate  of  the  bridging  parameters,  (ii)  fit  to 
the  experimental  <7'm(F)  data,  and  (iii)  deconvolution  of  the 
r-curves.*''^” 

First,  consider  the  estimation  of  the  bridging  parameters. 
We  began  with  assigning  values  to  the  microstructural  pa¬ 
rameters  which  were  regarded  as  invariant:  elastic  modulus 
E  =  393  GPa,  Poisson’s  ratio  v  =  0.2,*  indentation  flaw  pa¬ 
rameter  X  “  0.022,‘’'’  crack  geometry  coefficient  dt  —  1-24 
(pennylike  crack),'’  grain  aspect  ratio  at  =  2,  grain  size 
€  =  7.3  fim'  bridge  spacing  parameter  at,  =  1,'*  distance  to 
first  bridge  intersection  d|  =  ajjai.t'''  and  bridge  perimeter 
factor  Ox  =  4  (assumes  rectangular  bridges).*  The  fracture 
mechanics  formulations  and  regression  procedure  described 
in  Refs.  9  and  12  were  then  used  to  “search”  for  the  “best 
fit”  bridging  parameters.  This  involved  calculation  of  trial 
r-curves  (toughness,  T,  as  a  function  of  crack  length,  c) 
followed  by  calculation  of  the  corresponding  (TuiP)  response. 
The  computed  o-ni(P)  responses  were  then  compared  with  the 
experimental  data  sets  for  A-An(G)  and  A-An(Q  separately. 
The  values  for  the  bridging  parameters  were  adjusted,  within 
physically  reasonable  bounds,  incrementally  in  an  iterative 
algorithm  until  a  minimum  variance  (standard  deviation)  be¬ 
tween  the  theoretical  and  the  experimental  strength  values 
((Zm)  was  obtained.  The  best-fit  parameters  for  A-An(G)  and 
A-An(Q  thus  obtained  are  given  in  Table  II,  where  To  is  the 
grain  boundary  toughness,  ft  is  the  friction  coefficient,  o-r  is 
the  residual  stress,  and  e  is  the  strain  to  rupture. 

The  results  from  modeling  (Table  II)  are  consistent  with 
the  experimental  findings  in  that,  as  expected,  the  magnitude 
of  the  residual  stress  o-r  is  seen  to  increase  as  a  result 
of  crystallization  of  the  intergranular  anorthite  (from  250  to 
400  MPa).  The  results  also  showed  a  marginal  increase  in  the 


'r  —  7.3  /un  was  esUmaled  from  the  measured  values  of  the  average  grain 
size  ?  •>  1 1  |tm  and  the  aspect  ratio  ai.  •  2,  using  a  simplistic  assumption: 
<  -  (L  +  0/2  and  at  -  L/t  (Section  11(2)). 
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Fig.  4.  The  strength  data  for  A-An(G)  and  A-An(C)  from  Fig.  3, 
now  plotted  against  indentation  crack  siae  2c.  The  solid  lines  are 
empirical  fits. 


friction  coefficient,  /c.  Note  that  the  intrinsic  grain  boundary 
toughness,  To,  is  found  to  decrease  for  A-An(C),  which 
is  a  manifestation  of  the  “crossover”  of  the  auiP)  curves 
for  A-An(G)  and  A-An(C)  (Fig.  3).  However,  it  should  be 
pointed  out  that  the  bridging  model  predicts  such  a  change 
in  To  only  for  materials  whose  <Tm(F)  curves  cross  over  and 
possess  the  same  microstructural  scale  (as  is  the  case  for 
A-An(G)  and  A-An(C)).  It  is  suggested  that  the  decrease  in 
7*0  is  possibly  due  to  the  combined  effect  of  the  increase  in  the 
residual  stress,  and  the  change  in  the  crystallinity  of  the  grain 
boundary  phase.  However,  at  this  stage  we  do  not  have  any 
definitive  experimental  evidence  to  support  this  hypothesis. 

Using  the  best-fit  parameters  (Table  11)  in  the  Bcnni- 
son-Lawn  bridging  model,  wc  obtain  the  theoretical  (rmiP) 
responses  for  A-An(G)  and  A-An(C),  shown  by  solid  curves 
in  Fig.  3.  Note  that  these  theoretical  curves  fit  reasonably  well 
to  the  experimental  data  and  predict  the  crossover  at  about  10- 
N  indentation  load.  The  theoretical  7* -curves  for  A-An(G)  and 
A-An(Q  were  also  calculated,  and  appear  in  Fig.  5.  Note  that 
the  toughness  decreases  with  increasing  crack  length  at  small 
crack  sizes  (c  <  di)  in  Fig.  S,  which  is  a  result  of  the  local 
tensile  component  of  the  residual  stresses  acting  on  the  flaw 
before  bridge  intersection.  However,  after  bridge  intersection 
the  toughness  is  seen  to  increase  rapidly  with  the  crack  length. 
It  is  this  rising  part  of  the  T -curve  that  essentially  determines 
the  characteristics  of  the  “tangency  condition”  (instability) 
and  hence  the  strength  properties.^^  It  was  also  seen  that  the 
calculated  toughness  for  A-An(Q  assumes  negative  values  for 
crack  lengths  in  the  vicinity  of  di  (Fig.  S),  which  represents 
the  theoretical  spontaneous  microcracking  limit. 

At  this  point,  it  is  perhaps  worth  emphasizing  that  any 
“goodness  of  fit”  of  the  grain-bridging  model  to  the  experi¬ 
mental  data  cannot  be  construed  as  evidence  for  the  model’s 
validity.  Nonetheless,  it  is  encouraging  that  the  theoretically 
predicted  increase  in  the  residual  stress  was  found  to  be  con¬ 
sistent  with  the  experimental  crystallization  heat  treatments. 

So  far,  we  have  discussed  the  experimentally  observed 
improvement  in  the  flaw  tolerance  of  A-An(Q  material  based 
on  enhanced  residual  stresses  affecting  the  frictional  pain 
pullout.  It  should  be  noted  that  the  bridging  model*  ”  we 


Ihble  II.  Bridging  Parameters  for 
Alumina-Anoithite  (A-An)  Materiab 


Material 

7. 

(MPam''^) 

(MPa) 

C 

SD  in 
(MPa) 

A-An(G) 

A-An(Q 

2.3 

0.9 

250 

0.07 

15 

1.7 

1.0 

400 

0.07 

15 

Fig.  S  Deconvoluied  7-curves  (G)  and  (Q  from  the  A-An(G) 
and  A-Ai^C)  omCF)  data  sets,  respectively  (Fig.  3),  using  the 
grain-bridging  model.  di  is  the  distance  to  the  first  bridge  intersection. 


have  used  here  is  based  on  highly  simplistic  bridged-interface 
geometry  and  considers  only  frictional  bridging.  In  reality  the 
crack -microstructure  interactions  are  more  complicated,  and 
several  other  types  of  bridging  mechanisms  have  been  put 
forward. Some  recent  in  situ  SEM  studies  of  crack  propa¬ 
gation  in  alumina,'*'  in  addition  to  confirming  the  existence 
of  frictional  bridges,  have  revealed  that  other  processes  such 
as  geometrical  interlocking,  elastic  bridging,  and  rotational 
bridging  may  also  play  a  role.  Nonetheless,  consideration  of 
the  frictional  grain-bridging  mechanism  has  produced  good 
conelation  between  theory  and  experiment.  More  importantly, 
the  model  based  on  frictional  bridging  allows  us  to  predia  how 
microstructural  changes  will  affect  the  flaw  tolerance  behavior, 
enabling  the  tailoring  of  ceramic  microstructures  for  optimum 
mechanical  properties. 


V.  Summary 

The  results  and  finding  of  the  above  study  can  be  summa¬ 
rized  as  follows: 

(i)  By  fabricating  LPS  alumina  using  a  tailored  intergranu¬ 
lar  glass  of  anorthite  composition,  the  glass  can  be  crystallized 
to  ncar-100%  crystallinity  (with  appropriate  heat  treatments). 

(ii)  The  crystallization  of  the  intergranular  anorthite  glass 
resulted  in  a  marked  improvement  in  the  flaw  tolerance  of 
alumina-anorthite,  indicative  of  enhanced  /?-  or  T-curve  be¬ 
havior. 

(iii)  The  frictional  bridging  model’-'^  fits  the  flaw  tolerance 
data  well  and  can  be  used  to  calculate  theoretical  T-curves  for 
the  materials  studied. 
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To  detennine  the  influence  of  volume  constraint,  the  crystallization  behavior  of  bulk 
anorthite  glass  was  compared  with  that  of  anorthite  glass  situated  at  intergranular  pockets 
in  an  alumina  ceramic.  Near-1()0%  crystallization  of  the  glass  was  obtained  in  both 
cases.  Examination  of  the  crystallized  microstructures  using  SEM  and  TEM  revealed 
several  interesting  features,  llie  resulting  microstructures,  together  with  the  very  high 
degree  of  crystallization,  are  discussed  with  reference  to  a  thermodynamic  model  for  the 
constrained  crystallization  of  glass. 


I.  INTRODUCTION 

Over  a  period  of  the  last  40  years  or  so,  the  devel¬ 
opment  of  glass-ceramics  in  which  select  glass  composi¬ 
tions  are  fabricated  in  the  glassy  state  and  subsequently 
crystallized,  has  proven  to  be  of  great  scientific  and 
technological  importance  (for  reviews  see  Refs.  1  and 
2).  More  recently,  interest  has  developed  in  the  area  of 
crystallization  of  glassy  phases  present  as  intergranular 
p<^ets  within  liquid-phase-sintered  (LPS)  ceramics.^’® 
In  both  these  cases,  the  major  goal  has  bwn  to  achieve 
very  high  degrees  of  crystallinity.  As  will  be  seen  firom 
the  following,  the  importance  of  this  topic  lies  in  the 
fact  that  the  degree  of  crystallinity  can  have  a  significant 
influence  on  the  mechanical  properties. 

Silica-based  oxides  are  used  as  sintering  aids  during 
the  processing  of  many  LPS  ceramics;  these  oxides  form 
a  liquid  at  the  sintering  temperature,  which  upon  cooling 
is  retained  as  a  glassy  phase  at  the  grain  boundaries.’* 
The  volume  percent  of  the  residual  glass  may  be  sig¬ 
nificant,  and  can  be  as  high  as  30  vol.  %  in  some  com¬ 
mercial  aluminas.  The  presence  of  such  intergranular 
residual  glass  is  known  to  degrade  the  high  temperature 
creep  resistance  of  LPS  alumina’^  and  silicon  nitride.’^ 
However,  crystallization  of  the  intergranular  glass  (either 
during  deep  or  dirough  post-sintering  heat-treatments) 
results  in  improved  mechanical  properties  at  ele¬ 
vated  terrqiwatures.  Unfortunately,  in  many  glass- 
cnamic  systons,  complete  crystallization  of  the  glass 
cannot  be  adiieved.  0^  explanation  for  this  behavior 
lies  in  the  volume  constraint  of  the  surrounding  grains. 

It  has  been  known  for  some  time  that  the  complete 
crystallization  of  a  glassy  phase  is  very  difficult  when 
it  is  constrained  within  intergranular  po^ets  surrounded 
by  crystalline  grains.  Note  that  such  ^assy  intergranular 
pock^  can  arise  during  the  final  stages  of  crystalliza- 
turn  of  a  bulk  glass,  as  weU  as  in  LPS  ceramics  (as 
described  eariier).  Raj  and  Lange’^  have  proposed  a 
diermodynaniical  model  in  order  to  explain  the  lack  of 
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complete  crystallization  of  constrained  glass.  Figure  1(a) 
shows  a  schematic  illustration  of  an  intergranular  pocket, 
which  has  been  approximated  by  a  sphere  surrounded  by 
a  rigid  crystalline  body  [Fig.  1(b)].  The  essence  of  the 
Raj- Lange  model  is  as  follows.  Consider  the  growth 
of  a  crystal  nucleus  within  an  intergranular  pocket;  as 
the  glass  transforms  into  crystalline  material,  its  volume 
decreases.  Since  the  cryst^lizing  phase  is  physically 
bonded  to  the  surrounding  glass,  strain  is  generated  in 
the  glass,  setting  up  hydrostatic  tension.  As  the  crystal 
grows,  the  magnitude  of  the  strain  energy  increases,  thus 
offsetting  the  corresponding  decrease  in  chemical  free 
energy  (which  is  the  driving  force  for  crystal  growth). 
At  some  critical  crystal  size,  therefore,  it  is  possible  for 
a  balance  to  occur  between  the  opposing  eneigy  terms. 
At  this  point,  the  crystal  ceases  to  grow,  resulting  in  a 
partially  crystallized  intergranular  pocket.  It  follows  that 
the  actual  degree  of  crystallinity  achieved  depends  on 
several  parameters,  the  values  of  which  are  particular  to 
the  geometry  and  the  system  in  question. 

Perhaps  surprisingly,  there  has  been  very  little  de¬ 
tailed  work  aimed  at  studying  the  influence  of  volume 
constraint  on  the  crystallization  behavior  of  glass.  Iso¬ 
lated  observations  exist  on  constrained  crystallization 
in  commercial  LPS  aluminas;  however,  in  these  sys¬ 
tems  there  is  the  added  consideration  that  the  compo¬ 
sition  of  the  inteigranular  glass  is  different  from  that  of 
the  crystallizing  phase.^’’^  This  lack  of  control  over 
the  composition  of  the  intergranular  glass  further  com¬ 
plicates  the  constrained-crystallization  problem,  invari¬ 
ably  leading  to  incomplete  ciystallization  in  commercial 
materials.^’’^’*^  A  notable  exception  is  in  the  case  of 
silicon  nitride  ceramics,  commonly  referred  to  as  SIAION 
materials  (solid-solutions),  where  100%  crystallization 
of  the  inteigranular  glass  has  been  reported.’^  This  has 
been  attributed  to  the  dissolution  of  the  constituent 
oxides  of  the  residual  glass  in  the  SiAlON  constraining 
grains.*® 
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Crystalline 

grains 


(b) 

FIG.  1.  Schematic  illustiatioos  of  (a)  an  inteigraaular  pocket  contain¬ 
ing  glass  snnoanded  by  oystalline  grains  and  (b)  ^beiical  rqxe- 
sentadon  of  the  above  inteigtanalar  pocket  R  represents  the  radius 
of  the  podcet  and  r  represents  the  radhis  the  crystallizing  phase. 
Reprodnoed  srith  nwdifications  from  Rel  17. 

The  purpose  of  the  jnesent  study  was  to  compare 
die  ciystalliadioii  behavior  of  anorthite  (CaO  •  AI2O3  • 
2Si02X  a  felds^  minmal,  crystallized  from  the  same 
oonqxisition  gl^  inesent  in  two  different  physical  situa¬ 
tions,  viz:  (a)  bulk  glass  and  (b)  glass  constrained  within 
intergranular  podcets  of  LPS  alumina.  Anorthite  was 
diosen  for  this  study  for  the  following  reasons.  Firsdy, 
anorthite  composition  glass  is  relatively  easy  to  form; 
also  the  glass-formation  behavior,  structure,  and  proper¬ 
ties  of  ancnthite  glass  have  been  documented  by  several 
researchers.^*  Anorthite  has  the  additional  a^antage 
that  its  nudeation^  and  crystal  growth^-^  behavior  from 


the  bulk  anorthite  glass  is  relatively  well  understood. 
Finally,  anorthite  is  of  some  practical  significance  in  that 
it  has  been  reported  to  be  the  major  crystallizing  phase 
in  several  commercial  LPS  aluminas.®’*’*®  Our  aim  in 
this  paper,  therefore,  was  to  determine  the  crystallization 
behavior  of  anorthite  glass  in  both  bulk  anorthite  and 
alumina-anorthite,  and  to  examine  the  results  in  the  light 
of  the  Raj-Lange  model. 

II.  EXPERIMENTAL 
A.  Materials  processing 

1.  Bulk  anorthite 

Reagent  grade  (Rsher  Scientific  Company)  CaCOa, 
AI2O3,  and  SiOa  were  mixed  in  appropriate  proportions 
and  dry-blended  for  12  h.  This  batch  was  then  melted  at 
1600  °C  for  24  h  in  a  covered  platinum  crucible  heated 
by  an  electrical  resistance  furnace.  The  resulting  glass 
was  then  quenched,  crushed,  and  remelted.  (To  ensure 
good  chemical  homogeneiOr,  the  preceding  steps  were 
repeated  several  times.)  Next,  the  glass  was  cast  into  a 
steel  mold  and  subsequently  annealed  at  800  ‘’C  for  1  h 
and  cooled  very  slowly.  This  base  glass  will  be  referred 
to  as  specimen  BULK-G  (G  refers  to  Glassy).  (For  a 
similar  melting  procedure  of  anorthite  glass  the  deviation 
of  the  composition  of  the  glass  from  the  starting  batch 
was  report^  to  be  less  than  0.2  wt.  %  of  any  of  the 
principal  constituents.^)  Crystallization  of  the  bulk  glass 
was  carried  out  by  heat-treating  at  1200  ®C  for  30  min 
in  a  platinum  enclosure  (1200  °C  corresponds  to  the 
temperature  at  which  Klein  and  Uhlmann^  reported 
a  maximum  in  the  crystallization  rate).  A  short  heat- 
treatment  duration  was  chosen  to  avoid  excessive  grain 
growth  and  hence  prevent  severe  microcracking  of  the 
crystallized  specimen.  This  specimen  will  be  referred  to 
as  specimen  BULK-C  (C  refers  to  Crystalline). 

2.  Alumina-anorthite 

Some  of  the  above  glass  was  crushed  and  ball-milled 
into  a  glass  frit  (<1.0  fim  particle  size  as  classified  by 
sedimentation^).  This  glass  frit  was  mixed  with  high- 
puiity  a-alumina  powder  (Sumitomo  Chemical  Com¬ 
pany)  in  the  volumetric  proportion  of  anorthite  glass 
frit:  alumina,  equal  to  1:3.  This  mixture  was  then 
wet-ball-miUed  in  methanol  using  zirconia  ball-grinding 
media  for  24  h.  The  resulting  slurry  was  subsequently 
transferred  to  a  teflon  beaker  where  it  was  continuously 
stirred  during  drying  and  deagglomerated  by  crushing. 
A  disk  10  mm  in  diameter  and  2  mm  in  thickness 
was  fabricated  from  this  powder  by  uniaxial  pressing 
at  SO  MPa  followed  by  wet-ba^  isostatic  pressing  at 
350  MPa.  The  green  disk  was  packed  in  loose  alumina 
powder  in  a  high  purity  alumina  crucible  and  calcined 
at  800  ®C  for  12  h,  followed  by  sintering  at  1600  ®C 
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for  60  min.  This  sintered  specimen  will  be  referred 
to  as  INTER-G  (since  anoithite  is  in  the  form  of  an 
INlERgranular  Glass).  Note  that  because  of  the  short 
smtering  duration  the  composition  of  the  intergranular 
glass  is  assumed  to  be  unchanged  from  that  of  anoithite. 
A  piece  of  the  sintered  specimen  was  heat-treated  at 
200  °C  for  2S  h  in  order  to  crystallize  the  intergranular 
glass.  The  relatively  long  crystallization  heat-treatment 
used  in  this  case  was  to  try  to  overcome  any  kinetic 
effects.  This  specimen  will  be  referred  to  as  specimen 
INTER-C  (C  refers  to  Crystalline  INTERgranular  phase). 

B.  Materials  characterization 

Specimens  BULK-C  and  INTER-C  were  subjected 
to  x-ray  powder  di&action  analysis  and  the  product  of 
crystallization  was  confirmed  to  be  anoithite  (triclinic, 
^ce  group  PI,  at  room  temperature).  The  densities  of 
all  the  ^recimens  were  measured  using  the  Archimedes 
method  with  water  as  the  immersing  mediuiiL^  Sections 
of  specimens  BULK-C  and  INTER-C  were  ^lished  to 
1  /im  grade  using  standard  ceramographic  techniques  for 
microstructural  observations  in  the  scanning  electron  mi¬ 
croscope  (SEM).  The  microstructures  of  the  specimens 
were  revealed  by  thermal  etching  (BULK-C  at  1300  ®C 
for  30  min,  and  INTER-C  at  1500  "C  for  30  min).  All 
SEM  specimens  were  spuner-coated  with  Au-Pd  to 
avoid  charging  in  the  microscope.  Transmission  electron 
microscopy  (TEM)  specimens  were  prepared  from  disks 
(diameter  »3  mm,  thickness  »100  ^m)  cut  ultiasoni- 
cally  from  polished  sections  of  BULK-C  and  INTER- 

C.  The  centers  of  the  disks  were  dimpled  to  20  /rm, 
followed  by  ion-beam  milling  until  perforation.  Prior 
to  examiiution  in  the  TEM  (Philips  400T  at  120  keV, 
Philips  430  at  250  keV),  specimens  were  coated  with 
amorphous  carbon. 

III.  RESULTS 

Thble  I  gives  the  nomenclatures,  heat  treatments, 
and  densities  for  the  materials  fabricated.  The  theoretical 
densities  of  the  specimens  were  calculated  taking  the 
(tensity  of  anortUte  glass  to  be  Z700  g/cm^,  and 
the  theoretical  densities  of  crystalline  anorthite  and 


a-alumina  to  be  2.763  g/cm^  ^  and  3.987  g/cm^, 
respectively.® 

A.  Bulk  anoithite 

Figure  2  shows  the  microstructure  of  the  specimen 
BULK-C  as  seen  in  the  SEM.  The  grain  size  distribution 
in  this  material  was  found  to  be  very  broad  with  grain 
diameters  ranging  from  0.5  fim  to  25  nm.  The  most 
novel  feature  in  this  mi(^ostru(Xure  was  the  wavy  and 
jagged  nature  of  the  grain  boundaries.  Consistent  with 
this  was  the  large  amount  of  surface  relief  exhibited  by 
the  fracture  surface  of  the  BULK-C  spetmnen  (Hg.  3). 
TEM  examination  of  BULK-C  showed  that  the  degree 
of  crystallinity  was  close  to  100%.  Furthermore,  it  was 
observed  that  the  anorthite  grains  were  highly  twinned 
(lug.  4).  It  was  also  found  that  the  twin  density  within  a 
single  grain  increased  with  a  deixease  in  the  grain  size. 
However,  no  attempt  was  made  to  establish  a  detailed 
quantitative  relationship  between  twin  density  and  grain 
size  in  this  material. 

Figure  5  shows  a  high  resolution  TEM  (HRTEM) 
image  of  (010)  twin  boundaries  (indicated  by  the  ar¬ 
rows)  in  anorthite  taken  from  specimen  BULK-C.  These 
boundaries  were  confirmed  to  be  twin  boundaries  by 
optical  (LASER)  diffraction.  No  evidence  of  any  im¬ 
perfections  along  the  twin  boundaries  was  observed. 
The  inset  in  Fig.  5  shows  the  corresponding  selected 
area  electron  diffraction  pattern  (SAEDP)  ([001]  beam 
direction);  spot  splitting  (indicated  by  the  arrow)  due 
to  the  numerous  twin  planes  within  the  selected  area 
aperture  is  clearly  visible. 

B.  Alumina-anorthite 

In  the  alumina-anorthite  specimen  INTER-C  the 
average  grain  size  of  the  alumina  was  estimated  to  be 
»5  fjm,  whereas  the  average  size  of  the  inteigiranular 
pockets  was  »;1  fim.  An  SEM  micrograph  dqricting 
the  microstructure  of  specimen  INTER-C  is  ^ven  in 
Fig.  6.  An  anorthite  grain  (which  was  identified  by  the 
presence  of  strong  Ca  and  Si  peaks  in  the  x-ray  energy 
divisive  spectrum)  is  shown  situated  at  an  alumina 
multi-grain  junction.  The  corresponding  TEM  image  of 


X^LE  L  Heat-rreauaenis  and  properties  of  (be  anorthite  and  alumina-anorthite  materials  investigated. 


Spedmen 

Composition  and  heat-treatments 

Measured  densities 
g/cm* 

Theoretical  denaties 
g/cm^ 

BULK-G 

Anorthite  composition  base-glass 

Z700* 

.  •  . 

BULK-C 

Crystalline  anorthht  crystallized  at  1200  ’’C  for  0.S  b 

Z730 

2.763 

INTER-G 

Alumina  with  25  vol.  %  anorthite  glass  as  the  inteigranular  phase, 
as-fired  at  1600  °C  for  1  b 

3385 

3.664 

INTER-C 

Alumina  with  crystalline  anorthite  as  the  intergranular  phase, 
crystallized  at  1200  "C  for  25  h 

3.387 

3.680 

*A  value  of  2.704  g/cm^  has  been  repotted  in  the  literature  for  the  density  of  anorthite  glass.^* 
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FIG.  2.  SEM  secondaiy  dectron  image  of  a  polished  and  etched 
section  of  anorthite  (spedinen  BULK-Q. 

an  intergranular  pocket  of  crystalline  anorthite  is  shown 
in  Fig.  7.  The  highly  twinned  nahire  of  anorthite  and 
the  acar-100%  crystallinity  are  clearly  evident  from 
this  micrograph,  'ne  twinned  phase  was  identified  to 


FIG.  3.  SEM  seooodaiy  electron  image  of  the  fracturo  surface  of 
anorthite  (specimen  BULK-C). 


FIG.  4.  TEM  bright-held  image  of  anorthite  (spedcnen  BUUC-C). 
The  arrows  indicate  the  wavy  nature  of  the  grain  boundaries. 


be  anorthite  by  SAEDP  and  x-ray  energy  dispersive 
spectroscopy  (XEDS). 

IV.  DISCUSSION 

Grain  boundary  waviness  is  clearly  evident  in  the 
SEM  micrograph  of  bulk  crystalline  anorthite  (Fig.  2). 
The  distribution  of  the  microstructural  scale  of  the  wavi¬ 
ness  (facet  length)  is  seen  to  be  wide,  ranging  from 
several  run  (Fig.  4)  to  several  ^m  (Fig.  2).  Such  wavi¬ 
ness  is  believed  to  be  due  to  the  intersection  of  the 
numerous  twins  within  each  grain  with  the  grain  bound¬ 
aries.  The  wide  distribution  of  the  scale  of  the  waviness 
is  consistent  with  the  variation  in  the  width  of  the 
twin  bands.  It  is  postulated  that  the  existence  of  such 
wavy  grain  bounties  may  be  partially  re^nsible  for 
the  excellent  high  temperature  hardi^  behavior  of 
anorthite.’ 

The  observation  of  extensive  twirming  in  anorthite  is 
consistent  with  the  results  of  previous  workers.  Anordiite 
is  known  to  twin  readily  during  orystal  growth  and/or 
mechanical  deformation.^  TVvinning  in  anorthite  follows 
the  albite  twinning  law  in  which  the  twin  operation  is 
given  by  a  reflection  across  the  (010)  (twin)  plane.” 
Confirmation  that  the  twin  plane  in  anor^ite  is  indeed 
the  (010)  is  clearly  shown  in  Fig.  7.  The  aforementioned 
twinning  operation  is  equivalent  to  rotation  of  180°  about 
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FIG.  5.  HBTEM  image  of  (010)  twin  boundaries  in  anorthite  (specimen  BUUC-C)  indicated  by  arrows.  Inset:  corresponding  SAEDP  ((001] 
beam  direction);  arrows  indicate  streaking  due  to  twins. 


b*,  the  normal  to  (010).  It  is  perhaps  worth  mentioning 
that  in  anorthite,  the  angle,  4>,  between  b  and  b*  is  equal 
to  3.7”,  hence  the  deviation  in  crystallographic  directions 
across  the  twin  boundary  is  relatively  small.” 

As  mentioned  earlier,  near-100%  crystallinity  occurs 
in  specimens  BULK-C  and  INTER-C  (It  should  be 
noted  that  we  refer  to  degree  of  crystallization  as  “near- 
100%”,  since  very  thin  glassy  films  may  be  present 
at  the  grain  boundaries.)  Such  high  degrees  of  crys¬ 
tallinity  are  quite  uncommon  in  glass-ceramics  due  to  the 
strain  energy  considerations  embodied  in  the  Raj-Lange 
model  mentioned  in  Sec.  1.  For  an  in-depth  analysis 
of  the  problem  in  question,  the  reader  is  referred  to 
the  original  piqier  by  Raj  and  Lange.*^  Here,  our  aim 
is  supply  to  iq^ly  the  Raj-Lange  model  to  the  prob¬ 
lem  of  anorthite  crystallizing  from  severely  constrained 
glass  in  a  LPS  alumina.  The  following  assumptions 
are  made  in  this  analysis;  (a)  the  intergranular  pocket 
is  qiherical,  (b)  nucleation  of  the  crystallizing  phase 
occurs  homogeneously,  (c)  the  constraining  crystalline 
grains  are  rigid  and  chemically  inert,  (d)  the  ctystallizing 
phase  is  also  rigid,  and  (e)  the  compositions  of  the  glass 
aiKi  the  crystallizing  phase  are  identical.  The  expression 


derived  by  Raj  and  Lange'^  for  the  normalized  free 
energy  chirnge,  Ag,  during  constrained  crystallization  is 
as  follows: 

Ag  =  op*®  +  bp'-^  -  p®  +  3/2pop*  (1) 

where  a,  b,  p,  and  po  are  nondimensional  parameters. 
After  substituting  suitable  values  for  the  parameters 
pertiiMnt  to  the  alumina-anorthite  system,  we  can  arrive 
at  the  following  expression  for  g  (the  details  of  the 
calculations  entailed  in  this  analysis  are  deferred  to  the 
Appendix): 

Ag  =  0.221p*®  +  0.083p**  -  +  O.OOTSp*  (2) 

Figure  8  plots  Ag  as  a  function  of  p,  where  p  =  r/R. 
As  seen  from  I^g.  1(b),  p  is  a  measure  of  the  ciykal 
size  relative  to  the  podcet  size.  It  can  be  seen  that  the 
minimum  in  this  curve  occurs  at  p  =  0.97.  The  pre¬ 
diction,  therefore,  is  that  the  crystallizing  phase  will 
grow  to  97%  of  the  pocket  size.  This  compares  very 
favorably  with  the  experimental  observations  of  near- 
100%  crystallinity,  especially  given  the  simplifying  as¬ 
sumptions  made  in  the  analysis  and  the  possible  errors 
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FIG.  6.  SEM  secondaiy  electron  image  of  a  potished  and  etdied 
section  of  LPS  alnmina  containing  anofthiie  (specimen  INTER-C). 
AL  represents  alumina  and  AN  represents  anorthite. 


in  the  values  of  the  physical  paiameteis.  It  should  be 
emphasized,  however,  that  prediction  of  such  a  high 
degree  of  crystallinity  is  very  specific  to  the  anorthite 


FIG.  7.  TEM  bright-field  image  of  anotlhite  within  LPS  alumina 
(specimen  INTER-Q.  AL  represents  alumina  and  AN  represents 
anottMle. 


FIG.  8.  A  plot  of  Ag  as  a  function  of  p,  using  Eq.  (2)  for  different 
values  of  SV. 


system.  This  is  primarily  because  the  densities  of  glassy 
and  crystalline  anorthite  do  not  differ  to  a  great  extent, 
rendering  the  value  of  SV  to  be  veiy  small  (SV  =  0.023). 
As  indicated  by  the  dashed  lines  in  Fig.  8,  the  Ag  -  p 
function  appears  to  be  quite  sensitive  to  jV;  thus  minima 
in  the  dashed  curves  for  SV  =  O.OS  and  0.10  occur  at 
0.85  and  0.74,  respectively.  This  comparison  reinforces 
the  aigument  that  a  small  SV  value  plays  a  significant 
role  in  the  high  degree  of  crystallinity  in  anorthite. 

Some  other  factors,  again  specific  to  the  anorthite 
system,  may  also  be  contributing  to  the  high  degree  of 
crystallinity  observed.  Firstly,  in  violation  of  one  of  the 
assumptions  of  the  Raj-Lange  model,  the  crystallizing 
phase  anorthite  is  not  perfectly  rigid.  As  pointed  out 
earlier,  profuse  twinning  has  been  observed  in  anorthite 
in  both  specimens  BULK-C  and  INTER-C.  Although  it 
is  not  possible  to  distinguish  between  deformation  twins 
and  growth  twins  purely  by  observation,  it  is  reasonable 
to  assume  that  deformation  twinning  does  occur.  This 
would  partially  relieve  the  elastic  strain  energy  and 
hence  enhance  the  degree  of  crystallization.  Next,  let 
us  consider  the  assumption  that  the  crystalline  ma¬ 
trix  surrounding  the  intergranular  podcet  is  conqrletely 
rigid.  Qarke^  has  discussed  the  existence  of  very  thin 
intergranular  glassy  films  in  ceramics  which  may  be 
thermodynamically  stable.  If  such  films  were  to  exist 
in  the  alumina-anorthite,  it  is  plausible  that  they  would 
facilitate  creep  of  matrix  grains,  thus  allowing  accom¬ 
modation  of  the  volume  change  during  crystallization. 
Sudi  accommodation  would  be  expected  to  lead  to  an 
increase  in  density  after  crystallization.  An  attempt  was 
made  to  correlate  the  measured  densities  of  INTBR-G 
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INTCR*C  with  their  respective  theoretical  densities  (see 
Thble  I).  However,  due  to  the  very  small  difference  in 
the  densities  of  glassy  and  crystalline  anorthite,  and  the 
laige  fraction  of  porosity  in  tte  bulk  alumina  specimen, 
the  results  were  inoonclusive. 

Finally,  we  wish  to  enqihasize  that  achieving  a 
high  degree  of  crystallinity  in  glass-ceramics  and  LPS 
ceramics  is  of  great  tedinological  value  in  terms  of  their 
improved  physical  properties.  Our  study  of  the  anorthite 
system  has  dearly  shown  that  near-100%  crystallinity 
can  be  adiieved  in  both  bulk  anorthite  and  aiumina- 
anoithite.  Further,  the  applicability  of  existing  models 
for  constrained  crystalliziUlion  to  r^  systems  has  been 
demonstrated. 

V.  CONCLUSIONS 

It  can  be  conduded  that  near-100%  crystallinity  can 
be  achieved  when  anorthite  is  crystallized  from  the  same 
conqiosition  glass  in  (a)  bulk  form  and  (b)  situated  in 
an  intergranular  pocket  constrained  by  four 'or  more 
alumina  grains  in  a  LPS  alumina.  Such  a  hi^  degree  of 
crystallinity  can  be  attributed  to  the  following  reasons: 
(i)  the  composition  of  the  glass  was  the  same  as  the  crys- 
Udlizing  ph^  and  (ii)  the  density  of  crystalline  anorthite 
is  very  dose  to  that  of  glassy  anorthite.  Other  reasons 
that  also  possibly  contributed  are  strain  energy  relief  due 
to  tvmming  of  anorthite,  and  aeep  of  the  constraining 
matrix  (anorthite  grains  in  BULK-C  and  alumina  grains 
in  INTER-Q  at  the  crystallization  temperature. 

ACKNOWLEDGMENTS 

The  authors  would  like  to  thank  V.P.  Dravid  for 
his  help  with  the  HRIBM  work  and  A.  Owens  for 
his  help  with  the  SEM  work.  Funding  for  this  work 
was  provided  by  the  United  States  Air  Force  Office  of 
Scientific  Reseat  and  Coots  Ceramics  Company. 

REFERENCES 

t.  P.W.  MdMJUan,  Glass-Ceramics  (Acwtemic  Press,  Loadoo, 
197^. 

Z  Z.  Siaad,  Glass  Sdence  and  Jiduiology  (Glass-Ceramic  Materi¬ 
als, 'VoL  6,  Ebevier,  New  York.  1986). 

3.  N.A  TtSK/iaky,  D.G.  Braadoa,  and  E  Y.  Gatmanas,  Mater.  ScL 
Eng.  7L  65  (1985). 

4.  H.  Ibniaszewski,  Ceram.  Im.  14, 93  (1988). 

5.  W.A.  Zdaniewild  and  ILP.  fOrdmer,  Adv.  Ceram.  Mater.  1, 99 
(1986). 

6.  EJ.  Btwnieoii,  H.M.  Chan,  and  EE  Lawn,  J.  Am.  Ceram.  Soc. 
72,677(198^ 

7.  CA  Poweli-Do|an  and  AE  Heuer,  J.  Am.  Ceram.  Soc.  73, 
3677  (1990). 

8.  CA  Powell-Doiaa  and  AE  Hener,  J.  Am.  Ceram.  Soc.  73, 
3684  (1990). 

9.  N.P.  Padlaie  and  EM.  Chan,  J.  Mater.  Sci  26,  2711  (1991). 

10.  D.  A  Bonaell,  T-Y.  Hen,  and  M.  ROhie,  J.  Am.  Ceram.  Soc.  70, 

460  (1987). 


11.  W.  D.  Kingery,  E  K.  Bowen,  and  D.  R.  Ubbnann,  Introduction  to 
Ceramics  (John  Wiley  &  Sons,  New  York,  1976). 

IZ  S.M.  Wiederhom,  B.J.  Hockey,  and  EF.  Krause,  Jr.,  Ceramic 
Mkrostmctures  '86,  edited  by  J.  Pask  and  A  G.  Evans  (Plenum 
Press,  New  York.  1988),  p.  795. 

13.  F.  F.  Lange,  J.  Am.  Ce^.  Soc.  61,  S3  (1978). 

14.  E  A  Page  and  ES.  Chan,  J.  Mater.  Sci.  Lea.  8,  938  (1989). 

15.  A  Ikuge,  E  Nashida,  and  M.  Komatsu,  J.  Am.  Ceram.  Soc.  67, 
323  (1984). 

16.  D.S.  Wilkinson,  J.  Am.  Ceram.  Soc.  71,  562  (1988). 

17.  E  and  F.  F.  Lange,  Acta  Metall.  29,  1993  (1981). 

18.  Y.  Yesbunin,  Z.  Rosenberg,  N-A  Travitzky,  and  D.G.  Brandon, 
Mater.  Set.  Eng.  71.  71  (1985). 

19.  CA  Powell-Do^  and  AH.  Heuer,  J.  Am.  Ceram.  Soc.  73, 
3684  (1990). 

20.  M.  Cukiertw  and  D.  R.  Uhlmann,  J.  Geophys.  Res.  li,  4920 
(1973). 

21.  M.  Yamane  and  M.  Okuyama,  J.  Non-Cryst  Solids  5Z  217 
(1982). 

2Z  D.  Qanmer,  E  Salomaa,  E  Yinnon,  and  D.E  Ublmann, 
J.  Non-Ctyst  Solids  45,  127  (1981). 

23.  L.  Klein  and  D.  E  Uhlmann,  J.  Geophys.  Res.  79,  4869  (1974). 

24.  M.S.Y.  Bhatty,  J.A  Gard,  and  F.P.  Glasser,  Miner.  Mag.  37, 
780  (1970). 

25.  J.S.  Reed,  Introduction  to  Principles  of  Ceramics  Processing 
(John  Wiley  &  Sons,  New  York,  1988). 

26.  N.  Bansal  and  E  H.  Doremus,  Handbook  of  Class  Properties 
(Academic  Press,  Orlando,  FL,  1986). 

27.  W.  F.  Cole,  E  Sonim,  and  W.  H.  Taylor,  Acta  Cryst.  4, 20  (1951). 

28.  National  Bureau  of  Standards  Circular  3,  1  (1959). 

29.  J.  V.  Smith  and  W.  L.  Brown,  Felder  Minerais  (Springer- Verlag, 
Berlin,  1988),  Val.  1. 

30.  D.  R.  Clarke,  /.  Am.  Ceram.  Soc  70,  15  (1987). 

31.  D.  Turnbull,  Solid  Suite  Physics  (Academic  Press,  New  York, 
195Q,  W)l.  3. 

3Z  J.  HoSnuui,  J.  Chem.  Phys.  29,  1192  (1958). 

APPENDIX 

The  expression  derived  by  Raj  and  Lange  for  the 
normalized  free  energy  change  during  constrained  crys¬ 
tallization  is  given  by'^: 

Ag  =  -f  -  P®  -f  3/2poP®  (Al) 

The  constituent  terms  are  defined  as  follows*^: 

(1)  p  is  a  measure  of  the  crystal  size  relative  to  the  pocket 
size  [see  Fig.  1(b)]  and  is  given  by: 

p  =  r/R  (A2) 

(2)  po  is  related  to  the  critical  radius  of  the  crystal  (ro) 
by: 

Po  =  ro/R  (A3) 

Assuming  homogeneous  nucieation,  ro  is  given  by: 

r©  =  2’y/AGv  (A4) 

where  7  is  the  interfacial  energy  between  the  crystal  and 
the  glass,  and  AGv  is  the  decrease  in  the  free  energy  per 
unit  volume  of  the  crystallized  glass.^’ 
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(3)  a  is  a  measure  of  the  strain  eneigy  per  unit  volume 
in  the  crystallizing  phase  relative  to  the  chemical  free 
eneigy  during  the  transformation,  and  b  given  by: 

a  =  6V^Kc/2AG„  (A5) 

where  6V  is  the  change  in  the  volume  during  transfor¬ 
mation  per  unit  volume  of  the  crystal  and  is  the  bulk 
modulus  of  the  ctystallizing  phase. 

(4)  b  is  a  measure  of  the  strain  energy  per  unit  volume 
in  the  glass  phase  relative  to  the  chemical  free  eneigy 
during  the  transformation,  and  is  given  by: 

6  =  brVir,/2AG„  (A6) 

where  Kg  is  the  bulk  nKxiulus  of  the  glass. 

By  substituting  reasonable  values  for  the  aforemen¬ 
tioned  variables,  we  may  now  obtain  Ag(p).  The  value 
of  Af/v  can  be  estimated  using  the  following  relation: 

AG«  =  Afry(AT.T/T2)  (AT) 


where  Abf/  is  the  heat  of  fusion  per  unit  volume 
of  the  crystallizing  phase,  T  is  the  crystallization 
temperature,  7„  is  the  equilibrium  melting  temperature 
of  the  crystallizing  pha%,  and  AT  is  the  undercool¬ 
ing  (7,  -  T)P  Taking  7„  =  1826  K,»  7  =  1473  K 
(A7=  353  K)  and  AHf  -  1.04  x  10’  J/m\^  we  ob¬ 
tain  AG„  =  1.62  X  10®  J/m®.  Using  this  value  of  AGv 
and  7  =  0.19  J/m^^  we  obtain  ro  =  23  x  10^  m 
(23  A)  [Eq.  (A4)].  Taking  /?  =  0.5  x  10^  m  («!  (im 
podcet  size)  we  may  now.obtain  pb  =  0.005  [Eq.  (A3)]. 
From  values  for  the  density  of  anorthite  composition 
glass  and  the  theoretical  density  of  crystalline  anorthite, 
we  obtain  SV  =  0.023.  Finally,  taking  values  from 
the  literature  for  the  bulk  moduli  (Kc  =  139  GPa,^ 
Kg  =  52  GPa“)  and  substituting  in  Eqs.  (A5)  and 
(A6),  reflectively,  we  obtain  a  =  0.221  and  b  =  0.083. 
^nation  (Al)  can  now  be  rewritten  as: 

Ag  =  0.221p^®  +  0.083p‘*  -  P®  +  O.OOTSp^  (A8) 
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Objective  Evaluation  of  Short-Crack  Toughness  Curves  Using 
Indentation  Flaws:  Case  Study  on  Alumina-Based  Ceramics 


Linda  M.  Braun  Stqjhen  J.  Bennison,*'"*  and  Brian  R.  Lawn* 

Materials  Science  and  Engineering  Laboratory,  National  Institute  of  Standards  and  Technology, 

Gaithersburg,  Maryland  20899 


An  objective  methodology  is  developed  for  evaluating 
tonghn^  curves  (7-curvcs)  of  ceramics  using  indentation 
flaws,  ‘nvo  experimental  routes  are  considered:  (i)  conven¬ 
tional  measurement  of  inert  strength  as  a  function  of  inden¬ 
tation  load;  (ii)  in  situ  measurement  of  crack  size  as  a 
fhnetion  of  applied  stress.  Central  to  the  procedure  is  a 
proper  calibration  of  the  indentation  codfidents  that 
determine  the  Jf-field  of  indentation  cracks  in  ctunbined 
rcsidnal-contact  and  applied-stress  loading,  using  data  on 
an  appropriate  base  material  with  single-valued  toughness. 
Ihsts  on  a  fine-grain  alumina  serve  to  demonstrate  tiie 
approach.  A  key  constraint  in  the  coefficient  evaluation 
is  mi  observed  satidlaction  of  the  classical  indentation 
strengtb-Cload)""*  relation  for  such  materials,  implying  an 
gcomdrical  shnilarity  in  the  crack  confi^rations 
at  fofliire.  T-curves  for  any  alumina-based  ceramic  wUhout 
single-vaiued  toughness  can  then  be  generated  objectivdy 
fkom  inert-strength  or  in  situ  crack-size  data.  The  method¬ 
ology  thereby  dreumvents  the  need  for  any  preconedved 
model  of  toughening,  or  for  any  prescribed  analytical  rep¬ 
resentation  of  the  7-curve  function.  Data  on  coarse-graini 
aiaminas  and  alumina-matrix  material  with  aluminum 
titanate  second-phase  partides  are  used  in  an  fllustrative 
case  study. 

I.  Introduction 

f’l^XJOHNESS  curves  or  lesisunce  curves  (7-<urves,  A*- 
X  curves,  /l-curves),  which  describe  a  functional  dependence 
of  toughness  on  crack  size,  are  now  known  to  have  a  profound 
influence  on  the  mechanical  properties  of  ceramics.''^  Tradi¬ 
tional  7-<urve  measurements  are  made  with  long  cracks  in 
notched  specimens.  However,  some  of  the  most  important 
mechanical  properties,  notably  strength,  are  determined  in  the 
liomain  of  short  cracks,  i.e.,  cracks  on  a  scale  comparable  with 
that  of  the  microstructure.  As  intimated  in  measurements  of 
crack  extension  from  natural*-^  and  controlled^^  surface  flaws 
in  several  ceramics,  the  critical  short-crack  region  of  interest 
lies  below  the  lower  limits  of  valid  extrapolation  from  long- 
crack  data. 

It  is  in  this  context  that  radial  cracks  from  Vickers  indenta¬ 
tions  have  been  widely  used  as  a  means  for  evaluating  tough¬ 
ness  properties  in  the  short-crack  region.  In  the  most  practical 
form  of  the  method,  inert  strength  is  measured  as  a  function  of 
indentation  load.*-*  Materials  with  single-valued  toughness  are 
characterized  by  a  classical  indentation  stiengtb-(load)~''^  rela¬ 
tion;*  the  existence  of  a  7-curve  may  then  be  inferred  by  depar- 
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tures  from  this  relation.  Specifically,  as  the  7-curve  becomes 
more  pronounced  the  strength  tends  to  a  weaker  dependence  on 
indentation  load,  and  thence  on  initial  flaw  size.'*  "  This  quality 
of  flaw  tolerance  is  attributed  to  stabilization  of  crack  growth 
from  a  shielding  /f-field  that  increases  with  crack  extension* 
(or,  alternatively,  an  tui/i-shielding  AT-field  that  decreases  with 
extension'-'*),  and  is  a  desirable  end  result  in  structural  design. 

A  second  form  of  the  indentation  method  entails  piecewise 
measurement  of  radial  crack  extension  under  monotonically 
increasing  applied  loading,  in  much  the  same  viay  as  indicated 
above  for  natural  flaws.  This  approach  derives  from  early  work 
on  materials  with  single-valued  toughness,  notably  soda-lime 
glass,*  aimed  at  quantifying  the  stabilizing  role  of  residual  con¬ 
tact  stresses  in  the  fracture  mechanics.  With  the  indentation 
^-field  thus  calibrated  one  should,  in  principle,  be  able  to 
evaluate  any  /T-field  increment  (or  decrement)  due  to  micro- 
structural  shielding.  This  approach  has  recently  been  used 
to  generate  7-curves  for  certain  alumina,*  inhonrageneous 
(elongated  grain)  silicon  nitride,"  and  zirconia  ceramics.'* 

The  indentation  technique  has  not  been  without  detractors. 
The  most  critical  suggest  that  the  presumed  flaw  tolerance  in 
the  measured  strength-load  response  is  not  due  to  an  intrinsic 
7-curve  at  all,  but  is  an  artifact  of  the  technique.  A  common 
argument  is  that  the  tendency  for  the  strength  to  indentation- 
size  independence  simply  denotes  a  naturri  flaw  “cutofr  at 
low  loads.  This  is  despite  meticulous  attempts  to  confirm  that 
the  failures  occur  from  indentation  sites."  Another  school 
points  out  that  artifacts  in  both  indentation-strength  and 
applied-stress/crack-extension  data  can  arise  from  crack-size 
variations  in  the  two  coefficients  that  determine  the  combined 
applied-stress  plus  residual-contact  indentation  /iT-field.'--'^ 
Improper  specification  of  those  coefficients  can  result  in  appar¬ 
ent  7-curves  in  materials  which  are  unquestionably  single¬ 
valued  in  toughness,  including  glass. Yet  other  critics 
acknowledge  die  association  of  indentation-strength  data  with 
an  underlying  7-curve,  but  question  the  curve-fitting  proce¬ 
dures  used  in  quantitative  deconvolutions  of  the  latter  from  the 
former.  Analyses  based  on  specific  microstructural  shielding 
models,'*-"-'*-'*  regardless  of  how  well  they  might  be  substanti¬ 
ated  by  physical  observation,'^-"  typically  require  the  specifi¬ 
cation  of  several  adjustable  microstructural  parameters,  some 
of  which  can  be  determined  only  from  elaborate  data  fits.  Slight 
variations  in  these  adjustable  parameters  can  significantly  alter 
the  characteristics  of  the  de<xmvoluted  7-curve.  Conversely, 
|xtx»dures  that  represent  the  7-curve  by  sinq>listic  empirical 
functions'*^'  are  open  to  objection  for  inconsistencies  with 
physical  reality.  All  such  criticisms  must  be  answered  if  inden¬ 
tation-strength  is  to  be  retained  as  a  viable  means  of  7-curve 
evaluation. 

In  light  of  this  background,  we  endeavor  here  to  establish  a 
sound  scheme  for  evaluating  7-curves  of  ceramics  objectively 
firom  indentation-strength  and/or  applied-stress/crack-exten- 
sion  data.  We  illustrate  with  results  from  previous  indentation- 
strength  studies  on  alumina-based  ceramics,  one  on  monophase 
aluminas  covering  a  wide  range  of  grain  sizes**  and  the  other  on 
an  alumina-matrix  composite  with  aluminum  titanate  second- 
phase  particles.**  in  the  first  of  these  earlier  studies  a  detailed 
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fracture-mechanics  grain-grain  bridging  model'*  was  used  to 
deconvolute  the  T-curves.  Those  T-curves  were  found  to  devi¬ 
ate  negligibly  from  the  baseline  toughness  of  alumina  at  the 
finest  grain  size  (2.S  |tm),  but  became  progressively  more  pro¬ 
nounced  with  increasmg  coarsening.  Here,  we  devise  a  much 
simpler  methodology  for  generating  the  T-curves,  without  any 
need  for  specific  models  of  the  underlying  shielding  mechanism 
or  for  parametric  deconvolutions.  Our  evaluation  centers 
around  an  appropriate  determination  of  the  two  coefficients  that 
quantify  the  indentation  /f-field.  We  ensure  self-consistency  in 
this  deretmination  by  noting  that  the  ideal  indentation  strength- 
(load)'*'’  relation  is  well  satisfied  for  the  finest  grain-size  (con¬ 
trol)  alumina,  and  use  diis  relation  to  constrain  the  two  coeffi¬ 
cients.  An  integral  part  of  our  strategy  is  the  use  of  in  situ 
observations  of  crack  growth  during  stressing  to  failure,  to 
obtain  essential  information  on  the  indentation<rack  dimen¬ 
sions.  These  in  situ  observations  reinforce  our  previous  con¬ 
tention  that  fulure  does  indeed  occur  from  indentation  sites, 
enable  explicit  calibration  of  the  indentation  coefficients,  and 
(in  favorable  cases)  provide  an  alternative  route  to  evaluation  of 
the  T-curves. 

n.  The  ProUem  of  Analytically  Deconvoiutiiig 
T-Cnrves  from  Indentation  Data 

Let  us  consider  how  one  might  objectively  determine  the 
T-curve  from  indentatiorr-strength  and  applied-stress/crack- 
extension  data.  Begin  with  the  general  relation  for  the  “crack- 
tip”  #r-field  as  a  function  of  radial  crack  size  c  relative  to  the 
contact  center  for  equilibrium  indentation  cracks  with  residual 
deformation  fields  in  a  material  with  T-curve  behavior'-^-"-'* 

K4.C)  =  K^  +  K,+K^ 

=  «|Kr*c''*  +  x/’/f”  +  =  To  (la) 

/ITa  is  Che  stress-intensity  factor  associated  with  the  applied 
stress  Oa.  Kfi  with  the  residual  contact  field  at  indentation  load 
P,  and  with  microstructural  shielding  (the  source  of  the 
T-curve):  is  a  geometrical  coefficent  that  characterizes  the 
petuiylike  crack  configuration;^  X  '.ElHy^  is  a  coefr.cient, 
ideally  independent  of  c,  that  characterizes  the  intensity  of  the 
residual  field  in  terms  of  indentation  hardness  H  and  Young’s 
modulus  To  is  a  baseline  toughness,  monocrystal  for 
tiansgianular  fracture  and  grain  boundary  for  intergranular 
fracture.  Equation  (la)  tasy  be  normalized  to 

KJTo  =  (<|</ro)<rAc'«  +  (x/r,)P/c“  +  K^/To  =  1  (Ih) 

For  materials  with  no  T-curve,  =  0.  For  materials  wtr/t 
T-curve,  **  0,  but  in  this  study  we  make  absolutely  no  state¬ 
ment  as  to  what  explicit  functional  form  KJe)  might,  take. 
Equation  (la)  may  be  bansposed  into  a  form  appropriate  to  a 
“global”  AT-field 

^;(c)  »  «|KrAc'«  -I-  xP/c^ 

=  r,  -  Ar^(c)  =  T.  -H  T^(c)  =  m  (2) 

where  ArA(c)  is  an  effective  iqrplied  stress-intensity  factor; 
7i>(a)  *  -  ATaCc)  is  a  shielding  toughness  term,  and  T(c)  defines 
the  T-curve  for  die  material.'^ 

Equation  (2)  may  be  solved  for  the  iqjplied  stress  as  a  fiuic- 
tion  of  equilibrium  crack  size: 

<rA(c)  »  (l/^»c'«)[7Xc)  -  x/’/c”]  (3) 

Generally,  because  of  the  stabilizing  influence  of  ATufc)  and 
AT^fc)  in  Eq.  (1),  the  newly  formed  indenudon  cracks  will 
extend  stably  prior  to  crack  failure,  so  the  cridcal  failure  con¬ 
figuration  does  not  identify  with  spontaneous  propagation  from 
the  initial  crack  size,  Cg.'-*  The  inert  strength  identifies  with  the 
critical  configuration  Va  «  Om,  c  ^  Cm  >  c«,  at  which  <rA(c) 
passes  throu^  a  dominant  maximum,  conesponding  to  a  “tan- 
gency  condition” 


dK'^(c)/dc  =  dT(c)/dc  (4) 

inEq.  (2).'-^ 

Since  the  explicit  mathematical /arm  of  T(c)  is  not  specified 
a  priori  here,  analytical  solutions  of  the  strength  function  <Tm(P) 
for  materials  with  T-curves  are  not  generally  obtainable  from 
Eq.  (3).  (In  fact,  analytical  solutions  are  not  guaranteed  even 
when  the  form  of  T(c)  is  specifiable.)  On  the  other  hand,  if  the 
coefficients  «|)  and  x  can  be  properly  calibrated  from  Oa(c)  data 
on  a  control  material  with  single-valued  toughness,  the  T-curve 
should,  in  principle,  be  calculable  directly  tom  Eq.  (2). 

111.  Experimental  Procedure 

The  basis  of  the  experimental  T<urve  determinations  is  the 
analysis  of  inert  strength  data  for  specimens  with  indentation 
flaws,  in  combination  with  in  situ  measurements  of  the  flaw 
evolution  to  failure.  Here  we  use  strength  data  tom  earlier 
studies,^  but  include  a  brief  description  of  the  test  procedure 
for  completeness.  A  description  of  the  in  situ  crack-extension 
measurements  is  given  in  more  detail. 

(1)  MaterUds 

Alumina  was  chosen  as  a  base  for  this  study  because  of  its 
extensive  adoption  as  a  model  polycrystalline  material  in  sev¬ 
eral  previous  indentation  studies,  as  well  as  its  common  use  as  a 
practical  ceramic.  The  starting  material  was  a  high-purity  (500 
at.  ppm  Mg/AI)  alumina  with  equiaxed  grains  of  mean  grain 
size  2.S  pm.^  At  this  fine  grain  size,  alumina  has  a  negligible 
T-curve,^  and  so  serves  as  a  convenient  control  for  the  materi¬ 
als  described  below.  Specimens  were  machined  into  disks  of 
thickness  3  mm. 

Aluminas  with  significant  T-curves  were  produced  by  heat- 
ueating  batches  of  the  starting  material  to  pt^uce  microstruc- 
tures  with  enlarged  grain  sizes.^  Here  we  consider  grain  sizes 
15, 35,  and  80  pim. 

An  alumina-matrix  composite  with  especially  pronounced 
flaw  tolerance”  was  also  investigated.  This  composite  contains 
20  vol%  aluminum  titaruite  as  a  second  phase.  Fteparation  was 
by  sintering,  via  a  conventional  powde^  processing  route.”” 
Ihe  mean  size  of  the  matrix  alumina  and  aluminum  titanate 
grains  was  6  pm,  but  with  occasional  agglomerates  of  the  latter 
of  S  to  10  grains.”  Specimens  of  this  material  were  cut  into 
disks  S  mm  thick. 

All  specimens  were  polished  on  one  side  to  remove  spurious 
machining  stresses,  and  to  observe  ensuing  indentation  cracks 
with  minimum  surface  obstruction. 

(2)  Indentation-Siniigth  Tests 

Vickers  indentations  at  specified  loads  were  made  in  the  cen¬ 
ter  of  each  polished  surface.  The  disks  were  broken  in  biaxial 
flexure,  indratations  centered  on  the  tensile  side,  with  6-mm- 
diameter  flat  loading  on  three-ball  support.”  These  tests  were 
conducted  with  a  dr^  of  oil  on  the  in^tation  site  and  broken 
in  fast  loading  (within  10  ms),  to  maintain  “inert"  conditions. 
Stresses  at  the  indentation  site  were  calculated  tom  the  applied 
load  using  thin  plate  theory.”  Post-mortem  examinations  were 
made  of  all  polished  specimens  to  confirm  frulure  initiation 
tom  the  indentation  sites. 

Some  comparative  tests  were  made  on  specimens  with 
annealed  indentations,  to  remove  the  crack-s^ilizing  influ¬ 
ence  of  the  contact  field.* 

(3)  In  Situ  Observadons  of  Crock  Extension 

In  situ  observations  of  indentation-crack  growth  to  failure 
were  made  using  a  custom-built  biaxial  flexure  fixture  for 
placement  on  an  optical  microscope  or  in  an  SEM.  A  schematic 
is  shown  in  Fig.  1 .  A  piezoelectric  translator  was  used  to  apply 
a  load  to  the  biaxial  flexure  specimen.  Stable  growth  of  the  sur¬ 
face  radial  cracks  could  then  be  followed  dir^y  as  a  function 
of  monotonically  increasing  load,  measured  using  a  load  cell. 
Quantitative  tests  were  carried  out  exclusively  on  the  optical 
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Fig.  I.  Schematic  of  hxtuie  for  viewing  indentation  crack  grovrih  in 
situ  during  stressing  to  failure.  Load  is  delivered  to  a  biaxial  flexure 
specimen  by  a  piezoelectric  translator  and  is  measured  by  a  toad  cell. 
The  fixture  can  *'e  located  on  the  stage  of  an  optical  microscope  or  in  an 
SEM. 


microscope.  Indentation  sites  were  again  covered  with  oil  to 
reduce  the  influence  of  moisture,  and  covered  with  a  glass  cover 
slide  to  facilitate  microscopic  observation.  In  our  tests  a  typical 
run  to  failure  took  1-2  h.  Crack  sizes  were  measured  at  each 
stage  of  loading  from  video  recordings  of  the  crack  evolution 
after  failure  was  complete.  Subsidiary  observations  were  made 
in  the  SEM  on  the  alumina-matrix  composite  to  examine  the 
crack-face  morphology. 

The  immediate  postindentation  crack  patterns  in  the  fine- 
grain  control  alumina  and  the  alumina-matrix  composite  were 
observed  to  be  “well-developed,”  i.e.,  four  r^ial  arms 
extending  symmetrically  from  the  indentation  comers,  with 
each  arm  of  length  more  than  twice  the  Vickers  impression 
half-diagotul.”  Such  was  not  the  case  for  the  coarsest  alumi¬ 
nas,  where  the  cracks  deflected  abruptly  along  local  crack  grain 
boundary  facets  in  a  more  irregular  fashion.  In  situ  observa¬ 
tions  on  the  coarse  aluminas  were  accordingly  confined  to  sem- 
iquantitative  estimates  of  the  net  crack  extension  to  fiulure.'^ 

(4)  Hardness  and  MaduUis 

The  indentation  hardness  (load/projected  contact  area)  was 
evaluated  directly  from  the  impression  diagonals  of  the  Vickers 
indentations  for  each  material.  Young’s  modulus  for  dre  alu¬ 
mina  was  taken  from  a  previous  estimate,”  and  for  the  compos¬ 
ite  material  determined  by  an  independent  acoustic  technique.  '” 

IV.  Results  and  Analysis 

(I)  IndentadonStrengdi  Data 

Figure  2  is  a  plot  of  inert  strength  vs  indentation  load  results 
for  our  as-indented  2.S-|i.m-grain-size  control  alumiiu,  from  an 
earlier  study.”  Figure  3  is  a  plot  of  corresponding  results  for  I S, 
35,  and  80  fun  fi3r  the  coarse-grain  test  aluminas,  from  the 
same  data  source.  All  data  points  with  error  bars  are  means  and 
standard  deviations  (logarifomic  coordinates)  fiira  minimum  of 
four  specimens  at  each  prescribed  load.  These  points  exclu¬ 
sively  represent  confirmed  failures  from  indentation  sites.  Any 
breaks  tmatj  from  indentations  are  included  in  a  data  pool  for 
natural  flaws,  intUcated  at  left  by  the  shaded  regions.  Included 
in  the  plot  for  the  control  materid  in  Fig.  2  are  some  additional 
individual  results  from  the  in  situ  runs  (see  Section  1V(2)).  The 
solid  line  in  Fig.  2  is  a  least-squares  dau  fit,  in  accordance  with 


Fig.  2.  Plot  of  aJi.P)  inert  strength  data  for  control  alumina,  grain 
size  2.S  tim,  with  Vickers  indentation  flaws  (closed  symbols).  Data 
from  Ref.  22.  Additional  results  from  cuirent  individual  in  situ  runs 
(open  symbols).  Solid  straight-line  fit  of  (slope)'”'  (logarithmic  coor¬ 
dinates)  allows  determination  of  (Tg/iklfTi/X)'''  in  Eq.  (^)  for  alumina. 


prediction  for  a  material  with  single-valued  toughness  (Section 
IV(2)).  This  last  fit  is  reproduced  in  Fig.  3  (dashed  lines)  as  a 
reference  baseline  for  evaluating  flaw  tolerance  in  the  coarser 
aluminas. 

Figure  4  is  a  plot  of  coiresponding  inert  strength  vs  indenta¬ 
tion  load  results  for  the  as-indented  alumina-matrix/aluminum 
titanate  composite.-'  in  this  case  data  points  with  error  bars  are 
means  and  standard  deviations  for  4-10  specimens  at  each  pre¬ 
scribed  load.  Again,  the  dashed  line  is  reproduced  from  Fig.  2 
as  a  reference  baseline. 

The  results  in  Figs.  3  and  4  indicate  large  matrix  grains  and 
second-phase  particles  as  important  microstructural  elements 
contributing  to  high  flaw  tolerance."  We  note  the  especially 
low  sensitivity  of  the  data  to  indentation  load  for  the  composite 
material  in  Fig.  4,  i.e.,  enhanced  strength  at  large  P 
(approaching  the  long-crack  region),  counterbalanced  by 
diminished  strength  at  small  P  (short-crack  region). 

(2)  In  Situ  Measurements  of  Crack  Growth  in  Control 
Fine-Grain  Alumina 

As  indicated  earlier,  the  2.S-)Mn-grain-size  alumina  was  used 
as  a  control  material  for  calibrating  indentation  coefficients. 
71k  indentations  in  this  material  were  characterized  by  a  well- 
foniKd  radial  crack  system  at  each  of  the  indentation  loads  P, 
with  all  four  radial  arms  from  the  indentation  corners  equal  in 
length  to  within  10%  and  with  the  radial  surfoce  traces 
excising  twice  the  indentation  half-diagonals  (conditions  for 
“well-developed”  radial  cracks”).  The  fracture  was  predomi- 
luuitly  intergmular. 

On  plication  of  an  applied  flexural  stress  the  radial 
cracks  in  the  as-indented  (x  ^  0)  specimens  began  to  extend 
stably,  but  with  discrete  jumps  in  increments  of  one  to  three 
grains.  Soiik  persistent  slow  crack  growth  was  observed  at  sus¬ 
tained  stress  after  such  jumps.  After  each  such  jump  the  load 
was  ramped  up  until  the  next  jump  occurred.  'Iliis  piecewise 
extension  proceeded  relatively  uniftnmly  in  all  firur  radial 
directions  until,  at  *880%  of  the  failure  stress,  one  pair  of 
cracks  began  to  develop  at  the  expense  of  the  other.  Radial 
crack  sizes  2c  were  measured  at  initial  and  final  extremities  of 
this  dominant  pair  at  each  abrupt  jump-arrest  point.  Figure  5  is 
a  plot  of  the  OAfe)  data  for  sev^  vtdues  of  P.  Such  precursor 
stable  growth  has  been  well  documented  in  silicate  glasses,' 
homogeneous  silicon  nitride,"  and  other  fine-grain  ceramics. 

Let  us  now  examine  aA(c)  in  Eq.  (3)  for  the  special  case  of  a 
single-valued  toughness,  T  =  r,.  inert  environitKnt  it  is 
readily  shown*  for  this  case  that  the  crack  begins  stable  growth 
from  its  immediate  postindentation  configuration  at 
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a*  =  0  (5a) 

c  =  c^  =  (xPlTo)^  (5b) 

to  instability  at  the  maximum  (da^/dc  =  0) 

Wa  =  <Tm  =  (3To/4^)(TcJ4xP)''^  (6a) 

c  =  Cm  =  (4xP/TJ^ 


Thus  we  have  a  stable  branch  of  relative  size  Cm^Co  =  4“  = 
2.52.  Constancy  of  the  experimental  quantity  implies 

invariance  in  the  compound  parameter  P  at  failure; 

similarly,  constancy  in  c^P'^^  implies  invariance  in  x-  Using 
Om  and  Cm  in  Eq.  (6)  as  normalizing  parameters,  Eq.  (3)  m^  be 
reduced  to  the  universal  function 

(7) 


(6b)  oJtJy,  =  (I/3)(Cm/c)''^[4  -  (c„/cn 


Fig.  3.  Plot  of  OmCT*)  iiiM  strength  data  for  coarse-gnin  lest  aluminas  with  Vickers  indentation  flaws.”  Grain  size:  (A)  IS,  (B)  35,  and  (C)  80  (un. 
Fit  to  control  data  in  Fig.  2  is  reproduced  as  the  dashed  lines.  Note  higher  flaw  tolerance  at  larger  grain  size. 


10-'  lOO  10'  10®  103 


Indentation  Load.  P  (N) 

Fig.  4.  Plot  of  aJiB)  ineft  strength  dam  for  aluminum  titanate/ 
ahnmaa-naalrix  composite  with  Vicfcm  indentation  flaws.  Dashed  line 
b  fit  to  2.S-iun  ahimhia  control  fiom  Fig.  2. 


Radial  Crack  Size,  c  (pm) 

1^.  5.  Plot  of  in  situ  Vickers  radial  crack  growth  <j^c)  data  (log^ 
rithmic  coordinates)  for  2.S-pm>grain-size  alumina  control,  at  speci¬ 
fied  values  of  P.  ^lid  curves  are  fit  to  Eq.  (3)  at  T  =  T,  using 
calibrated  coeflicients  from  Section  IV(3). 

A1 


November  1992 


Objective  Evaluation  of  Short-Crack  Toughness  Curves  Using  Indentation  Flaws 


3053 


6.  Universal  ajlc)  diagram  (linear  coordinates)  for  alumina 
control,  Eq.  (7),  using  collaps^  data  from  Fig.  S.  Fit  allows  determi¬ 
nation  of  Om  and  c^  at  each  1^  P. 


Fig.  8.  SEM  micrograph  showing  bridging  in  alumina-matrix  com¬ 
posite.  Aluminum  titanate  is  light  phase.  B  marks  grain-grain  bridge 
sites. 


for  materials  with  single-valued  toughness. 

In  Fig.  6  we  fit  the  data  from  Fig.  5  to  this  universal  function 
by  least-squares  best-fitting  values  of  <ru  and  Cm  at  each  load  P. 
Note  that  this  procedure  makes  full  use  of  all  the  tT/^(c)  data, 
and  does  not  rely  exclusively  on  estimates  of  the  actual  maxi¬ 
mum  configuration. 

(3)  CaUbradoH  of  IndentaHon  Coefficients  for 
AlumUta-Bosed  Systems 

The  quantities  <Tm  and  in  Eq.  (6)  for  as-indented  speci¬ 
mens  are  most  conveniently  represented  as  functions  of  the 
independent  test  variable  P.  The  a,j(P)  evaluations  from  Fig.  6 
ate  included  in  Fig.  2,  to  demonstrate  overlap  with  the  earlier 
inert  strength  results  for  the  control  alumina.  In  accordance 
with  Eq.  (^),  a  best-fit  to  the  data  in  Fig.  2  yields 

*  572.5  ±  49.0  MPa  N''’  (8a) 

Similarly,  Fig.  7  is  a  plot  of  Cm(F),  and  a  best-fit  to  Eq.  (6^) 
yields 

CmF-»  =  23.1  ±  2.3  lun  N-*^  (Sb) 

Inserting  the  values  from  Eq.  (8)  back  into  Eq.  (6),  we  evaluate 


Fig.  7.  Plot  of  Cm  vs  P^  for  alumina  control.  Fii  allows  determina¬ 
tion  of  xlT,  in  Eq.  (66). 


r„/x  =  36.0  ±  3.6  MPa-m"=  (9a) 

Viji  =  3.68  ±  0.34  MPa  m’'-  (96) 

which.  oiKC  To  is  specified,  provides  us  with  “calibrated” 
indentation  coefficients  x  and  i|«  for  our  alumina. 

Results  from  comparative  tests  on  postindentation-annealed 
(X  =  0)  control  alumina  specimens  allow  a  check  on  this  cali¬ 
bration.  In  those  tests  failure  occurred  spontaneously  from  the 
initial  flaws.  Inserting  rr*  =  a,„  c  =  Co  into  Eq.  (3)  at  T  =  Ta, 
we  obtain  the  critical  stress 

=  <^tp  =  (T^yiko)''-  (10) 

Measurements  of  a,,  and  c„  from  13  specimens  over  the  indenta¬ 
tion  load  range  P  =  0.2  to  200  N  give  =  \.ll  ±  0.22 
MPa'm’'*.  corresponding  to  7;,/i|»  =  2.82  ±  0.36  MPa-m''*. 
This  value  is  somewhat  lower  than  that  in  Eq.  (96),  suggesting 
that  <|r,  while  invariant  with  P  at  the  critical  configuration  (as 
implied  by  the  strength-doad)'  '  fit  in  Fig.  2),  may  well  be  a 
diminishing  function  of  c  in  its  evolution  to  failure. 

(4)  In  Situ  Observations  of  Crack  Growth  in  Coarse-Grain 
Aluminas  antd  Alumina-MatrixIAluminum  Titanate 
Composite 

As  indicated  in  Section  III(3),  the  indentations  in  the  coarse- 
giain  monophase  aluminas  showed  considerably  more  irrcgular 
geometry  than  in  the  fine-grain  control  alumina.  Explicit  deter¬ 
mination  of  <Tk(c)  curves  of  the  kind  plotted  in  Fig.  5  was  there¬ 
fore  not  undertaken  for  the  coarse-giain  aluminas.  On  the  other 
hand,  in  line  with  previous  observations,'^  the  extent  of  stable 
crack  growth  prior  to  failure  was  observed  to  be  substantially 
greater  than  the  factor  Cm/Cu  =  2.52  from  Eqs.  (56)  and  (66)  for 
material  of  single-valued  toughness,  indicative  of  a  shielding 
AT-field. 

For  alumina-matrix/aluminum  titanate  composite,  the  rela¬ 
tively  fine  grain  size  produced  reasonably  well-defined  radial 
crack  patterns.  Even  so,  some  of  the  radial  crack  arms  were 
larger  than  their  neighbors.  Especially  strong  deflections,  pre¬ 
sumably  enhanced  by  strong  tensile  theimal  expansion  mis¬ 
match  stresses,^  occurred  at  alumina-matrix/aluminum  titanate 
interphase  boundaries  (Fig.  8).  The  presumption  of  such  tensile 
stresses  was  reinforced  by  the  appearance  of  sporadic  micro¬ 
cracking  through  the  bulk  of  the  composite  material.^-” 
Countervailing  compressive  stresses  at  adjacent  inteiphase  fac¬ 
ets  augment  Mctional  grain-grain  contacts  at  the  separating 
crack  wails,  thereby  creating  effective  bridges  aixl  contributing 
to  a  shielding  AT-field. 

Quantitative  in  situ  measurements  of  crack  size  as  a  function 
of  applied  stress  were  thereby  made  on  composite  specimens 
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Fig.  9.  PkX  of  ajif)  in  situ  ctack  growth  data  for  the  aluminum 
dtanate/alumina-matriK  composite,  alP  =  10,  30,  100,  200,  300  N. 
Comparison  with  data  for  alumina  fine-grain  control  at  same  loads 
(Fig.  5)  shows  much  enhanced  stable  growth  to  failure  in  the  compos¬ 
ite,  indicating  an  additional  shielding  AT-field  term. 


indented  at  loads  P  =  10,  30,  100,  200,  and  300  N.  Crack 
extension  was  more  erratic  than  in  the  fine-grain  alumina  con- 
ttx>l,  with  jumps  of  several  grain  dimensions  during  steady  load¬ 
ing.  Persistent  slow  growth  after  such  jumps  was  noticeably 
more  pronounced  than  in  the  control  alumina.  Where  the  ctack 
pattern  was  asymmetrical,  the  longer  of  the  two  pairs  of  radial 
arms  was  measured.  Figure  9  shows  the  ensuing  Oa(c)  data. 

It  is  instructive  to  compare  the  data  sets  for  the  composite  in 
Fig.  9  with  those  for  the  fine-grain  alumina  control  material  in 
Fig.  5.  Observe  first  that  the  strength  of  the  composite  is 
relkively  insensitive  to  indentation  load,  in  accordance  with 
Figs.  4  and  2.  At  the  same  time,  the  ctack  extension  to  failure  at 
any  given  load  is  strongly  enhanced.  Such  departures  from  the 
cl^ical  (Griffith)  flaw  response  are  indicative  of  a  substantial 
stabilizing  contribution  to  the  /(-field  from  the  second  phase. 

(5)  Modulus/Harditess  Ratio 

The  modulus/hardness  ratio  for  the  base  alumina  material 
was  determined  as  £//f  =  (395  ±  10GPa)/(l8.6  ±  1.0  GPa) 
=  21.3  ±  1.7,  independent  of  grain  size.  The  corresponding 
ratio  for  the  alumina-matrix/aluminum  titanate  composite  was 
£yw  =  (300  ±  25  GPa)/(13.2  ±  1.5  GPa)  =  22.7  ±  4.5. 
Hence,  within  the  experimental  scatter,  the  indentation  coeffi¬ 
cient  X  {EIHY"  (Section  li)  may  be  considered  essentially 
unchanged  by  addition  of  the  second  phase. 

Accwdin^y,  we  may  retain  the  calibrated  param^ers  in  Eq. 
(10)  for  our  evaluations  of  the  normalaed  T-curve  in  Eq.  (Ifr) 
for  the  alumina-matrix  composite  material.  Extension  to  evalu- 
mions  of  the  absoUae  T-curve  in  Eq.  (la)  is  contingent  on 
whether  or  not  deflections  along  the  inteiphase  boundaries  in 
the  conqiosile  significantly  alter  the  value  of  f,. 

(6)  T-Cmne  CoiutruetUuu 

The  calibntion  from  the  previous  subsection  allows  us  to 
oonstnict  7Xc)  diagrams  fbr  our  materials  fitom  indentation- 
streugdi  and  in  situ  applied-stress/crack-size  data. 

We  begin  with  the  alumina  coittol,  as  a  check  on  the 
assumption  T*  To  in^licit  in  Eqs.  (5)-(7).  The  family  of  solid 
curves  in  Fig.  10  reprMentsgenoations  of  the  no/mofized  func¬ 
tion  Ko(e)/To  in  Eq.  (Ih)  (^  ordinate)  using  inert  strengths 
(Ta  ~  Vm  <4  each  ImkI  P  from  Fig.  2,  and  corresponding  abso- 
bae  fim^ion  KJ^(c)  in  Eq.  (In)  (right  ordinate)  assuming  To  = 
2.75  MPs'm*^  (gtiim  boundary  toughness'*).  The  T-curve  is  the 
locus  of  tangency  points  to  these  curves,  as  defined  by 
dRli(c)/de  >■  d7tc)/dc  in  Eq.  (4).  This  locus  effectively  coin- 
ckte  with  the  horizontal  line  TXc)  >>  as  retired  fr>r  a  mate¬ 
rial  with  sh^le-valued  toughneu.  The  individual  points  in 
ng.  10  are  similar  genentions  of  RHicyTo  or  if  a(c)  from  the  in 


Fig.  10.  T-curve  diagram  for  line-grain  control  alumina,  grain  size 
2.5  |un.  Left  axis  normalized  TTTo,  right  axis  absolute  T  using  = 
2.75  MPa-m*^  as  grain  boundary  toughness.  Solid  curves  are  plots  of 
/C!fc)  in  Eq.  (2)  using  alumina  inert  strengths  <t„  at  indentation  loads  P 
from  Fig.  2.  Data  points  are  from  in  situ  observations  of  <r^(c)  in  Fig.  5 
at  same  loads.  Shaded  band  is  fitted  T-curve  at  7*  =  T,. 


shu  OaIc)  data  in  Fig.  5.  These  points,  representing  equilibrium 
states  in  the  growth  evolution,  are  a  direct  measure  of  T(c). 
Their  tendency  to  fall  below  the  dashed  T  =  To  line  may  reflect 
the  influence  of  slow  crack  growth,  in  addition  to  measurement 
uncertainties  in  the  crack  lengths.  Notwithstanding  such  depar¬ 
tures,  the  data  substantiate  the  presumed  invariance  of  tough¬ 
ness  in  the  control  alumina. 

Figure  1 1  generates  similar  tangency  constructions  for  the 
alumina  test  materials  of  grain  sizes  15, 35,  and  80  p.m  from  the 
<r„(P)  data  sets  in  Fig.  3.  Note  that  the  7Xc)  envelopes  fall 
below  the  line  T  =  To  at  short  crack  sizes  (c  <  400  |im,  approx¬ 
imately),  and  rise  above  this  line  at  long  crack  sizes  (c  >  400 
p.m),  reflecting  the  crossover  in  curves  in  Fig.  3.  The  steepness 
of  the  T-curve  increases  with  grain  size,  again  signifying  a 
microstructural  scaling  effect  in  the  shielding  term.  We  note  the 
absence  of  any  firm  indication  that  the  toughness  level  has 
reached  an  U|^r  plateau  over  the  crack-size  data  range  covered 
in  these  experiments. 

Figure  12  is  the  T-curve  construction  for  the  alumina-matrix/ 
aluminum  titanate  composite,  generated  from  both  inert 
strength  (Fig.  4)  and  in  situ  (Fig.  9)  data.  Again,  the  data  points 
from  the  in  situ  measurements  are  systematically  displaced 
below  and  to  the  right  of  the  Kjfc)  inert-strength  envelope,  in 
keeping  with  the  enhanced  crack  growth  obser^  in  this  mate¬ 
rial.  Nevertheless,  the  existence  of  a  particularly  steep  T-curve 
for  this  material  is  manifest.  An  independent  estimate  of  the 
long-crack  toughness  on  a  comparable  composite  material,” 
plotted  as  the  upper  dashed  line  at  T  *=  3To  (=*  8  MPa-m"^)  in 
Fig.  12,  signifies  that  the  cumulative  effect  of  bridging  is 
incomplete  over  >2  mm  crack  growth  in  our  experiments.  We 
point  out  that  a  crack  size  of  2  nun  represents  an  appreciable 
fraction  of  the  thickness  of  the  composite  disks  (5  mm)  so,  by 
virtue  of  specimen  geometry  effects  in  the  /(-field  relations,* 
any  extrapolation  of  the  data  at  extreme  right  in  Fig.  12 
belximes  subject  to  considerable  uncertainty. 

V.  Discussion 

The  present  study  offers  an  entirely  objective  strategy  fbr 
evaluating  short-crack  T-curves  from  indentation-strength 
data.  Underlying  our  evaluation  for  alumina-based  ceramics  is 
a  proper  calibration  of  the  indentation-strength  /(-field  coeffi¬ 
cients  fbr  a  fine-grain  matrix  material  with  negligible  T-curve. 
With  this  calibration  one  mry  determine  the  T-curves  from  the 
/(-field  relation  Eq.  (2)  in  conjunction  with  the  instability  rela¬ 
tion  Eq.  (4):'-’’  (i)  by  generating  families  of  /(i(c)  curves  fbr 
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(B)  (C) 

Fig.  II.  T-curvea  for  coarse-grain  aluminas,  grain  sizes  (A)  IS,(B)3S.and(C)80|im.  Left  axis  normalized  T/Tu,  right  axis  absolute  T using  r„  = 
2.75  MPa'm"’  as  grain  boundary  toughness.  Solid  curves  are  plots  of  in  (2)  using  alumina  inert  strengths  Og,  at  indentation  loads  P  from 
Fig.  3.  Shaded  barids  are  arbitrarily  fitted  T-curves. 


inert  strengths  tr^  at  given  indentation  loads  P,  and  fitting  an 
envelope  of  tangency  points  to  these  curves;  (ii)  by  generating 
K'^{c)  data  sets  directly  from  in  situ  cr^ic)  data.  The  T\c)  evalu¬ 
ations  are  limited  only  by  restrictions  in  the  crack-size  range 
over  which  the  indentations  remain  well-behaved,”  »50  fun  to 
2  nun  in  Figs.  10-12. 

Our  strategy  removes  all  the  objections  to  the  indentation 
methodology  stated  in  Section  I.  In  situ  observations  confirm 
failures  from  indentation  sites,  with  distinctive  stable  crack 
growth  prior  to  failure,  so  the  observed  flaw  tolerance  evident 
fi>r  the  materials  in  Figs.  3  and  4  cannot  be  dismissed  as 
strength  cutoffs  from  natural  flaws.  No  preconceptions  con¬ 
cerning  the  analytical  form  of  TXc)  are  implied  in  our  evalua¬ 
tions.  It  is  not  even  necessary  to  identify  a  priori  specific 
shielding  mechanisms.  The  key  to  our  calibration  of  the  inden¬ 
tation  coefficients  is  the  invariance  of  OmF*'’  over  the  load  range 
for  the  control  nuterial,  as  in  the  inert  indentation-strength  data 
for  the  fine-grain  alumina  in  Fig.  2.  This  cotre^xuids  to  an 
equivalent  invariance  in  the  compound  coefficient  in 
Eq.  (6a),  implying  self  similarity  in  tte  radial  crack  configura¬ 
tions  at  fiulure.  Within  this  constraint,  uncertainties  in  abrolute 
determinations  of  the  individual  parameters  4*  and  x  simply 
compress  or  expand  the  /Cl^(c)  curves  in  Fig.  10  along  the 
c-axis,  affecting  the  steepness  but  not  the  existence  of  the 
r<urve.  Without  this  constraint,  independent  calibrations  of  «|i 
and  X  can  lead  to  artificial  T-curves,  even  in  materials  like  sili¬ 
cate  glass  where  none  exist. Such  inadmissible  results  have 
prompted  some  workers  to  adopt  ad  hoc  calibration  procedures; 


30  100  300  1000  3000 


Radial  Crack  Size,  c  (|un) 

Fig- 12.  r-curve  for  ahimina-matrix/aluminaffl  thanate  composite. 
Left  axis  nonnalized  777;.  axis  absolute  T  using  7;  =  2.7S 
MRs-m”  as  gram  boundvy  toughness.  Solid  carves  are  plots  of  Klfc) 
in  Bq.  (2)  using  inert  streugdis  Om  indentation  loads  P  from  Fig.  4. 
DMa  points  are  ftom  in  situ  observations  <rfo,,(c)  at  same  loads.  Upper 
horizontal  dashed  line  is  independent  measurement  of  long-ci^ 
toughness  usmg  a  compact  tenskw  specimen.”  Shaded  band  is  arbi¬ 
trarily  fitted  T'-curve. 
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e.g.,  fixing  X  at  its  ideal  theoretical  value  while  force-fitting 
to  match  the  requirement  T  =  or  alternatively,  fixing 
tjf  while  force-fitting  A  predisposition  of  «|»  and  x  to 

dependency  on  c  during  the  evolution  to  failure  has  bron 
acknowledged  in  our  present  evaluations  of  the  former  coeffi¬ 
cient  from  Eq.  (10)  for  annealed  indentations,  as  well  as  in 
evaluations  from  earlier  studies.”-^’  This  potential  complication 
is  circumvented  in  the  present  procedure  by  the  seif  similarity 
of  the  inert  strength  configurations  implicit  in  Fig.  2. 

The  authenticity  of  the  T-curves  in  Figs.  1 1  and  12  is  sup¬ 
ported  by  a  weight  of  independent  evidence.  Experimental  con¬ 
firmation  of  a  microstructural  ^-field  shielding  term,  from 
fiictiofial  graitv-grain  bridging  at  the  crack  interface,  has  been 
documented  in  earlier  microscopic  studies  on  coarse  aluminas 
and  other  ceramics. In  addition,  direct  measurements  of  the 
crack-opening  profiles  indicate  a  strong  closure  effect  from  the 
bridging  tractions.’*  The  trend  to  a  steepening  T-curve  with 
increasing  grain  size  in  Fig.  1 1  reflects  that  reported  by  Kne- 
hans  and  Steinbrech”  for  long-crack  tests  in  alumina.  This 
same  trend  was  also  noted  in  deconvolutions  of  the  inert 
strength  data  in  Rg.  1 1  using  a  grain  bridging  fracture  mechan¬ 
ics  model  with  several  adjustable  parameters.'*  Quantitative 
comparisons  with  alternative  T-curve  evaluations  are  more  ten¬ 
uous,  because  of  strong  sensitivities  to  small  errors  in  crack 
measurements  (both  technique-  and  material-related)  and  speci¬ 
men  geometry  effects  in  the  underlying  fracture  mechanics 
relations. 

It  is  interesting  to  examine  how  the  present  calibration  values 
of  the  (Ka  ukI  coefficients  i|i  and  x  compare  with  previous 
estimates,  indentation  flaws  (and  most  natural  flaws  for  that 
matter)  tend  to  pennylike  geometry.’-’*  In  the  ideal  case  of  a  sin¬ 
gle  embedded  petmy  crack  in  an  infinite  solid  with  axial  sym¬ 
metry,  i|r  =  2/ir''’  =  1 .27.’  Vickers  radial  cracks,  however, 
depart  from  such  ideal  geometry  in  several  ways,  all  of  which 
may  be  expected  to  affect  «|f.  They  are  characterized  by  mutual 
intersections  with  the  specimen  free  surface  and  oi^ogonal 
radial  and  lateral  crack  systems.’*  They  tend  also  to  an  elliptical 
front,  the  more  so  as  they  extend  through  a  greater  fraction  of 
the  specimen  thickness,  and  are  armular  about  the  deformation 
zoiK  rather  than  center-point  loaded.'  For  our  as-indented  base 
alumina,  with  Tq  =  2.75  MPa-m*'’  (Section  IV(6)),  Eq.  (9^) 
yields  ijr  =  0.77.  A  determination  from  the  strength/crack-size 
measurements  on  postindentation-annealed  specimens  using 
Eq.  (10)  in  Section  IV(3)  gives  il>  =  0.96  for  the  same  alumina; 
an  analogous  determination  from  an  earlier  study  on  glass  gave 
i|(  =  0.89,’*  The  lower  value  for  as-indented  specimens  is  not 
inconsistent  with  a  diminishing  function  (|Kc)  between  Cq  atxl 

*.u.i4j«  Qu  3  previous  calibration,  using  a 

“dummy’'  indentation  technique  to  determine  the  critical  crack 
size  Cm  on  several  ceramics  arid  invoking  OmCm’  =  from 

Eq.  (6),*®  gave  i|>  =  1.24." 

Agrw  using  To  =  2.75  MPa-m*'’  for  our  base  alumina,  Eq. 
(9a)  yields  x  =  0.076.  This  value  compares  with  x  =  0.071 
fiom  measurements  of  immediate  postindentation  crack  sizes  in 
a  fine-grain  alumina,”  but  contrasts  strongly  with  an  earlier 
estimate  x  0.018"  based  on  the  dummy  in^tation  method 
just  mentioned  (i.e.,  using  «|»  =  1 .24  in  Eq.  (6a)).  As  with  <ji,  x 
mqr  be  susceptible  to  relaxation  with  extending  crack  size. 
AIm,  in  going  from  control  material  to  test  material,  x  may  be 
subject  to  variations  fiom  changes  in  indentation  deflation, 
not  least  fiom  changes  in  ilw  modulus-to-hardness  ratio,  x  ^ 
(Section  II).  This  is  not  a  factor  in  the  “pure”  aluminas, 
because  changes  in  grain  size  have  a  negligible  influence  on  the 
macroscopic  elastic  nrodulus  and  hardness  of  alumina.  For  alu¬ 
minas  witii  significant  proportions  of  simering  additives,  or  alu¬ 
mina-baaed  composites  with  additive  second  phases,  changes 
in£and/f  will  be  the  rule  rather  than  the  exception.  Inouralu- 
nnnum  titnate  conqrosite  these  changes  are  self-compensat¬ 
ing,  such  thm  E/H,  and  presumably  x*  rcmain  unaltered 
(Section  IV(S)).  Very  special  caution  nee^  to  be  exercised  in 
thoae  material  systems  in  which  the  deformation  in  the  second 
phase  is  not  volume  conserving,  e.g.,  as  with  “anomalous 
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glasses"*'  and  phase-transforming  zirconias,*’  where  the  rela¬ 
tion  X  ®  may  be  modified.” 

It  is  appropriate  to  weigh  the  advantages  and  limitations  of 
the  two  variants  of  the  indentation  methodology  advocated  here 
for  evaluating  r<urves.  Consider  first  the  indentation-strength 
route,  based  on  VuiP)  data  for  both  test  and  control  materials. 
The  procedure  is  routine,  fast,  and  free  of  potential  complica¬ 
tions  from  slow  crack  growth.  However,  several  specimens 
(typically,  a  minimum  of  four)  are  required  at  each  load  over  a 
wide  range  of  indentation  loads  to  generate  an  adequate  data 
set.  In  addition,  a  complete  calibration  of  the  indentation  coef¬ 
ficients  requires  some  measurements  of  critical  crack  sizes, 
Cm(P)<  on  a  representative  number  of  control  specimens.  Here 
in  situ  observations  on  fine-grain  alumina  were  used  (Figs.  4 
and  S)  to  determine  c^iP).  In  principle,  one  could  use  the  sim¬ 
pler  “dummy”  indentation  technique*'**  to  measure  Cm  values, 
but  at  considerable  potential  sacrifice  in  certainty.** 

With  the  alternative  route,  the  roles  are  reversed.  In  situ, 
a,fc)  measurements  on  the  actual  test  specimens  then  consti¬ 
tute  the  core  of  the  T-curve  evaluation — inert-strength  data  are 
needed  only  on  the  control  material.  From  a  quantitative  stand¬ 
point,  this  route  is  not  so  practical  for  those  materials  that  do 
not  form  well-defined  indentation  patterns,  such  as  our  coars- 
est-grain  aluminas  (Section  IV(4)).  Also,  as  noted  fc  r  the  com¬ 
posite  material  in  Fig.  12  (and  to  a  lesser  extent  for  the  control 
alumina  in  Fig.  10),  the  data  are  susceptible  to  slow  crack 
growth.  In  relation  to  Eq.  (2),  such  enhanced  extension  dis¬ 
places  the  data  to  the  right  (enhanced  crack  size  c)  and  down¬ 
ward  (diminished  at  prescribed  applied  stress  Oa  and 
indentation  load  P)  relative  to  the  equilibrium  T-curve.  On  the 
other  hand,  the  in  situ  procedure  enables  direct  confirmation  of 
failure  from  the  indentations,  and  demonstrates  enhancement  of 
precursor  stable  growth  in  the  more  strongly  bridged  materials. 
It  is  this  enhaiK^  stabilization  that  is  responsible  for  the  flaw 
toleraiKe  demonstrated  in  indentation-strength  tests;  the 
strength  is  no  longer  dependent  on  initial  flaw  size,  but  rather 
on  some  critical  (history-independent)  extended  crack  length  to 
an  instability  (tangency)  configuration.'®”'*’'  The  ^R-field 
from  the  residual  contact  stresses  in  as-indented  specimens  aug¬ 
ments  this  stability,  and  thereby  extends  the  range  of  crack  sizes 
over  which  useful  T(c)  data  may  be  accumulated.  Finally,  in 
situ  observations  are  able  to  provide  clues  to  the  underlying 
microstructural  shielding  processes  (in  our  case,  bridging) 
responsible  for  the  T-curve  behavior. 

The  indentation  methodology  proposed  here  for  evaluating 
toughness  properties  of  ceramics  is  pertinent  to  short-crack 
properties,  clearly  to  strength  but  also  to  spontaneous  micro¬ 
cracking,  wear,  thermal  shock,  and  damage  accumulation. 
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Flaw-Tolerance  and  Crack-Resistance  Properties  of 
Alumina— Aluminum  Titanate  Composites  with  Tailored  Microstructures 
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The  microstnictures  of  alumina-aluininuin  titanate  (A-AT) 
compodtes  have  been  tailored  with  the  intent  of  ^tering 
their  crack-resistance  (X-  or  T-curve)  behavior  and 
resnlting  flaw  tolerance.  Specifically,  two  mkrostmctural 
parameters  which  influence  grain-lo^ized  crack  bridging, 
viz.,  (i)  internal  recital  stresses  and  (ii)  microstructural 
coarseness,  have  been  investigated.  Particulate  aluminum 
titanate  was  added  to  alumina  to  induce  intense  internal 
residual  stresses  from  extreme  thermal  expansion  mis¬ 
match.  It  was  found  that  A-AT  composites  with  uniformly 
distribated  20-30  vol5(i  aluminum  titanate  ('^uplex’O 
showed  s^nificantly  improved  flaw  tolerance  over  single¬ 
phase  alumina.  Cmusening  of  the  duplex  microstructure 
via  grain  growth  scaling  was  relatively  ineffective  in 
improving  the  flaw  tolerance  further.  Onset  of  spontaneous 
microcracking  preduded  further  exploitation  of  this  scaling 
approach.  Therefore,  an  alternative  approach  to  coarsen¬ 
ing  was  developed,  in  which  a  uniform  distribution  of  large 
alumina  grains  was  incorporated  within  a  fine-grain  A-AT 
nutrix  (‘^uplex-bimodal”),  via  a  powder  processing  route. 
The  duplex-bimodal  composites  yielded  excellent  flaw 
tolerance  with  steady-state  toughness  of  MPa-m*^.  A 
qualitative  model  for  mkrostnicture  development  in  these 
duplex-bimodal  composites  is  presented. 

1.  Introduction 

OVER  the  past  decade  or  so  it  has  been  convincingly  demon¬ 
strated  that  the  macroscopic  toughness  of  alumina-based 
ceramics  increases  with  crack  extension.*'  Such  T-curve  or 
/{-curve  behavior*  arises  from  crack  tip  shielding  due  to  grain- 
localized  crack  bridging.'"'  In  this  mechanism,  intact  micro- 
structural  units  pull  out  in  the  crack  wake  during  propagation, 
providing  frictional  closure  tractions  across  the  crack  walls. 
One  of  the  most  important  manifestations  of  strong  rising 
T-curves  behavior  is  the  siabilization  of  crack  growth  during 
external  loading,  in  which  an  initial  flaw  undergoes  equilibrium 
stable  extension  several  times  its  original  size  en  route  to  fail¬ 
ure.*  This  stabilization  imparts  the  ceramic  with  the  highly 
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desirable  property  of  "flaw  tolerance,"  in  which  the  strength  is 
insensitive  to  the  initial  haw  size  or  subsequent  in-service 
damage.* 

Throretical  modeling  of  the  bridging  process  has  identified 
two  important  microstnictural  variables  that  influence  the 
T-curve  characteristics  of  alumina-based  ceramics,^  viz.,  (i) 
grain  size  and  (ii)  internal  residual  stresses.  The  grain  size  con¬ 
trols  the  bridge  pullout  distance,  which  in  turn  determines  the 
energy  dissipat^  as  frictional  heating  during  pullout,  and 
hence  governs  the  length  of  the  bridging  zone.  The  magnitude 
of  internal  residual  stresses  from  thermal  expansion  anisotr^y 
or  mismatch  influences  the  intensity  of  the  btidge-ciamping 
stress  which  also  plays  a  key  role  in  determining  ^  frictional 
dissipation  of  energy.  This  microstructural  depoidence  of  the 
T-curve  characteristics  and  the  resulting  mechanical  properties 
gives  us  the  opportunity  to  tailor  the  microstiuctures  of  a 
ceramic  (x>mponent  for  optimum  structural  performance.  *** 

The  influence  of  grain  size  on  the  T-curve  behavior  of  alumi¬ 
na-based  ceramics  has  been  investigated  by  several  researchers. 
Direct  measurements  of  the  T-curve  using  long-crack  testing 
geometries  (crack  size  »  microstructural  scale)  have  shown 
that  increasing  the  grain  size  enhances  the  T-curve."  Indenta¬ 
tion-strength  measurements  have  demonstrated  that  increasing 
grain  size  imparts  improved  flaw  tolerance  to  alumina  as 
expected  from  an  enhanced  T-curve. The  influence  of 
increased  internal  residual  stresses  on  the  T-curve  characteris¬ 
tics  and  flaw  tolerance  has  also  been  studied  to  some  extent  in 
two-phase  ceramics.*  Enhanced  T-curve  and  improved  flaw  tol¬ 
erance  have  been  observed  in  alumina  matrix  (and  other  ceram¬ 
ics)  where  internal  residual  stresses  are  intensified  by  deliberate 
ad(lition  of  a  second  phase  (distributed  as  an  intergranular 
phase'*"”  or  as  discrete  particles'*"'*). 

In  the  present  work  we  have  systematically  tailored  both  (i) 
internal  residual  stresses  and  (ii)  microstructural  coarseness  in 
two-phase  alumina-aluminum  titanate  (A-AT)  composites. 
The  internal  residual  stresses  are  adjusted  by  atldition  of  uni¬ 
formly  distributed  aluminum  titanate  particles  to  alumina.  Alu¬ 
minum  titanate  is  chosen  as  the  second  phase  because  its 
thermal  expansion  coefficients  both  are  extremely  anisot^ic 
and  show  large  mismatch  with  alumina.*  In  addition,  aluminum 
titanate  and  alumina  can  coexist  as  two  distinct  stable  phases 
with  limited  solid  solubility  at  the  firing  temperature 
employed.'*-*”  Microstructural  coarseness  was  adjusted  by  both 
(a)  uniform  coarsening  (scaling  in  the  classic  sense  to  produce 
self-similar  microstiuctures)  via  grain  growth  beat  treatments 
(referred  to  as  "duplex")  and  (b)  nonunifotm  coarsening  via  an 
dtemative  powder  processing  route  (referred  to  as  "duplex- 
bimodal”),  as  illustrated  in  Rg.  I.  Individual  and  combined 
influences  of  the  above  two  microstructural  variables  on  flaw 
tolerance  of  uilored  A-AT  composites  were  then  investigated 
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Flaw-Tolerance  and  Crack-Resistance  Properties  of  Alumina-Aluminum  Tiianaie  Composites 


using  the  indentation-strength  technique.''-'^  In  some  instances 
direct  T-curve  (kmg-crack)  measurements  were  also  carried 
out. 


n.  Experimental  Procedure 
(I)  Processing 

(A)  Powder  Preparation:  Commercially  availal>te  alu¬ 
mina  (A)  (a-AI]Oj,  *“0.5  (un  crystallites,  AKP-HP,  Sumitomo 
Chemical.  New  York,  NY)  and  aluminum  titanate  (AT) 
(P-AljTiOs,  *1.0  pm  crystallites,  Trans-Tech.  Adamstown, 
MD)  powdm  were  used  as  raw  materials.  These  powders  were 
mixed  in  volumetric  proportions  of  80A:20AT  (one  batch)  and 
70A:30AT  (four  batches)  in  methanol.  Individual  powd^ 
batches  were  blended  intimately  by  ball-milling  using  zitconia 
(Y-TZP)  balls  in  polyethylene  botdes  for  24  h  ^  the  resulting 
durries  pouted  into  Teflon  beakers.  Spray-dried  alumina  pow¬ 
der  (a-Al/)j,  *0.S  |un  crystallites,  *100  pm  agglomerates, 
E4-3-8S,  GTE,  Waltham,  MA)  was  added  to  three  of  the 
70A:30AT  slurries  in  the  following  proportions:  20, 30,  and  SO 
vol%.  All  individual  slurries  were  then  gently  stirred  while  dry¬ 
ing  on  a  hot-plate.  The  resulting  powdw  c^es  were  partially 
deagglomerated  by  crushing  and  stored.  The  three  powder 
Mends  containing  spray-dri^  agglomerates  were  used  for  pro¬ 
cessing  duplex-bititodal  composites.  The  rest  were  used  for 
duplex  composites.  Flow  ch^  in  Fig.  2  outline  the  powder 
preparation  procedures. 

The  entire  powder  processing  was  carried  out  in  a  laminar- 
flow  hood  within  a  class  A-lOO  clean  room.  The  following 
density  values  were  used  to  calculate  the  volumetric  |no- 
portions  of  the  powders:  o-Al,Oi  =  3.987  g/cm*  (Ref.  21)  and 
P-AI,ri05  =  3.700  g/cm’ (Ref.  22). 

(B)  Powder  Consolidation:  Individual  powder  batches 
(»3.5  g)  were  placed  in  polyethylene  bags,  crushed  between  a 
roller  and  plate  assembly ,  and  subsequently  placed  in  a  graphite 
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Fig.  1.  Schematic  diagram  contrasting  the  two  differeni  approKhes 
of  mictottructuie  coarsening:  (a)  duplex  microstnictuies — uniform 
coanening  via  grain-growth  heat  treatments  (scaling  in  the  classic 
sense),  aid  (b)duplex4)imodal  miciostnictures — nonunifotm  coarsen¬ 
ing  via  powder  processing. 


Fig.  2.  Flow  charts  outlining  powder  processing  procedures  used  for 
(a)  duplex  composites  and  (b)  duplex-bimodal  con^xKites. 


die.  Cylindrical  pellets  (2.S-mm  diameter  x  S-irun  thickness) 
were  fabricated  by  uniaxial  pressing  at  SO  to  63  MPh.  Several 
larger  pellets  (60-mm  diameter  x  5-mm  thickness,  *30  g 
powder  per  pellet)  were  also  pressed  using  the  procedure 
described.  The  uniaxialiy  pressed  pellets  were  plac^  in  latex 
bags  which  were  then  scaled,  evacuated,  and  subsequently 
isostatically  pressed  at  3S0  MPa.  Isostatic  pressing  was  carried 
out  to  remove  any  textural  defects  associated  with  the  uniaxial 
pressing. 

(C)  Calcination  and  Sintering:  Green  pellets  were 
packed  in  loose  alumina  powder  in  high-puri^  alumiiui  cruci¬ 
bles  and  calcined  in  air  using  an  electrical  resistance-heated 
furnace  at  I0S0°C  for  12  h;  a  heating  rate  of  1‘C/min  and  a 
cooling  rate  of  *30°Omin  were  employed.  These  calcined 
pellets  (packed  in  loose  alumina  powder  in  high-purity  alumina 
crucibles)  were  pressureless  sintered  in  air  at  temperatures  in 
the  range  1550°  to  I600°C  for  times  S  to  1170  min  with  a 
heating  rate  of  8°C/min  and  a  cooling  rate  of  *30‘C/tnin. 

The  powder  compositions  and  h^  treatments  for  the  dght 
different  materials  processed  in  the  present  work  are  listed  in 
Table  I.  The  following  scheme  for  material  nomeaciature  is 
adopted:  the  number  before  AT  refers  to  the  volume  percent  of 
aluminum  titatute  in  the  A-AT  mixture;  D  or  DB  in  parenthe¬ 
ses  refer  to  duplex  or  duplex-birtxxlal,  respectively;  the  letter 
after  (D)  refers  to  flie  grain  size,  S  small,  M  medium,  L  large; 
the  nutnber  after  (DB)  refers  to  the  volume  percent  of  sptay- 
dried  alumina  aggiomerates  (relative  to  the  A-AT  mixture)  in 
the  starting  powder.  For  example,  for  A-30AT(DB)-S0,  tiie 
matrix  composition  is  30  vol%  aluminum  titanate,  and  the 
composite  is  duplex-bimodal  artd  contains  50  vol%  alumina 
agglomerates. 

(2)  Characteriasdon 

Cross  sections  of  as-sintered  specimens  were  ground  and 
polished  to  l-|jun  grade  using  routine  ceramognphic  tech¬ 
niques.  These  sections  were  thermally  etched  at  1500^Z  in  air 
for  30  min,  and  subsequently  sputter-coated  with  Au  or  Au-Pd. 
The  microstructures  were  obs^ed  in  an  SEM  (AUTOSCAN, 
Etec  Corp.,  Hayward,  CA;  Model  1830,  Amray  Inc.,  Bedford, 
MA)  using  secondary  and  backscattered  electrons. 
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Table  1.  Compositions,  Processing  ParametefS,  and  Microstructural  Parameters  of  A-AT  Composites 

Powder  composilioa  (vol%)  Rcsuliing  microsmictiiie 


Maleriil* 

Mauix 

Spray- 

oriod 

AIA 

Siaieriag  heat  treatment 

Grain  size  <|un) 

Ooisily  (gfom*) 
(%  theDiciial] 

Hnc 

Aip, 

Fine 

AljTiO, 

Matrix 

AliOyA(;TiO, 

Luxe 

AIA 

A-20AT(D)-S 

80 

20 

l550*C,2.5h 

4.0 

3.896 

A-20AT(D)-M 

80 

20 

I550X:,  17.5  h 

6.4 

3.888 

A-20AT(D)-L 

80 

20 

155<rC,  19.5  h 

6.6 

3.825 

97.4% 

A-30AT(D)-S 

70 

30 

l600°C,0.08h 

2.5 

3.814 

97.8% 

A-3OAT0)-L 

70 

30 

i6(xrc,  Ih 

8.0 

3.788 

1 

A-30AT(DB)-20 

70 

30 

20 

l60(fC,  Ih 

as4 

*20 

3.835 

1  'jJtir.' 

A-30AT(DB>-30 

70 

30 

30 

I600fX:,lh 

aB4 

*24 

3.858 

1  r  » 

A-30AT(DB)-50 

70 

30 

50 

1600^,  Ih 

*25 

3.883 

[98.5%. 

*Tlie  MHate  before  AT  Idas  10  die  vokimc  pCRCM  of  alumiaum  litifiile  in  die  A-AT  malne:  O  or  DB  in  paienlheses  lercK  lo  duptex  or  duptex-bimodil.  respe^vely:  die  letter 
sAerfO)  idea  to  the  {ishi  size.  S  •  snoll.M  •  inodium.L  >  taige:  the  nuinberdterfOBIidcnlolhe  volume  perecM  of  spny-driedalumiiuaggloniefilesddslivelodieA-AT 
mUnire)  in  the  suiting  powda. 


The  ^ain  size  of  the  duplex  microstnictures  was  measuied 
using  a  linear-intercept  method”  on  tepiesentative  SEM  micrD- 
graphs,  where  the  aver^  value  for  the  grain  size  included  both 
alumina  and  aluminum  titanate  grains.  In  the  case  of  duplex- 
binnodal  microstnictures,  the  grain  sizes  of  the  A-AT  matrix 
and  the  large  alumina  grains  were  evaluated  separately. 

The  bulk  densities  of  ail  the  materials  were  measured  using 
the  Archimedes  method,  with  deionized  water  as  the  immersion 
medium.^  The  measured  densities  were  then  compared  with 
the  theoretically  calculated  values.  The  elastic  moduli  of  some 
of  the  A-AT  composites  were  measured  using  an  acoustic 
technique  (Ultian  Laboratories,  State  College,  PA). 

(3)  MeehanicalTesdmg 

(A)  Indentation-Strength:  As-sintered  disk  specimens 
(*°23-mm  diameter  x  »:3.5-mm  thickness)  were  ground  to 
>*2.3  mm  thickness  and  polished  to  I  |un  gri^  (>*40 
specimens  per  material).  The  centers  of  the  polished  side  of 
most  of  the  disks  were  indented  with  a  Vickers  diamond  at 
contact  loads  P  tanging  from  3  to  300  N.  Some  disks  were  left 
unindented  as  controls.  The  indented  specimens  were  allowed 
to  sit  in  air  for  10  min  before  a  drop  of  diy  silicone  oil  was 
placed  on  the  indentation  site. 

The  specimens  were  broken  at  room  temperature  in  biaxial 
flexure  using  a  three-point  support  and  circular-flat  fixture  with 
the  indentation  side  in  tension  using  a  universal  testing  machine 
(Models  1330  and  1 122,  Instion,  Canton,  MA).  To  avoid  any 
environmental  effects  the  failure  times  were  maintained  below 
20  ms.  Strengths,  Om.  were  calculated  from  the  failure  loads 
and  die  specimen  dimensions  using  thin  plate  and  beam 
formulas.”  Care  was  taken  to  examine  the  broken  specimens  to 
ensure  that  failure  originated  from  the  indentation.  Those 
specimens  that  did  not  fail  from  the  indentation  were  included 
in  the  data  pool  for  unindented  controls  (see  Refs.  12  and  13 
for  details). 

(B)  Long-Crack  T-Ciuve:  Large  disks  (*><30-tnm  diame¬ 
ter  X  <*3.S-mm  thickness)  were  ground  to  2-mm  thickness  and 
one  side  was  polished  to  l-pm  gr^.  The  polished  disks  were 
machined  into  compact-tension  specimens  according  to  ASTM 
E-399  specifications.”  A  through-thickness  sharp  ciadc  (>*300 
pm  in  length)  ahead  of  a  7-mtn-long  notch  was  generated  using 
a  precracl^  procedure.”-”  The  total  crack  lei^,  c  (distance 
fim  the  loading  axis  to  the  crack  tip),  and  the  cradc  extension, 
Ac  (distance  between  die  notch  tip  and  the  crack  tip),  were 
tnea»ited(±  10  pm)  using  an  optical  mieroscope.  A  clip  strain 
gauge  was  attacimi  to  the  mouth  of  the  notch,  and  the  spiximen 
was  loaded  in  tension  using  a  servo-hydraulic  testing  machine 
(Model  8302,  Instron).  The  load,  the  crack  opening 
displacement  from  the  strain  gauge,  and  the  location  of  the 
crack  tip  were  monitored  continuously.  In  the  event  of  any 
visible  crack  growth  the  specimen  was  unloaded.  The 
toughness,  T,  was  then  calculated  using  the  K-field  solution 
fiom  the  ASl^  E-399  standard.”  The  specimen  was  removed 
from  the  Instron  machine  and  the  new  crack  length  measuied. 
This  entire  procedure  was  repeated  several  times  to  obtain  a 


r-curve  for  ctw  values  ranging  from  0.2  to  0.33,  where  w  is  the 
distance  between  the  loading  axis  and  the  rear  of  the  specimen. 
All  the  T-cutve  measurement  experiments  were  canted  out  at 
room  temperature  in  laboratory  air  (*>33%  relative  humidity). 

Similarcompact  tension  q)ecimens(i. 2-mm  thickness)  were 
loaded  in  a  miniaturized  losing  device”  housed  in  the  SEM 
(Model  1830,  Amray  Inc.,  Bedford,  MA)  for  in  situ  observa¬ 
tions.  All  such  specimens  were  polished  on  one  side,  thermally 
etched,  and  sputter-coated  with  Au  prior  to  tiie  tn  sitir  SEM 
experiments.  Loading  of  the  specimen  was  achieved  by 
activating  the  piezoelectric  translator  in  the  loading  device  from 
outside  ^  SEM  chamber.  Events  occurring  at  the  bridging 
sites  during  crack  propagation  were  monitored  and  recorded  on 
film  and/or  video  tape,  in  both  secondary  and  backscattered 
electron  modes. 

III.  Results 

(1)  Processing  and  Characterization 

(A)  Microstruemres:  Figure  3  shows  representative 
microstructuies  of  small-  and  large-grain  duplex  materials. 
Note  that  the  aluminum  titanate  grains  are  districted  uniformly 
within  the  microstructure.  Isolated  spontaneous  microcracks 
were  observed  in  the  finer-grain  materials;  however,  in  the 
coarser-grain  materials  profuse  spontaneous  microcracking  was 
observed  as  indicated  by  the  arrows  in  Hg.  3(b).  Table  I 
outlines  the  results  from  tiie  microstructural  charaotmization  of 
the  five  different  duplex  materials.  The  grain  sizes  reported  in 
Table  I  are  those  of  the  bulk  microstructure  (i.e.,  alumina  and 
aluminum  titanate  grains  combined).  It  was  obsCved  that  the 
mean  grain  size  of  aluminum  titanate  was  approxinuUely  half  of 
that  of  alumina  in  each  of  these  materials.  As  seen  from  Table  I 
and  Fig.  3  the  densities  of  all  these  materials  were  found  to  be 
high,  in  excess  of  >*97%  of  the  tiieoretical  limit  (porosity 
visible  in  the  micrographs  is  predominantly  due  te  grain  pullout 
during  polishing). 

Figure  4  shows  rqxesentative  microstructuies  of  the  tiuee 
duplex-biiiKidal  matCals.  The  binwdal  luture  of  the  grain 
size,  and  the  uniformity  of  the  distribution  of  tiie  large  alumina 
grains,  are  clearly  eviCnt  fiom  these  micrographs.  Note  also 
the  successive  increase  in  tiie  relative  numberof  large  alumina 
grains  (commensurate  with  the  relative  amounts  of  spray-dried 
agglomerates  in  the  starting  powders)  in  Figs.  4(a)  te  (c). 
Figure  3  is  a  backscatteiCreleciron  SEM  ima^  of  the 
microstructure  of  an  A-30AT(DB)-30  specimen,  showing 
large  alumina  grains  embedded  within  a  fine-grain  A-AT 
matrix.  Table  I  outlines  the  results  from  the  mictostructural 
characterization  of  the  tiiree  duplex-bimodal  matedals. 
Because  of  the  biriKidal  nature  of  the  microstructures,  the  grain 
sizes  of  the  large  alumina  grains  measured  for  tiiese  composites 
should  be  regarded  only  as  approximate  values.  Again  the 
densities  of  all  the  materials  were  found  to  be  in  excess  of 
■*97%  of  the  theoretical  limit. 
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Fig.  3.  Microstniciures  of  duplex  composites  as  seen  in  the  SEM:  (a) 
A-20ATtD>-S  using  backscaltered  electrons  (gray  phase  is  alumina, 
the  while  phase  is  aluminum  titanale.  and  the  dark  regions  represent 
porosity  or  grain  pullout),  and  (b)  A-30AT(0)-L  using  secondary  elec¬ 
trons  (arrows  indicate  spontaneous  microctacks). 


(B)  In  Situ  SEM  Observaiionr.  Now  we  examine  some  of 
the  observations  made  during  the  in  situ  SEM  crack  growth 
experiments  on  the  duplex-bimodal  composites.  Figures  6  and 
7  are  sequences  taken  with  loads  increasing  between  a  and  b 
(note  the  increase  in  the  crack  openings).  In  these  two  figures 
the  load  was  applied  in  mode  I  tension  horizontally  and  the 
direction  of  crack  propagation  is  from  top  to  bottom.  Figure  6 
shows  a  sequence  for  an  A-30AT(DB>-30  specimen  using 
secondary  electrons  in  the  SEM.  Observe  the  alumina  grains, 
both  small  and  large,  acting  as  bridges  in  this  material,  exerting 
frictional  tractions  at  points  P,  Q,  and  R.  On  several  occasions 
“clusters”  of  sevml  grains  (alumina  and  aluminum  titanate) 
were  also  found  to  be  active  bridges.  Figure  7  shows  such  an 
example  in  an  A-30AT(DB)-50  specimen. 

The  density  of  bridging  elements,  comprising  individual 
large  alumina,  small  alumina/aluminum  titanate  grains,  and 
“grain  clusters,”  in  the  duplex-bimodal  composites  was  found 
to  be  greater  than  single-phase  alumina,  approxintately  every 
three  to  four  grains  apan.  It  was  also  observed  that  the  propa¬ 
gating  crack  tip  was  attracted  toward  the  alumina/aluminum 
titanate  interfaces.  It  is  perhaps  worth  mentioning  that  within 
the  limits  of  the  resolution  of  our  in  situ  experiments,  no  direct 
evidence  of  a  stress-induced  mictocrack  cloud  ahead  of  the 
crack  tip  and  in  the  wake  was  observed,  in  either  the  duplex  or 
duplex-bimodal  material.  However,  solitary  microcracks  were 


Fig.  4.  Microstroctures  of  duplex-bimodal  composites  as  seen  in  the 
SEM  using  secondary  electrons:  (a)  A-30AT(DB)-20,  (b)  A-30AT 
(DB)-30,  and  (c)  A-30AT(DB)-50.  Note  the  increasing  number  of 
large  alumina  grains  from  (a)  to  (c). 


often  observed  to  open  immediately  ahead  of  the  tip  causing  the 
primary  crack  to  deflect  into  the  microcrack  and  thus  setting  up 
a  potential  frictional  bridging  unit. 

(2)  Mechanical  Properties 

(A)  Indentation-Strength:  The  indentation  load-strength, 
tJnHP),  responses  of  the  duplex  A-20AT  composites  are  plotted 
in  Fig.  8,  The  <Ty,(.P)  response  of  a  6-|i.m-grain-size  single¬ 
phase  alumina'"  has  been  included  in  Fig.  8  for  comparison. 
(Note  that  the  strength  of  the  b-pim  alumina  shows  close  to 
/’■'■'dependence,  i.e.,  little  T-curve  behavior.'-  Within  experi¬ 
mental  error,  the  a^iP)  responses  for  single-phase  aluminas  of 
grain  sizes  5  to  7  pim  fall  on  the  same  curve.”  The  A- 
20AT(D)-S  material  possesses  improved  flaw  tolerance  over  the 
single-phase  alumina.  It  is  also  seen  that  uniform  coarsening  of 


56 


23 16 


Jotinutl  nfiUe  Amrrictm  CeitwiU'  SotU-ly — Puthurv  r! «/. 


Vol.76.  No.  9 


Fig.  5.  Microsiniclurc  of  material  A-.3()AT(06)-.3(I  as  seen  in  the 
using  backscaltenHi  dccinms.  Observe  (he  duplex  natuie  of  the 
matrix  (e.g..  region  on  the  top  left)  and  the  reninants  of  the  spray-dried 
alumina  agglomcnucs  in  the  form  of  large  alumina  grains  tt^modal 
nature  of  the  entire  microstructurc).  (Pha.se  denotation  is  same  as  in 
Fig.  3.) 


the  microstnicture  over  4  to  6  pun  does  not  lead  to  funher 
signifksint  improvement  in  the  flaw  tolerance  of  A-20AT(D)-M. 
On  the  other  hand,  additional  incrca.se  in  the  grain  size 
f  A-20AT(D>-L)  is  seen  to  result  in  a  relatively  weak  material. 
A  dramatic  decrease  in  strength  I  is  seen  to  tK'cur  over 


Fig.  6.  Setpiencc  of  micrographs  of  a  bridging  site  taken  tn  .urn  in 
the  SEM  (secondary  electrons)  during  crack  pnipagatinn  in  a 
A-30AT(DB)-30  specimen.  P,  Q.  and  R  denote  friction  points. 


Fig.  7.  Sequence  of  micrographs  of  a  bridging  site  taken  in  siiii  in 
the  SEM  (biK'kscai(cn.'d  electrons)  during  crack  propagation  in  a 
A-.tOATtDBl-.V)  spcciiiK'n  slH>wing  a  cluster  of  grains  acting  as  a 
bridging  unit  (arrows  indicate  a  friction  point).  (I^ase  dcmaalion  is 
same  as  in  Fig.  .3.) 


an  extremely  narrow  grain  size  window  (=39t  incTea.se  in 
grain  size). 

Consider  now  the  rcspttnse  of  the  duplex  A-30AT- 

(D)-S  material  (Fig.  9).  The  A-.3()AT(D)-S  material  also  shows 


Fig.  8.  Indentation  load-strength  responses  of  materials:  A-20AT- 
(D)-S.  A-20AT(D)-M,  and  A-20AT(D)-L.  The  solid  lines  arc  empiri¬ 
cal  tils  to  the  data.  The  da.shed  line  is  a  lit  to  (he  6-p.m  single-pha.se  alu¬ 
mina  data  after  Ref.  .V).  (For  Figs.  8  to  10.  each  datum  point  represents 
breaks  fmm  four  to  five  specimens:  shaded  region  to  the  left  denotes 
failures  from  natural  flaws:  error  bars  are  1 .5  times  (he  size  of  the 
symbols,  and  are  omitted  for  clarity. ) 
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rig.  9.  Indentatkifl  load-strength  responses  of  materials:  A-30AT- 
(D)-S,  A-30AT(DB)-20.  A-30AT(DB)-30.  and  A-30AT(DB)-50. 
Empirical  fits  (solid  lines)  only  for  the  A-SOATfDl-S  and 
A-30AT(DB)-30  data  have  bm  included  for  clarity.  The  dashed  line 
is  a  fit  to  the  2.S-|un  single-phase  alumina  data  after  Ref.  13. 


improved  flaw  tolerance  over  the  same  grain  size  alumina 
(diohed  curve).  The  responses  of  A-20AT(D)-S  and  A- 

30AT(D)-S  materials  were  observed  to  be  similar  (Figs.  8  and 
9).  Upon  uniform  coarsening  of  the  microstructuies,  a  dramatic 
decfuse  in  the  strength,  similar  to  that  in  A-20AT(D)-L  mate¬ 
rial,  was  observed  in  the  A-30AT(D)-L  material  (data  not 
included  in  Fig.  9). 

The  <Tui(P)  responses  of  the  duplex-bimodal  composites  are 
also  plotted  in  Fig.  9.  It  is  seen  that  the  A-30AT(DB)-20  mate¬ 
rial  has  marginally  better  flaw  tolerance  over  the  base  material, 
A-30AT(D>-S.  However,  further  additions  of  large  alumina 
grains  are  seen  to  result  in  a  distinct  improvement  in  the  flaw 
toierance  of  the  A-30AT(OB)-30  material,  while  maintaining  a 
higher  plateau  strength  level,  in  excess  of  210  MPa.  Still  for¬ 
th^  aMitions  of  laige  alumina  grains  in  material  A- 
30AT(DB)-S0,  in  spite  of  maintaining  good  flaw  tolerance, 
reduc^  die  overall  strengths  at  high  indentation  loads.  Figure 
10  compares  the  <Tm(P)  responses  for  duplex-bimodal  compos¬ 
ites  wifo  that  of  single-phiBe  aluminas  of  grain  sizes  corre¬ 
sponding  to  that  of  the  A-AT  matrix  (4  pim),  and  the  large  alu¬ 
mina  grains  (2S  p-m).”  Note  that  the  flaw-tolerance  behavior  of 
all  of  the  duplex-bimodal  composites  is  more  pronounced 
(albeit  different  degrees)  than  either  of  the  single-phase  alumi¬ 
nas  (4  and  25  pun).  Note  also  that  the  response  of  the 
A-30AT(DB)-M  material  is  seen  to  be  the  closest  to  that  of  the 
25-pun  single-phase  alumina. 


Fig.  10.  Indentatkin  load-tirei^  responses  of  materials:  A-30AT- 
(DB)-20.  A-30AT(DB)-30.  md  A-30AT(DB)-30  from  Fig.  9.  now 
phniBd  to  compare  with  the  theoretically  calculated  a„(P)  responses 
of  4-|un  (A)  and  25-|un  (A')  single-phase  aluminas  (dashed  curves 
after  Ref.  13). 


(B)  Long-Crack  T-Curve:  Figure  1 1  plots  result  from 
direct  T-curve  measurements  on  A-30AT(DB)-30  and  A- 
30AT(DB)-50  specimens.  It  can  be  seen  that  the  T-curves  for 
both  of  these  materials  are  similar,  with  high  steady-state 
toughness  values  of  up  to  =8  MPa-m"^.  T-curves  for  A- 
30AT(D)-S  and  A-30AT(DB)-20  could  not  be  measured 
because  of  the  inability  to  obtain  a  stable  through-thickness 
starter  crack.  However,  the  toughness  value  of  A-30AT(O)-S 
estimated  during  the  precracking  step  has  been  included  in  Fig. 
II,  which  serves  as  a  baseline  toughness  for  the  A-30AT 
matrix.  The  T-curve  for  a  single-phase  alumina  with  an  average 
grain  size  of  »20  pim  (wide  grain  size  distribution),  measur^ 
using  a  compact  tension  specimen,*^  is  included  in  Fig.  1 1  for 
comparison.  (Alumina  wiA  grain  size  4  pim,  corresponding  to 
the  grain  size  of  the  A-30AT  matrix,  has  a  constant  toughness 
of  *4  MPa-m"-  measured  using-a  compact-tension  specimen. ") 

IV.  DiSCUSSKHl 

(1)  Processing  and  Chameterization 

Cbnsider  first  the  results  from  processing  and  microstructure 
characterization  of  the  duplex  A-AT  composites  (Table  1  and 
Fig.  3).  It  is  clear  that  duplex  A-AT  composites  attain  high 
deities  and  have  well-controlled  microstructuies  with  uni¬ 
form  distributions  of  the  aluminum  titanate  phase.  It  appears 
that  the  aluminum  titanate  second  phase  retards  grain  growth  in 
alumina  by  a  “pinning”  mechanism,  also  found  in  c^r  two- 
phase  ceramics,'*-''  and  is  responsible  for  the  well-controlled 
morphology  of  these  microstructures.  It  has  also  been  sug¬ 
gest^  that  grain  growth  in  the  A-AT  system  is  prevented  by  the 
lack  of  pore-grain  boundary  separation.'^  Thmfore,  densifi- 
cation,  which  competes  with  grain  growth  during  sintering,"  is 
favored.  The  densification  process  is  believed  to  be  further 
enhanced  by  dissolution  of  trace  titania  from  the  aluminum 
titanate  in  alumina,  in  a  manner  similar  to  that  reported  by  Bag- 
ley  et  al.^  The  bluish  color  of  the  as-sintered  A-AT  specimens, 
believed  to  be  due  to  color  centers."  provides  circumstantial 
evidence  for  the  dissolution  of  titania  in  alumina. 

It  was  noted  in  Table  1  and  Figs.  4  and  5  that  duplex-bimodal 
composites  possess  high  densities  and  well-controlled  grain 
structures.  In  order  to  explain  the  formation  of  the  well-con- 
trolled  duplex-bimodal  microstructures  we  propose  the  follow¬ 
ing  phenomenological  model.  Recall  from S<x:tion  Il(IXA)  and 
Rg.  2(b)  that  the  powder  blends  used  for  the  processing  of 
duplex-binrodal  composites  consisted  of  spray-dried  alumina 


Fig.  11.  Long-crack  T-curves  of  materials:  A-30AT(DB)-30  and 
A-30AT(DB)-S0,  measured  using  ASTM  E-399  compact  tension 
specimen  geometry.  (Estimated  error  in  the  T  measurement  is  ±0.25 
MPa-m*'^.)  The  solid  curve  is  an  empirical  fit  to  the  A-30AT(DB)-30 
data.  The  filled  symbol  represents  an  estimated  toughness  value  for 
material  A-30AT(D)-S  (baxiine  toughness  for  the  A-30AT  matrix). 
T-curve  for  a  20-p.m  (wide  grain  size  distribution)  single-phase  alu¬ 
mina  after  Ref.  6.  represented  by  the  dashed  curve,  included  for 
comparison. 
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powder  added  to  a  mixture  or  fine-alumina  and  line-aluminum 
titanate  powders.  Figure  12(a)  is  a  schematic  illustration  of  a 
gron  compact  made  up  of  such  a  powder  blend.  Note  the  three 
different  kinds  of  powder  particles  in  the  hypothetical  compact, 
and  the  absence  of  aluminum  titanate  powder  particles  in  the 
a^lomerates.  It  is  believed  that  because  of  the  relatively  com¬ 
pliant  nature  of  the  spray-dried  alumina  agglomerates,  efficient 
powder  packing  can  be  achieved  in  these  compacts  during  con¬ 
solidation.^  The  ensuing  microstructure,  shown  schematically 
in  Fig.  12(b),  consists  of  large  alumina  grains  embedded  within 
a  fine-grain  A-AT  matrix.  It  b  suggested  that  upon  sintering, 
the  spr^-dried  powder  agglomerates  produce  the  large  alumina 
grains  in  Fig.  12(b).  It  b  postulated  that  the  A-AT  matrix  and 
the  spray-dried  agglomerates  sinter  at  approximately  the  same 
rate,  thneby  avoiding  defects  assocbted  with  differential  sin¬ 
tering  (e.g.,  constrained  sintering).  Grain  growth  can  occur 
within  the  agglomerate  because  of  the  lack  of  a  grain-growth- 
inhibiting  second  phase.  However,  the  matrix  remains  rela¬ 
tively  fine-grained  because  of  grain-boundary  “pinning"  by  the 
aluminum  titaruie  second  pha»,  and  thus  avoiding  the  micro- 
ciacking  problem.  The  result  is  ttre  duplex-bimodal  microstruc- 
tutes  seen  in  Rgs.  4  and  5.** 

Consider  now  the  interaction  of  cracks  with  the  microstruc¬ 
tures  in  A-AT  composites  observed  in  situ  in  the  SEM.  Figures 
6  and  7  provide  evidence  of  grain-localized  crack  bridging  in 
duplex-bimodal  composites.  A  high  number  density  of  the 
bridging  sites,  and  the  large  dimensions  of  the  bridging  ele¬ 
ments  (relative  to  the  crack  opening  displacements),  are  dem¬ 
onstrate.  The  in  situ  observations  ato  suggest  that  high 


gnio  gfowtli  infithin  agglomenMcd  tucinsioas  during  (he  sintering 
<t(  (uio-pluse  ceramics  w*s  icgarded  asa  "processing  problem."'* 


I  I  Atamlwi  g|  Alunium  Titanate 

12.  Schematic  illostration  of  the  model  for  duplex-bimodal 
microetnictures:  (a)  green  compact  (note  the  absence  of  second  phase 
panicles  within  die  agglomenies).  and  (b)  sintered  body  showing  large 
ainmim  grains  embedded  within  a  duplex  matrix. 


residual  stresses  play  an  important  role  in  the  process  of  bridge 
formation  in  the  A-AT  composites.  Deflection  of  the  primary 
crack  into  solitary  microcraclu  in  close  proximity  to  the  tip, 
and  attendant  formation  of  frictional  interlocking  points,  are 
strongly  influenced  by  intense  residual  stresses.*  The  lack  of 
evidence  for  an  extensive  stress-induced  microcrack  cloud 
ahead  of  the  crack  tip  from  our  in  situ  SEM  experiments  sug¬ 
gests  that  this  mechanism  does  not  plt^  a  significant  role  in  the 
toughening  of  our  A-AT  composites. 

(2)  Meckanical  Properties 

At  this  point  it  is  worth  reiterating  the  interpretation  of  the 
indentation  load-strength  (onfF))  plots.  A  P~''^  dependence  of 
the  strength,  Vm.  indicates  single-valued  toughn^  (i.e.,  no 
T-curve).  On  die  other  hand,  a  decreasiitg  dependence  of  the 
strength  on  the  indentation  lo^  P  indicates  T-curve  behavior. 

(A)  Duplex;.  Compare  the  ctuiP)  responses  of  A-20AT- 
(D)-S  and  ^|un  single-phase  alumina  in  Rg.  8,  and  A-30AT- 
(D)-S  and  2.S-|xm  single-phase  alumina  in  Rg.  9.  It  is  observed 
that  addition  of  aluminum  titanate  to  alumina  results  in  better 
flaw-tolerance  properties.  Since  aluminum  titanate  is  weaker 
than  alumina,*  h  cannot  be  argued  that  the  improvement  in  the 
flaw  tolerance  b  a  “rule-of-mixtures"  effect.  It  is  believed  that 
the  high  level  of  residual  stresses  due  to  the  presence  of  alumi¬ 
num  titanate  is  responsible  for  enhancing  the  closure  stresses 
during  bridge  pullout  in  the  A-20AT(D)-S  material.  Thb  was, 
in  fact,  the  original  rationale  behind  adding  aluminum  titarute 
to  alumina. 

Now  consider  the  influence  of  microstructural  scaling  of  the 
A-AT  composites  on  the  flaw  tolerance.  From  Rg.  8  it  is 
seen  that,  within  experimental  error,  the  flrM(F)  responses  of 
A-20AT(D)-S  and  A-20AT(D)-M  materials  are  the  same.  A 
likely  explanation  is  that  the  increase  in  the  grain  size  from 
A-20AT(D)-S  to  A-20AT(D)-M  is  relatively  small  (Table  I), 
and  not  sufficient  to  alter  die  T-cutve  behavior  significanUy 
despite  the  high  level  of  residual  stresses.  Note  that  in  single¬ 
phase  aluminas  the  microsuuctural  scale  must  be  increased  by 
an  order  of  magnitude  to  observe  an  appreciable  effect  on  tire 
flaw  tolerance.*'  Upon  further  scaling  of  the  microstructure  a 
dramatic  decrease  in  strength  is  observed  (see  behavior  of 
A-20AT(D)-L  in  Rg.  8).  This  is  attributed  to  profuse  spontarre- 
ous  microcracking  as  a  result  of  high  residual  stresses  and  rela¬ 
tively  large  grain  size.  A  similar  strength  drop  was  also 
observed  in  the  A-30AT(D)-L  composite.  The  microgra(di  in 
Rg.  3(b)  presents  direct  evi^nce  for  the  presence  of  ^XMitane- 
ous  mictocracks.  The  low  elastic  modulus  (*=100  GPa)  for  this 
weak  A-AT  material  compared  to  a  value  of  *°300  GF^  for  the 
fine-grain  A-AT  material  further  supports  the  microcracking 
argunrent.  Note  that  the  window  of  grain  size  over  which  the 
strength  drop  occurred  is  extremely  narrow  (Table  I)  and  results 
in  the  existence  of  a  spontaneous  microcracking  limit  in  terms 
of  a  critical  grain  size.** 

The  Oyt(P)  respofu^  of  A-20AT(D)-S  and  A-30AT(D)-S 
were  obsei^  to  be  similar.  Note  that  the  grain  sizes  of  th^ 
two  materials  ate  slightly  different  (Table  I)-  But  as  we  saw 
fiom  Rg.  9,  slight  differences  in  the  grain  sizes  of  nonmicro- 
cracked  A-AT  materiab  do  not  significantly  influence  their 
OvS.P)  responses.  Thb  implies  that  the  volume  percent  of  the 
aluminum  titanate  has  a  relatively  small  effect  on  the  T-curve 
behavior  of  duplex  A-AT  composites  in  the  miciostructural  and 
volume  percent  range  investigated.  At  thb  juncture  we  do  not 
have  a  definite  explatution  for  this  observation.  Howevei;  vol¬ 
ume  percent  does  determine  dre  inter-aluminum  titanate  parti¬ 
cle  distance,  thereby  influencing  the  critical  grain  size 
governing  the  onset  of  spontatreous  microcracking.*’ 

The  above  discussion  demonstrates  the  limit  to  which  the 
scaling  approach  can  be  exploited.  This  was  the  reason  that  we 
resort^  to  noiiuniform  coarsening  in  the  duplex-bimodal 
A-AT  composites. 

(B)  Duplex-Bimodal:  (Consider  the  aJlP)  responses  of 
the  duplex-bimodal  composites  in  Fig.  9.  The  A-30AT(DB)-30 
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material  is  seen  to  exhibit  the  best  flaw-tolerance  propeiiy,  indi¬ 
cating  enhanced  T-curve  behavior.  Comparison  of  the 
responses  of  the  A-30AT(D)-S  and  A-30AT(DB)-30  materials 
suggests  that  the  improved  flaw  tolerance  can  be  attributed  to 
the  ptesence  of  large  alumina  grains  in  the  A-30AT(DB)-30 
mkrostructure  (Fig.  4(b)).  In  situ  SEM  observations  of  such 
large  alumina  grains  (Fig.  6)  and  “grain  clusters"  (Fig.  7)  acting 
as  bridging  units  in  ^  A-30AT(DB)-30  material  support  this 
argument.  From  Table  I  we  note  that  the  grain  sizes  of 
A-30AT(D)-S  and  the  matrix  of  A-30AT(DB)-30  ate  slightly 
different.  However,  scaling  in  duplex  A-AT  composites  does 
not  affect  their  <Ty,(P)  responses  appreciably  (Section 
IV(2KA)).  Therefore,  it  cannot  be  argued  that  such  improve¬ 
ment  in  the  flaw  tolerance  of  A-30AT(DB)-30  is  due  to  the  dif¬ 
ference  in  the  matrix  grain  sizes.  Further  confirmation  of 
enhanced  T-curve  in  A-30AT(DB)-30  material  over  its  duplex 
counterpart  A-30AT(D)-S  comes  from  the  direct  T-curve  mea¬ 
surements  (Fig.  II). 

Compare  now  die  tSuiP)  responses  of  the  A-30AT(DB)-30 
malarial  and  those  of  the  single-phase  aluminas  (Fig.  10).  It  is 
evident  that  the  duplex-bimodal  materia)  exhibits  improved 
flaw-tolerance  propoties  over  both  of  the  single-ph^  alumina 
materials.  The  improvement  over  the  25-p.m  alumina  is  attrib¬ 
uted  to  the  enhanced  efficacy  of  bridging  in  A-30AT(DB)-30  as 
a  result  of  high  internal  residual  stresses  (due  to  AT  in  the 
matrix)  on  die  frictiooal  closure  fiMce  coupled  with  enhanced 
bridge  fixmation.  On  the  other  hand,  the  improvement  over  the 
4-|un  alumina  is  attributed  to  the  combined  influences  of  high 
residual  stresses  and  large  alumina  grains  on  bridging  in  the 
duplex-bimodal  material.  From  Fig.  11  improv^  T-curve 
behavior  of  the  duplex-bimodal  material  over  the  coatse-grain 
single-phase  alumina  is  evident. 

At  ffiis  point  ««  do  not  know  why  the  A-30AT(DB)-20 
material,  in  spite  of  containing  large  alumina  grains  (Fig.  4(a)). 
exhibits  only  a  marginal  improvement  in  flaw  tolerance  over  its 
duplex  counterpart  A-30AT(D)-S  (Fig.  9).  A  possible  explana¬ 
tion  might  be  that  the  number  density  of  large  alumina  grains 
inlersei^  by  a  crack  in  the  A-30AT(DB)-20  is  not  sufficient 
to  cause  significant  improvement  in  its  T-curve  behavior. 

Still  furdier  addition  of  large  alumina  grains  (A-30AT(DB)- 
SO),  in  spite  of  maintaining  good  flaw  tolerance,  was  seen  to 
d^tade  the  strength  properties  somewhat  (Fig.  9).  However, 
its  kmg-crack  T-curve  was  seen  to  be  similar  to  that  of  the 
A-30AT(DB)-30  material  (Fig.  1 1).  The  good  flaw-tolerance 
properties  and  high  tougluiess  values  of  the  A-30AT(DB)-S0 
material  am  be  rationalized  using  the  same  arguments  of 
mkrostructural  coarsening  and  residual  stresses  used  to  explain 
the  mechanical  behavior  of  the  A-30AT(DB)-30  material. 

Finally,  we  come  to  the  question.  Why  do  A-30AT(DB)-30 
and  A-MAT(DB)-S0  materials  show  the  same  plateau  tough¬ 
ness  (Fig.  1 1)  but  different  v^iP)  responses  (Figs.  9  and  10)? 
The  reason  for  similar  T-curves  for  th^  two  materials  is  possi¬ 
bly  due  to  a  tradeoff  betweoi  (i)  the  area  fraction  of  bridges 
which  increases  with  an  increase  in  the  number  of  large  alumina 
grains  and  (ii)  leridual  stresses  which  are  postulated  to  decrease 
with  an  increase  in  the  number  of  large  alumina  grains.  This 
trade-off  argument  is  consistent  with  the  T-curve  predictions 
from  a  dwoRtical  fracture  mechanics  model  for  grain-localized 
crack  bridging  in  materials  with  bimodal  microstructures.^*' 
explain  the  Om(F)  responses  of  the  two  materials  we  take 
a  doaer  look  at  the  mkrostructure  of  A-30AT(DB)-S0  material 
in  F^.  4<c).  It  is  seen  from  this  mkrograph  that  the  large  alu¬ 
mina  grains  in  the  mkrostructure  of  A-30AT(DB)-S0  are  well- 
interconnected;  this  makes  it  difficult  to  tell  whether  the  matrix 
is  composed  large  alumina  grains  or  the  A-AT  mixture. 
Rom  tte  similarity  in  the  Om(F)  response  of  the  A-30AT(DB)- 
30  material  and  the  2S-|un  single-phase  alumina  in  Fig.  10,  we 
postulate  that  because  ^  the  high  interconnectivity,  the  constit¬ 
uent  large  alumina  grains  essentially  govern  the  strength  behav¬ 
ior  of  tlw  A-30AT^B)-S0  material. 

An  alternative  answer  to  the  afore-suted  question  might  lie  in 
the  flmdamentally  different  nature  of  the  two  techniques  used  to 


investigate  T-curve  behavior.  The  indentation-strength  tech¬ 
nique  probes  the  toughness  characteristics  of  short  and  interme¬ 
diate  pennylike  cracks  whereas  the  direct  T-curve  measurement 
technique  pertains  to  through-thickness  cracks  on  a  scale  large 
compa^  to  the  mkrostructure.  Such  crack  systems  show  dis¬ 
parate  behavior  due  in  part  to  fundamental  differences  in  their 
intrinsic  crack  profile  characteristics.*^  Resolution  of  this  issue 
awaits  further  T-curve  determination  in  the  short  and  intermedi¬ 
ate  crack  size  domains. 

As  a  final  point  it  is  worth  noting  that  our  philosophy  of 
deliberately  introducing  heterogeneities  to  ceramic  mkrostruc- 
tures  is  in  direct  contrast  to  the  processing  strategies  based  on 
the  premise  that  flaws  must  be  eliminated.  In  our  scheme  it  is 
accepted  that  processing  flaws  exist  and  further  damage  is 
likely  to  be  introduced  during  service.  The  aim,  therefore, 
becomes  one  of  stabilizing  tik  growth  of  these  preexisting  flaws 
by  introducing  a  strong  T-curve  in  the  material,  and  not  that  of 
striving  to  eliminate  them.  We  have  demonstrated  the  effective¬ 
ness  of  this  strategy  by  fabricating  composites  with  strong  ris¬ 
ing  T-curve  and  impressive  flaw  tolerance  through  judicious  but 
less  exacting  ceramics  processing.  Remaining  challenges 
include  the  s^ilization  of  multiple  damage’"  and  improvement 
of  the  strength  properties  of  these  flaw-tolerant  ceramics. 

V.  Condusioiis 

The  major  findings  and  conclusions  from  our  study  of  the 
alumina-aluminum  titanate  (A-AT)  composites  can  be  summa¬ 
rized  as  follows: 

(a)  (Composites  with  microstructures  containing  (i)  uni¬ 
formly  distributed  20-30  vol%  aluminum  titanate  in  ^umina 
(duplex),  and  (ii)  large  alumina  grains  embedded  within  a  fine- 
grain  A-AT  matrix  (duplex-binrodal),  can  be  tailored  to  high 
densities  using  conventional  ceramics  processing.  A  proposed 
phenomenological  nuxlel  accounts  for  the  processing  of  the 
duplex-bimodal  microstructures. 

(b)  For  both  duplex-bimodal  and  duplex  composites,  in 
situ  SEM  observation  of  crack  growth  provides  direct  evidence 
for  grain-localized  bridging  in  the  crack  wake. 

(c)  Addition  of  aluminum  titanate  to  alumina  results  in  an 
improvement  in  flaw  tolerance  of  the  duplex  A-AT  composites 
over  single-phase  aluminas,  indicative  of  a  strong  T-curve.  In 
the  A-AT  composites  the  combined  influence  of  intense  ther¬ 
mal-expansion-mismatch-induced  internal  residual  stresses  on 
both  the  bridge-clamping  stress  and  bridge  formation  is  respon¬ 
sible  for  the  enhanced  T-curve  behavior.  Coarsening  of  dupkx 
A-AT  microstructures  by  grain  growth  scaling  results  in  a  neg¬ 
ligible  effect  on  the  flaw  tolerance  in  the  mkrostructural  range 
investigated.  However,  further  mkrostructural  scaling  results 
in  a  relatively  weak  material  due  to  profuse  spontaneous 
microcracking. 

(d)  Composites  with  duplex-binrodal  mkrostructures 
exhibit  impressive  flaw  tolerance  and  T-curve  properties.  The 
improved  mechanical  behavior  is  attributed  to  the  combined 
influences  of  increased  internal  residual  stresses  (due  to  the 
preseiKe  of  aluminum  titarute  in  the  matrix)  and  increased 
microstructural  coarseness  due  to  the  presence  of  the  large  alu¬ 
mina  grains. 
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A^ckers  indentation  sites  in  ceramics  have  been  examined  after  specimen  failure  from 
median/radial  indentation  cracks.  Evolution  of  a  new  cracking  pattern  of  “ortho-lateral” 
cracks,  originating  at  the  intact  comers  of  the  Vickers  indentation  and  ruiming  orthogonal 
to  the  classic-lateral  cracks  and  parallel  to  the  new  fracture  surface,  has  been  observed. 

In  some  instances  postfailure  extension  of  the  classic-lateral  cracks  toward  the  surface 
was  also  observed.  Enhanced  residual  tensile  stress  from  relaxation  of  constraints  on  the 
indentation-plastic  cavity  by  the  generation  of  a  fracture  surface  is  postulated  to  drive  the 
subsidiary  cracking.  A  simple  qualitative  model  to  explain  this  phenomenon  is  presented. 
Possible  implications  of  such  postfailure  subsidiary  cracking  on  residual-stress-driven 
flaws,  postmortem  fractography,  and  wear  in  ceramics  are  discussed. 


I.  INTRODUCTION 

It  is  now  well  known  that  indentation  of  brittle  solids 
by  sharp  indenters  (such  as  Vickers)  gives  rise  to  the  for¬ 
mation  of  cracks,  in  addition  to  the  plastically  deformed 
hardness  impression.  The  recoverable  (elastic)  and  the 
unrecoverable  (residual)  stress  fields  generate  during 
the  loading-unloading  of  the  indenter  are  responsible  for 
the  ensuing  racking.  In  most  brittle  solids,  the  cracks, 
whidi  ate  driven  by  the  residual  component  of  the  stress 
field,  develtq)  duri^  the  unloading  of  the  indenter.  The 
resulting  craddng  patterns  are  broadly  classified  into  ra¬ 
dial  and  lateral.  (For  a  detailed  description  of  indentation 
fracture,  see  reviews  by  Lawn  and  ^A^haw^-^  and  C^k 
and  Pharr^  and  references  therein.) 

In  this  p^r  we  focus  our  attention  on  the  lateral 
cracking  pattern  when  the  indenter  is  fully  withdrawn. 
According  to  the  elastic/plastic  expanding-cavity  model 
for  indentation,  the  stress-free  specimen  surface  relieves 
constraint  on  the  indentation-induced  plastic  deformation 
zone  giving  rise  to  a  residual  tensUe  stress  normal  to 
the  qjedmen  surface.**^  This  residual  stress  provides 
the  driving  force  for  classic  laterals.^'^  The  residual 
stress  reaciws  its  maximum  value  at  full  contact  load 
and  persists  at  a  constant  value  o’,  as  the  indenter 
is  unloaded.^  In  most  brittle  soli^  classic  laterals 
have  beat  observed  to  initiate  duriiig  the  unloading 
cycle  at  the  base  of  the  plastic  deformatitm  zone  below 
tte  contact  and  extend  laterally  on  a  plane  closely 
parallel  to  the  sqrecimen  surface.  Since  these  cracls 
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lie  subsurface,  their  detection  is  limited  only  to  light 
optical  inspection  in  transparent  or  highly  translucent 
materials. 

In  this  paper  we  report  a  modification  of  the  classi¬ 
cal  cracking  pattern  associated  with  indentations  which 
occurs  after  stressing  of  indented  specimens  to  failure. 
New  cracks  were  observed  to  originate  from  the  intact 
comers  of  the  \fickers  indentation  and  run  somewhat 
parallel  to  the  new  fracture  surface  and  orthogonal  to 
both  the  specimen  surface  and  classic  laterals.  This 
new  cracking  pattern  was  found  to  closely  resemble  the 
cross-sectioiud  view  of  classic  laterals.^’  Therefore,  we 
call  these  cracks  “ortho-laterals”.  It  appears  that  similar 
forces  drive  both  ortho-  and  classic-lateral  cracks. 

Ortho-lateral  cracking  has  certain  implications  in  the 
postfailure  role  of  residual-stress-driven  flaws  in  ceram¬ 
ics  and  postmortem  fractography.  Also,  in  view  of  the 
great  significance  of  lateral  crad^g  in  material  removal 
in  the  erosion'^  and  wear‘s  of  ceramic  surfaces,  study 
of  ortho-lateral  cracks  might  prove  to  be  potentially 
useful  in  the  understanding  of  general  lateral  fracture 
in  optically  opaque  ceramics. 

II.  EXPERIMENTAL 

Bars  (3  X  3  X  IS  mm)  made  of  soda-lime-silica 
glass  ^re-armealed  commercial  sheet  glass),  s^rphire 
(Adolf  Meller  Co.,  Providence,  RI),  polycrystalline  alu¬ 
mina  (gram  size  2.5  polycrystalline  MgO 

(grain  size  20  fim;  Ozark  Technical  Oramics,  Webb 
City,  MO)  were  polished  on  one  face  and  sputter-coated 
with  gold.  (Use  of  any  products  in  this  work  does  not 
imply  their  endorsement  by  the  National  Institutes  of 
Stan^ds  and  Technology.)  The  polycrystalline  speci- 
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mens,  prior  to  gold-coating,  were  thermally  etdied 
(AI2O3-I5OO  ’C  for  03  h;  M^-1200  ’C  for  1.0  h). 
Centers  of  the  prospective  tensile  polished  foces  were 
indented  with  a  \^ckers  diamond  using  contact  loads 
rangii^  from  3  to  100  N.  Care  was  taken  to  align  the 
pyramidal  edges  with  the  longitudinal  axis  of  the  bar 
q)ecimens.  In  most  specimens  indentation  was  carried 
out  in  the  presence  of  dry  silicone  oil  with  the  intent 
of  reducing  environmental  effects  on  fracture.  A  few 
indented  glass  q)ecimens  were  annealed  at  530  *C  for 
1  h  followed  by  furnace  cooling  in  order  to  remove 
the  indentation-residual-contact  field.  The  bar  specimens 
were  then  broken  in  uniaxial  flexure  using  a  four-point 
bend  fixture.  In  some  cases  centers  of  the  prospective 
tmisUe  faces  of  disk  (25  mm  diameter  X  2  mm  thidc- 
ness)  specimens  were  indented  and  broken  in  biaxial 
flexure  using  a  flat  punch  on  a  three-ball-support  fix¬ 
ture.  For  eadi  of  the  materials  investigated  in  this  work, 
between  5  and  20  ^>ecimens  were  broken  and  examined 
for  subsidiaty  cracking. 

IWo  halves  of  the  broken  specimens,  were  quickly 
removed  from  the  testing  fixture  and  carefully  placed 
on  a  glass  coverslip  without  damaging  the  indentation 
sites.  Evolution  of  subsidiary  crack  growth  (environ¬ 
mentally  assisted)  from  the  indentation  sites  was  then 
observed  under  an  optical  microscope  (Nikon  Diaphot, 
New  Haven,  CT).  In  some  instances  fracture  surfaces 
of  die  broken  specimens  were  sputter-coated  with  gold 
and  indentation  sites  observed  in  a  scatming  electron 
microsoope  (SEM)  (Amray  Inc.,  Bedford,  MA). 

IN.  RESULTS 

Figure  1(a)  shows  a  Vickers  indentation  site  before 
failure  in  a  soda-lime-silica  glass  specimen.  Figures  1(b) 
to  1(<Q  are  a  sequence  of  micrographs  recorded  after 
faUure  of  the  same  specimen  from  the  indentation,  where 
indoitation  and  subsequent  bending  tests  were  carried 
out  in  the  jnesence  of  dry  silicone  oil.  For  specimens 
bttflcen  without  oil,  the  subsidiaty  cracks  were  found  to 
develop  frilly  within  1  min  after  failure,  preventing  us 
from  following  die  evolution  of  the  cracking  pattern. 
The  use  of  oil  did  not  eliminate  envirorunent^y  as¬ 
sisted  oadc  growdi,  but  significandy  reduced  the  crack 
vdocity,^  enabling  us  to  observe  the  evolution  of  sub- 
ddlaiy  cradcs  over  a  period  of  hours.  The  new  cracks 
seen  in  Rg.  1(d)  are  clanified  as  ortho-laterals  (OL)  and 
extended  late^  (EL),  based  rm  their  origins.  O^o- 
lateial  cracks  can  be  observed  from  Figs.  1(b)  to  1(d)  to 
initiate  at  the  indentation  comers  and  subs^uendy  run 
sooKwhat  parallel  to  the  fracture  surface  and  orthogonal 
to  both  the  spedmmi  surfrice  and  classic  latoals.  On 
the  otho’  hand,  extended-lateral  oacks,  from  subsurface 
observation  uring  transmitted  light  (not  shown  here), 
were  fimnd  to  result  from  the  upward  extension  of  the 


classic  laterals  to  the  surface.  Partial  closure  of  the 
radials  was  also  observed  as  the  ortho-laterals  extended 
[compare  Figs.  1(a)  and  1(b)  with  Fig.  1(d)],  suggesting 
a  decay  in  the  component  of  the  residual  stress  driving 
the  radials.  The  cracking  sequence  observed  in  Figs.  1(a) 
to  1(d)  is  typical  of  »20  glass  specimens  tested  in  our 
laboratory. 

Figures  2(a)  and  2(b)  show  a  typical  example  of  a 
pre-  and  postfailure  indentation  site  in  glass,  in  which 
the  specimen  was  annealed  after  indentation.  Note  the 
absence  of  any  subsidiary  cracking  in  Fig.  2(b). 

Figures  3(a)  and  3(b)  show  a  typical  example  of  an 
indentation  site  in  sapphire  before  and  after  failure,  in 
which  the  specimen  was  broken  in  biaxial  flexure.  In 
sapphire  the  postfailure  cracking  was  found  to  be  pre¬ 
dominantly  in  the  form  of  extended  laterals.  Figures  4(a) 
and  4(b)  are  pre-  and  postfrdlure  SEM  micrographs  of 
an  indentation  site  in  fine-grain  polycrystalline  AI2O3, 
showing  evidence  of  ortho-lateral  cracking.  Partial  clo¬ 
sure  of  the  radials  was  also  observed  in  the  case  of 
polycrystalline  AI2O3  [Fig.  4(b)].  Pre-  and  postfailure 
optical  micrographs  of  an  indentation  site  in  polycrys¬ 
talline  MgO  appear  in  Figs.  5(a)  and  5(b).  No  evidence 
of  postfailure  subsidiary  cracking  was  observed  in  MgO. 
(Table  I  summarizes  all  the  results  from  the  present 
study.) 

IV.  DISCUSSION 

Consider  the  expanding-cavity  model  for  indentation 
in  which  a  spherical  cavity  under  pressure  produces 
a  spherical  plastic  zone  embedded  within  an  elastic 
continuum.^  Creation  of  a  zero-stress  plane  (free  sur¬ 
face  5)  in  this  system  relaxes  the  constraint  on  the  plastic 
zone,  resulting  in  a  tensile  stress  cTr  at  full  indenter 
unload  acting  normal  to  the  free  surface  [see  Fig.  6(a)].^ 
This  residual  tensile  stress  provides  a  driving  force  for 
classic-lateral  cracking.  Consider  now  the  oeation  of  a 
new  stress-free  plane  (fracture  surface  S')  orthogonal  to 
the  plane  S.  This  new  fracture  surface  further  removes 
the  constraint  on  the  plastic  zone,  and  results  in  a 
residual  tensile  stress  <r',  acting  normal  to  the  plane 
S'  [Fig.  6(b)].  It  is  postulated  that  some  complex  stress 
field  product  by  the  combination  of  tensile  stresses  rr, 
and  <r'  drives  the  ortho-lateral  (OL)  and  the  extended- 
lateral  (EL)  cradcs.  Lack  of  any  postfailure  subsidiary 
cradcing  in  indented  glass  specimens  with  the  residud 
contact  field  removed  by  annealing  [Rg.  2(b)]  supports 
this  argument  It  is  alM  suggested  that  this  craddng 
problem  may  not  be  confined  to  a  mode  I  loading  and 
may  well  be  a  complex  mixed-mode  problem,'^  which 
is  beyond  the  scope  of  this  paper. 

Possibility  of  postfailure  subsidiary  cracking  arising 
from  any  testing  artifacts  was  ruled  out  by  testing  spec¬ 
imens  in  both  four-point  bend  and  biaxial  flexure  (see 
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FIO.  1.  Reflected-ligbt  mjcfogmphs  showing  the  evolution  of  ortho-lateral  (OL)  and  extended-lateral  (EL)  cracks  after  failure  from  a  20  N 
indentation  in  a  soda-lime-silica  glass  bar  specimen:  (a)  as-indented,  (b)  2  min  after  failure  in  four-point  bend,  (c)  30  min,  and  (d)  24  h. 
Indentation  and  subsequent  bending  tests  were  carried  out  in  the  presence  of  dry  silicone  oil. 
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FIO.  2.  Reflected-light  niicrograr>lis  of  annealed  20  N  indenution  in  a  FIG.  3.  Reflected-light  micrographs  of  a  30  N  indentation  in  a  sap- 

soda-Ume-silica  glass  bar  spedraen:  (a)  as-annealed  and  (b)  24  h  after  phire  disk  specinoen:  (a)  as-indented  and  (b)  24  h  after  failure  in  bi- 

fuhue  in  four-point  bend.  axial  flexure. 


lU)ie  I).  Comparative  experiments  with  AI2O3  (single¬ 
crystal  and  polyoystalline),  which  have  a  relatively 
hi^r  elastic  modulus  to  hardness  ratio  (E/H)  and  thus  a 
greater  magnitude  of  the  indentation-contact-field  stress/ 
suggest  that  the  phenomenon  of  ortho-lateral  cracking  is 
not  limited  to  glass  (see  Table  I). 

On  the  other  hand,  in  spite  of  an  even  higher  E/H 
value,  lack  of  any  postfailure  subsidiary  cracking  in 


polycrystalline  MgO  is  rather  surprising.  At  this  juncture 
we  do  not  have  a  definite  answer  as  to  why  t^  is  s^*) 
in  the  case  of  MgC.  A  possible  explanation  may  lie 
in  the  fact  that  indentations  in  MgO  do  not  produce 
well-behaved  cracks;  cracks  forming  at  various  angles 
to  the  indentation  diagonals  are  evident  from  Fig.  S(a). 
Also,  the  cracks  were  observed  to  interact  with  the 
microstructure  due  to  the  coarse-grained  nature  of  the 
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FIG.  4.  Secondary  electron  SEM  micrographs  of  a  SO  N  indentation 
in  a  polished  and  etched  polycrystalline  Ai203  bar  specimen:  (a)  as- 
indented  and  (b)  24  h  aifter  failure  in  a  four-point-bend.  Ortho- 
lateral  cracks  are  denoted  by  OL. 


no.  S.  Reflected-light  micrographs  of  a  SO  N  indentation  in  a  pol¬ 
ished  and  etched  polycrystalline  MgO  bar  specimen;  (a)  as-indented 
and  (b)  24  b  after  failure  in  four-point  bend.  Note  the  irregular  crack¬ 
ing  pattern  around  the  indentation  in  (a). 


MgO,  precluding  a  clear  picture  of  the  cracking  pattern 
(see  al^  e.g..  Cook  and  Liniger’^). 

Now  we  discuss  some  implications  of  postfailure 
subsidiary  cracking  in  brittle  solids;  (a)  Flaws  in  ce¬ 
ramics  due  to  second-phase  inclusions'*^  and  contact 
damage  (e.g.,  indentation)^  are  usually  accompanied  by 
residual  tensile  stresses.  The  observation  of  postfail¬ 
ure  subsidiary  cradking  from  indentations  suggests  that 
residual-stiess-driven  flaws  may  remain  active  even  after 
specimen  failure  from  those  flaws,  (b)  Our  observation 
of  the  evolution  of  the  subsidiary  cracks  from  indenta¬ 
tions  beginning  immediately  after  specimen-failure  has 
led  us  to  the  conclusion  that  sudi  a  phenomenon  is  truly 
postfailure.  Since  the  subsidiary  cracks  fully  develop 
soon  after  qiecimen-failure,  fractography  of  such  frdlure- 
origin  sites  in  ceramics  long  after  frilure  is  likely  to 
lead  to  erroneous  conclusions.  There  is  a  real  danger  of 
associating  the  subsidiary  cracking  from  residual-stress- 
driven  flaws  with  the  propagation  of  the  primary  crack 
to  failure,  e.g.,  microcrarddng  close  to  the  fracture  sur¬ 
face  in  two-phase  ceramics,  (c)  Sliding  contact  with 
brittle  surfaces  can  cause  severe  damage  and  result  in 


microfracture  from  those  contact-damage  sites.^  Re¬ 
peated  sliding  is  quite  likely  to  result  in  the  fracture 
of  the  previous  contact-damage  sites  leading  to  sub¬ 
sidiary  cracking,  thereby  further  degrading  wear  proper¬ 
ties.  (d)  In  view  of  the  great  signiflcance  of  classic-lateral 
cracking  in  erosion  and  wear,  model  experiments  have 
been  carried  out  to  understand  fracture  behavior  of 
classic  laterals  from  indentations.^*^  However,  classic- 
lateral  cracking  occurs  subsurface,  limiting  these  studies 
only  to  transparent  or  highly  translucent  ceramics.  On 
the  other  hand,  ortho-laterals  can  be  easily  observed  in 
opaque  ceramics,  and  their  fracture  behavior  appears  to 
be  quite  similar  to  that  of  classic  laterals.  Therefore,  the 
potential  now  exists  to  investipte  the  phenomenon  of 
general  lateral  fracture  in  opaque  brittle  solids,  which 
form  the  majority  of  technologically  important  ceramics. 

V.  SUMMARY 

In  summary,  evolution  of  a  new  cracking  pattern 
of  “ortho-laterd”  cracks  which  originate  at  the  intact 
comers  of  the  Vickers  indentation  after  specimen-failure 
in  brittle  materials  has  been  observed.  In  some  instances 
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lABLEL  Summary  of  postfailuie  observations  of  subsidiary  cracking 
in  some  brittle  soli^. 


Material 

E/H 

OL  and  EL.cracking 

Soda-lime-silicate  glass 

11.9« 

Foiu-poim  bend 

Yes 

Biaxial  flexure 

Yes 

Annealed  (four-point  bend) 

No 

Stqtphite 

18.0“ 

Forrr-point  bend 

Yes* 

Biaxid  flexure 

Yes* 

Polyciystalline  AI2O3 
(four-point  bend) 

213^ 

Yes 

PrflycrystallitK  MgO 
(four-point  bend) 

52.6”“ 

No 

‘Extended  laterals  were  found  to  dominate. 


postfailure  extension  of  the  classic  laterals  toward  the 
surface  has  also  been  demonstrated.  A  simple  model 
suggests  that  residual  tensUe  stress  from  the  combined 
effects  of  the  indentation-plastic  cavity  and  generation 
of  a  stress-free  plane  (fracture  surface),  similar  to  that 
in  classic-lateral  cracking,  acting  normal  to  the  fracture 
surface  is  responsible  for  the  subsidiary  cracking.  Lack 


of  any  postfailure  subsidiary  cracking  from  annealed 
indentation  sites  in  glass  supports  this  model  Postfrdlure 
subsidiary  cracking  has  some  implications  concerning 
residual-stress-driven  flaws,  postmortem  fractography, 
and  wear  in  ceramics. 
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A  fracture  mechanics  model  is  presented  for  the  toughening 
of  ceramics  by  bridging  from  second-phase  particles, 
resulting  in  toughness  curve  (T-curve)  behavior.  It  is 
assumed  that  the  second-phase  particles  are  in  a  state  of 
reddual  thermal  expansion  dilatational  mismatch  relative 
to  the  matrix.  In  the  long-crack  region,  these  stresses  aug¬ 
ment  frictional  sliding  stresses  at  the  interphase  boundaries, 
enhancing  the  crack  resistance;  in  the  short-crack  region, 
the  same  stresses  drive  the  crack,  diminishing  the  crack 
resistance.  The  principal  manifestation  of  these  countervail¬ 
ing  influences  is  a  reduced  sensitivity  of  strength  to  initial 
flaw  size,  Le.,  an  increased  flaw  tolerance.  In  seeking  to 
incorporate  these  key  physical  dements,  our  modd  opts  for 
mathematical  dmplidty  by  assuming  uniformly  distributed 
stresses  in  two  bridging  domains:  in  the  first,  at  small  crack- 
wall  separations,  a  constant  opening  stress;  in  the  second,  at 
larger  separations,  a  constant  dosing  stress.  The  uniform 
cn^-plane  distributions  allow  for  simple  dosed-form  solu¬ 
tions  of  the  crack  R-fidd  equations,  and  thence  an  analytical 
formulation  for  the  T-curve.  Indentation-strength  data  on  a 
‘Td'erenoe”  AljOj/AljTiO,  ceramic  composite  are  used  to 
demonstrate  the  main  theoretical  predictions  and  to  cali¬ 
brate  essential  parameters  in  the  T-curve  formulation.  The 
utility  of  the  modd  as  a  route  to  microstructural  design  is 
addressed  in  Part  IL 

L  Introduction 

IT  IS  now  acknowledged  that  the  toughness  of  monophase 
ceramics  can  exhibit  a  crack-size  dependence,  the  so-^led 
toughness  curve  (T-curve)  or  resistance  curve  (f?-curve).‘'’  In 
nontransfotming  ceramics  the  T-curve  is  attributable  princi¬ 
pally  to  a  mechanism  of  “bridging”  by  frictional  grain  slideout, 
gre^y  enhanced  in  noncubic  materials  by  then^  expansion 
anisotropy  stresses.*  A  characteristic  of  such  ceramics  is  “flaw 
tolerance”,^*'^''^  i.e.,  a  diminished  dependence  of  strength  Op 
on  initial  flaw  size  c„  relative  to  traditional  “Griffith”  behavior 
(Op  <x  Flaw  tolerance  in  monophase  ceramics  may  be 
eiAanced  by  scaling  up  the  grain  size.'*  Beyond  a  limiting  grain 
size,  however,  microcracking  occurs  spontaneously  through  the 
bulk  material,  with  a  consequoit  degradation  of  strength.  These 
characteristics  imply  an  element  of  compromise  in  materials 
desigiu  e.g.,  increased  strength  in  the  long-crack  region  at  the 
potential  expense  of  bulk  microcracking  and  reduced  wear 
resistance  in  the  shcnt-crack  region.'* 
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Additions  of  a  second  phase  can  augment  the  T-curve  behav¬ 
ior,  well  beyond  any  “law  of  mixtures,”  by  enhancing  the  effec¬ 
tiveness  and  density  of  bridges.  This  is  the  underlying 
philosophy  of  reinforced  composites.  An  important  element  in 
the  materials  design  is  the  control  of  volume  fraction  and  parti¬ 
cle  size,  as  well  as  internal  residual  stress.  Increasing  the  vol¬ 
ume  fraction  enhances  the  density  of  active  bridges;  increasing 
the  particle  size  enhances  the  scale  of  these  bridges.  It  follows 
that,  with  a  proper  understanding  of  these  factors,  one  may  bet¬ 
ter  tailor  microstmetures  for  specified  structural  ^plications. 

In  the  present  study  we  extend  the  theory  of  grain  bridging 
from  monophase  ceramics  to  two-phase  ceramics,  with  special 
reference  to  alumina-matrix  composites  containing  aluminum 
titanate  particulate  reinforcemenL*-*"-*'  Aluminum  titanate  is 
chosen  as  a  second  phase  because  of  its  large  thermal  expansion 
mismatch  relative  to  alumina,  so  as  to  maximize  the  intensity  of 
internal  residual  stresses  at  the  bridge  sites.  Our  endeavor  is  to 
establish  a  simple  fracture  mechanics  model  for  the  T-curve  in 
this  class  of  ceramic.  In  emi^iasizing  simplicity,  we  are  pre¬ 
pared  to  sacrifice  mathematical  rigor  in  tiie  model,  but  not  at  the 
expense  of  physical  essentials.  Thus,  we  retain  our  capacity  to 
incorporate  basic  microstructural  elements,  volume  fraction, 
particle  size,  and  residual  stress,  as  governing  microstructural 
variables  in  the  description.  Experimental  indentation-strength 
data  on  the  composite  materials  will  be  used  to  illustrate  the 
versatility  of  the  model,  most  notably  in  the  short-crack  region. 

The  study  is  presented  in  two  parts.  In  Part  I  we  outline  the 
basic  the(Hy  and  analyze  the  principal  features  of  the  T-curve 
for  our  composite  material.  In  Part  II  we  investigate  the  effects 
of  microstmctural  variables  on  the  T-curve  and  associated  flaw 
tolerance,  with  consideration  of  restrictions  imposed  by  bulk 
microcracking  limits. 

n.  Theoretical  A-Field  Analysis 

We  begin  by  deriving  /(-field  relations  for  cracks  in  an  other¬ 
wise  homogeneous  ceramic  matrix  with  bridging  seoind-phase 
particles.  In  developing  these  relations  we  shall  borrow  from 
earlier  theoretical  treatments  for  monophase  ceramics'*  and 
fiber-reinforced  composites,**  but  with  the  simplification  of 
continuous  and  uniformly  distributed  (Barenblatt-Dugdale) 
bridging  stresses  over  the  crack  interface.  The  analysis  will  be 
used  to  determine  T-curve  and  strength  formalisms  for  materi¬ 
als  with  indentation  short  cracks. 

(1)  Stress-Separation  Function 

Consider  two  surfaces  bridged  by  second-phase  particles 
over  a  separation  2u  (Fig.  1).  We  concern  ourselves  with  crack 
areas  large  relative  to  that  occupied  by  a  single  particle,  so  that 
a  distribution  of  discrete  force-separation  furictions  may  be 
replaced  by  a  continuous  stress-separation  function,  s(u),  say. 
We  shall  regard  s(u)  as  a  positive  quantity  (shielding)  when  it 
acts  to  close  die  interface;  this  convention  is  consistent  with  an 
eaihanced  long-crack  toughness.  At  the  same  time,  we  recognize 
the  need  to  allow  for  the  possibility  of  negative  s(u)  (anti¬ 
shielding)  at  small  separations,  so  as  to  allow  for  microcracking 
in  the  short-crack  region. 
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Fig.1.  Scbemadciliagramdqnctiiigiiiienction  of  second-phase  par- 
tictes  with  separating  matrix  w^ls.  (A)  Grade  opening  at  small  sepva- 
tkMS,  due  to  residual  outward  pressure  from  campre»ed  paitkles.  (B) 
Bridging  at  large  sepantioos,  from  frictional  tractiofis  at  sliding  grain- 
matrix  intetphase  boundaries. 


We  dierefore  assume  the  bridging  particles  to  exist  in  a  state 
of  residual  compressive  stress  at  the  unctacked  interface,  so  that 
they  initially  exert  opening  stresses  on  the  matrix  walls.  As  the 
waUs  separate,  these  opening  stresses  relax.  At  tiie  same  time, 
the  particles  debond  from  the  matrix.  At  larger  separations  the 
paroles  begin  to  slide  out  of  the  constraining  matrix  but  ate 
restrained  at  those  interphase  boundary  facets  where  tiie  ther¬ 
mal  expansion  mismatdi  stresses  ate  compressive.  Resistance 
to  slidi^  pullout  tiien  arises  principally  from  Coulombic  fric¬ 
tional  tractions.'^  For  simpliciQr,  we  assume  that  the  transition 
to  frictional  sliding  occurs  whm  tiie  precompressed  springs 
are  just  relaxed,  and  neglect  any  resistance  stresses  due  to 
debooding. 

The  function  s(u)  at  small  u  is  then  determined  as  the  open¬ 
ing  stress  exerted  on  the  matrix  over  the  section  area  of  a  single 
particle,  relative  to  the  interface  area  occupied  by  that  particle: 

5(j<)  -  -VJd  -  V,)(l  -  2«/6)<r,  (0  s  2«  s  8)  (la) 

where  K,  is  the  volume  fraction,  Ok  is  the  thermal  expansiem 
mismatch  stress  at  the  interphase  boundary,  and  8  is  the  separa¬ 
tion  at  which  the  residual  elastic  stresses  are  relaxed.  (The  fac¬ 
tor  1  -  K,  is  to  allow  fw  a  reduction  in  available  matrix  volume 
at  increasing  Vf,  with  V,  <  0.5.)  Similarly,  s(u)  at  large  «  is 
determined  as  die  closing  stress  exerted  on  the  matrix  over  the 
interphase  frictional  contact  area  of  the  particle,  again  relative 
u>  the  fractional  interface  area:'^ 

s(u)  =  +V,il  -  V,)(l  -  2ii/On5>ur,// 

(8s2«s5)  (lb) 

where  /  is  die  particle  dianieter.  i)  is  a  particle-matrix 
perimeter/area  fri^or  relative  to  /  at  the  crack  plane,”  p,  is  die  ' 
coeffident  of  sliding  friction,  and  $  is  the  separation  at  wfaidi 
the  particle  disengages  (8  «  usually).  The  composite  s(u) 
function  t^Eq.  (1)  is  plotted  in  2. 

While  acknowledging  die  ph^kcal  sensibility  of  die  linear 
(“tail”)  stresses  in  the  s(if)  function,*-”  it  is  nevodieless  mathe- 
mttticaUy  expeifient  to  rqilace  these  by  inform  stresses  over 
die  pertinent  bridging  zones,  as  indicated  in  ^  1.  Let  us  there¬ 
fore  define  “avenig^  values  p  and  q  over  the  two  bridging 
zones: 

s(u)  =  -q  *  -jW  -  K)o’«  (0  s  2«  s  8)  (2<j) 

s(u)  -  -t-p  -  -  V,)<T,  (8  s  2«  s  i)  (2b) 


Wall-Wall  Displacement,  2« 


F^.  2.  Stress-separation  function,  s(u),  for  system  in  Fig.  1.  Shaded 
areas  indicate  ammximations  of  uniform  stress  s  =  +pmds=  -q 
in  the  two  domains.  (Positive  sign  denotes  closure  bridging  stress.) 

with  conjugate  size-independent  strain  terms 

=  8//  (3a) 

=  ?//  (3b) 

(2)  K-FuldandT-Curve 

Now  consider  the  stress-separation  function  of  Eq.  (2)  in  the 
context  of  pennylike  short  cracks,  to  simulate  the  evolution  of 
flaws  (natural  or  artificially  induced)  under  the  action  of  an 
externally  applied  tensile  stress.  We  assume  that  in  their  critical 
growth  stages  to  failure  the  cracks  traverse  a  large  number  of 
particles,  so  that  we  may  be  justified  in  using  the  continuous 
stress  function  s( u)  to  de^be  the  ensuing  strength  characteris¬ 
tics.  (This  assumption  will  be  examined  when  we  compute  the 
cohesion-zone  dimensions  for  our  composite  material  later.) 

Accordingly,  the  stress  distribution  along  the  coordinate  r  of 
a  penny  crack  (Fig.  3)  is 


Fig.  3.  Equivalent  stress  distribution,  s(r),  for  bridged  crack. 
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s{r)  —  —q  (c  —  K&r^c)  {4<i) 

=  P  (c  —  A  —  X£/-Sc  —  X)  (4b) 

widt  c  the  ciadc  radius.  The  bridging  zone  dimensiofis  X  and  A 
scale  widi  die  crack-opening  dis^acementsS  and  $  of  Fig.  1  via 
some  cradc  profile  relation  (with  X  «  A,  usually).  In  part  I, 
die  need  for  knowledge  of  die  profile  may  be  avoid«i,  by  sim- 
plistically  treating  X  and  A  as  adjustable  parameters;  this  will 
not  be  so  in  Part  n,  when  we  consider  the  of  imcrostructural 
variables. 

The  “crack-tip”  itT-field,  for  an  equilibrium  crack  under 
applied  stress  in  a  bringing  material  contains  a  microstnic- 
tural  component,  K^: 

KJic)  =  -I-  KJ.C)  =  To  (5) 

widi  Tg  the  intrinsic  toughness  of  the  matrix  material  (grain 
boundary  toughness  in  die  case  of  intergranular  fracture).  Put¬ 
ting  —K^  —  T^  (so  that  a  true  shielding  term  appears  as  a  posi¬ 
tive  contribution  to  the  toughness),  we  may  write  the  “global” 
Jtr-fiddas 

JCa(c)  =  •(kTaC'®  =  To  -  KJic) 

=  r,  -I-  T^(c)  =  T(c)  (6) 

whidi  defines  the  toughness  curve,  or  T-curve,  T(c). 

To  dABtinine  T^(c),  we  int^raie  the  bridging  stresses  of  Eq. 
(4)  over  the  entire  crack  area,  using  the  conventional  Oieen’s 
function  exinession  for  pennylike  cracks:” 

T^(c)  =  2a/(irc)“*/rr(r)dr/(c"  -  r*)'^  (7) 

0 

where  a  is  a  geometrical  coefficient  to  allow  for  interactions 
with  qiecimen  and  crack-neighbor  fiee  surfaces.  For  indenta¬ 
tion  ni^  cracks,  one  generally  defines  a  coefficient  «|»  =  2a/ 
-ir*”,  to  allow  for  ha^-petmy  geometry,  any  ensuing  distortions 
into  elliptical  fronts,  perhnbations  from  orthogonal  radial 
and  lateral  cracks.  Integration  widiin  three  different  regions  of 
crack  size  gives  the  microstnictural  function 

T^(c)  =  -  (0  <  c  £  X)  (Sa) 

W  =  -  (1  -  (1  -  X/c)»]'«l 

-  i|iqc'«(l  -  (1  -  X/c)*]'" 

(X£c£A  +  X)  (86) 
To(c)  -  •|»/»c«{Il  -  (1  -  A/c  -  X/c)*}*" 

-  [I  -  (1  -  X/c)T«| 

-  i|»qc'«(l  -  (1  -  X/c)T« 

(A-l-XSc)  (8c) 

The  ensuing  T(c)  function  in  Eq.  (6)  may  be  usefully  simpli¬ 
fied  in  certain  n^ions  of  c  by  mak^  some  reasonable  ai^xi- 
mations.  In  the  limit  of  a  very  small  tensile  zme,  X  becomes 
independent  of  c  (“small-zone,”  or  “Barenblatt,”  approxima¬ 
tion),  and  Eq.  8(b)  results  in  a  T-curve  diat  is  linear  in  c 

T(c)  -  To  -  ^»(p  -1-  «)(2X)‘«  -1- 

(X«csA-l-X)  (9) 

In  the  limit  of  very  long  cracks,  Eq.  (8c)  results  in 

T(c)  -  T,  -  ♦(p  -1-  ^)(2X)'«  -t-  »|»p(2A)'« 

(A-l-X«c)  (10) 

corresponding  to  die  plateau  tou^iness. 


(3)  Indentation-Strength 

Now  let  us  extend  the  analysis  to  Vickers  indentation  flaws, 
so  that  we  may  use  indentation-strength  data  to  evaluate  the 
T-curve  parameters  in  Eqs.  (8-10)  objectively  for  our  test  mate¬ 
rial  (Sect  m). 

It  is  necessary  now  to  include  one  further  term  in  our  formu¬ 
lation,  to  allow  for  the  residual  XT-field  associated  with  the  irre¬ 
versible  contact  deformation  at  indentation  load  P.  llie 
equilibrium  crack-tip  fT-field  relation  of  Eq.  (S)  is  modified 
to'“* 

Ar,(c)  =  i|.a*c'" -I- =  Ti  (II) 

conesponding  to  a  global  XT- field 

AI(c)  =  +  x>/c^ 

=  To  -  K^(c)  =  To  +  T^(c)  =  T(c)  (12) 

The  residual-contact  term  provides  additional  stabilization  to 
the  crack.  The  inert  strength  for  indentation  flaws  is  die  config¬ 
uration  Oa  =  <^M>  c  =  CuM.  which  the  transposed  function 

aAc)  =  (l/i|»c'”)[T(c)  -  xP/c^]  (13) 

from  Eq.  (12)  satisfies  the  requiremem  d<rA(c)/dc  0  for  a 
maximum,  corresponding  to  the  “tangency  condition” 

AKlicyAc  =  dT(c)/dc  (14) 

in  a  conventional  T-curve  construction.” 

Equation  (13)  is  not  readily  solved  analytically  for  Cm 
using  the  general  T^(c)  relations  in  Eqs.  (6)  and  (8).  However, 
an  exaa  solution  is  obtainable  in  the  region  X  «  c  £  A  X, 
using  Eq.  (9).  If  we  write  oi  =  a*  -  p,  Ti  ==  Tg  -  »|>(/>  ■+■ 
q)(2k)'^,  (1 1)  then  reduces  to  the  exact  same  frnm  as  the 

standard  relation  for  materials  with  single-valued  toughness,'^ 

^*(c)  =  -t-  xP/c^  =  n  (15) 

Solving  for  the  instability  configuration  in  Eq.  (14),  or  by  direct 
inspection  of  the  standard  solutions  for  such  homogeneous 
materials,””  one  obtains 

Cm  =  (4xT/[To  -  i|i(p  +  9)(2X)'«))^  (16a) 

Om  =  p  -I-  3[To  -  iMp  +  9)(2X)'«]«/4i|»(4xP)'"  (166) 

We  shall  assert  that,  because  of  the  long  precursor  extensions 
from  initial  size  Cg  to  final  size  Cm  for  indentation  cracks,  the 
specification  X  «  c  s  A  4-  X  poses  no  severe  restrictioa  to  the 
validity  of  Eq.  (16).  Note  d^  for  large  P  the  strength  is 
etihan^  relative  to  the  homogeneous  matrix  material  (p  « 
0  »  q),  because  of  the  lower-limiting  stress  p;  at  small  P  the 
strengdi  is  reduced,  because  of  die  diminished  effective  tough¬ 
ness  Tg  (square  bracket  term).  Hence,  die  foimalism  embodies 
die  essential  quality  of  flaw  tolerance. 

m.  Fits  to  Data  fbrTWJPbaseAl/VAljTfOs  Composite 

(1)  ExperbnetUal  Procedure 

We  illustrate  the  above  formulation  with  mdentarioo- 
strengih  data  from  a  fine-grain  alumina  matrix  reinfotoed  by 
homogeneously  distributed  aluminum  titanate  particles  (AljCV 
AljTiO,).  The  febrication  procedure  for  diis  conqxKite  material 
has  been  described  elsewfaoe.””-””  Materials  were  frincaled 
widi  a  starting  grain  size  <2  |un,  and  die  particles  subsequendy 
grown  by  a  prescribed  aging  heat  treatinenL”  Densities  were 
measured  using  the  Archimedes  mediod,  >98%  in  all  cases, 
and  die  particle  size  by  a  lineal  intercept  method.^'  In  Part  I  we 
focus  on  a  reference  composition  with  volume  fraction  V,  = 
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0.20  and  mean  second-phase  particle  size  /  =  4.0  pm.  The  alu¬ 
mina  grain  size  is  <7  pm,  so  dial  there  is  negligible  contribu¬ 
tion  to  the  r-curve  from  the  matrix  itself.'*  A  micrograph  of  the 
microstnicture  is  shown  in-Fig.  4. 

Additional  batches  of  the  alumina-matrix  material  were  also 
fabricated  with  different  values  of  V,  and  /,  for  consideration  in 
the  sctmd  part  of  this  study  (see  Part  n). 

Specimens  for  strengdi  testing  were  prepared  as  disks, 
20-mm  diameter  and  2.S-inm  thickness,  with  one  surface  pol¬ 
ished  to  better  than  1  pm.  A  Vickers  indentation  was  made  at 
the  center  of  each  polished  surface,  at  prescribed  load  P,  and 
covered  with  a  drop  of  silicone  oil  The  disks  were  then  tn^en 
in  biaxial  flexure,  indentations  on  the  tensile  side,  with  4-mm- 
Hianw^w  flat  loading  on  a  IS-mm-diameter  dnee-ball  support 
These  tests  were  tun  in  “fast”  loading  (<10  ms  failure  time),  to 
ensure  “inert”  conditions.  POst-mortem  examinations  were 
made  of  all  broken  specimens  to  confirm  failure  initiation  from 
the  indentation  sites. 

The  indentation-strength,  OmCP),  results  are  plotted  as  die 
data  points  in  Fig.  5.  Error  bars  are  standard  deviation  bounds 
for  4^  tests  at  e^  indentation  load. 

(2)  Evaluation  ofT-Curve  Paranutenjrom  Indeatation- 
StnngthData 

Our  i^iproach  is  to  evaluate  die  short-crack  T-curve  for  our 
alumina-based  composite  ftomibe  Oy/iP)  data  in  lug.  S,  follow¬ 
ing  a  procedure  developed  in  an  earlier  study.**  Using  coeffi¬ 
cients  i|f  »  0.77  and  x  =  0.076  calibrated  on  a  fine-grain 
alumina  reference  material  in  that  earlier  study,  we  first  gener¬ 
ate  K'^(c)  functions  (Eq.  (12))  for  each  of  the  ayi(P)  data  points. 
The  r(c)  function  is  then  determined  as  the  “envelope  of  tan- 
gency  points”  (^s.  (12)  and  (14))  fitted  to  the  family  of  K'jXc) 
functions,  insetting  a  calibrate  value  of  Tg  =  2.7S  MPa-m''* 
from  the  earlier  study  in  Eq.  (6)  and  adjusting  die  microstruc- 
tural  parameters  in  Eq.  (8). 

We  do  this  in  Fig.  6,  as  toughness  T  against  crack-size  quan¬ 
tity  c*'*.  In  this  plot  the  Klfjc)  functions  are  shown  as  the 
inverted  solid  curves.  The  heavy  curve  is  a  fit  of  the  T(c)  func¬ 
tion  in  Eqs.  (6)  and  (8).  To  obtain  this  fit,  we  first  used  a  least- 
squares  proctxlure  to  evaluate  the  following  parameters  for  the 
“reference  state”  at  V,  =  0.20,  /  =  4.0  pm: 


p  =  325  MPa 

(17a) 

(p  +  q)(2X)'"  =  3A1  MPam*" 

(176) 

A  =  180  pm 

(17c) 

Fig.  5.  Indentation-strength  plot  for  reference  AljOj/AliTiO,  com¬ 
posite  (V,  =  020, 1  =  4.0  pm).  Data  points  are  means  and  standard 
deviatim  of  4-6  tests  per  load.  Solid  curve  is  generated  theoretically 
from  the  condition  iiTn(c)/dc  =  0  in  Eq.  (13)  (using  microstructural 
parametets  evaluated  firm  the  T-curve  fit  in  Fig.  6).  Dashed  curve  is 
“plateau”  approxiination  from  Eq.  (166).  ShatM  line  of  slope  — 1/3 
represents  indentation-strength  results  for  base  fine-grain  matrix 
alumina. 


Recall  from  Eq.  (9)  that  these  parameters  completely  determine 
an  approximate  “linear”  T-c'^  representation  of  T(c),  with 
slope  p  and  T-axis  intercept  Tg  -  t|i(p  +  q)(2X)''*;  this  repre¬ 
sentation  is  included  as  die  inclin«l  dashed  curve  in  Hg.  6. 
Observe  the  continuous  rollover  in  the  complete  T(c)  fiin^on 
to  saturation  at  c  »  A  X,  as  the  fully  develop^  bridging 
zone  begins  to  translate  with  the  crack. 

Since  the  strength  data  in  Fig.  6  do  not  extend  down  into  the 
region  c  <  X,  we  need  additional  infotmation  to  determine  the 
full  set  of  microstructural  parameters  in  the  T-curve  function. 
Precise  values  of  the  remaining  parameters  are  not  crucial  to 
our  treatment  at  this  Juncture,  so  we  take 

X  =  7.0  pm  (18a) 

<7  =  613  MPa  (186) 

to  match  estimates  of  the  short-crack  size  (c  ■»  2X)  at  first 
microcracking  in  AljOj/AliTiO,  composites  with  scaled-up 
microstructures  (see  Part  II).  Observe  also  the  minimum  at 


Fig.  4.  Seaming  electron  micrograph  showing  Al,TiO,  particles 
(V,  >  0.20,  white  phase)  in  A1]0,  matrix  (dark  phase),  for  reference 
oofiipostie. 
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Fig.  6.  T-curve  constructions  for  reference  AljOj/AiiTiOs  composite. 
Family  of  inverted  curves  represents  Kl,{c)  functions  in  Eq.  ( 1 2)  evalu¬ 
ated  for  (Om<P)  data  points  in  Fig.  S.  Shaded  curve  is  fitted  envelope 
T(c)  function  from  Eqs.  (6)  and  (8). 
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small  c,  signifying  a  degradation  in  toughness  at  e  <  2X  from 
the  initial  crack-opening  action  of  second-phase  particles. 

With  die  estimates  i]  4  (rectangular  or  circular  cross-sec¬ 
tion  particle)  and  "•  O.OSO  (Sect  111(1)),  we  may  use  Eq.  (2) 
to  evaluate  composite  material  quantities 

a,  =  7.7GPa  (19a) 

11-2.7  (19fc) 

Given  the  microstructural  T-curve  parameters  in  Eqs.  (17) 
and  (18),  ccmqilete  theoretical  indentation-strength, 
curves  may  now  be  regenerated  by  seeking  extremum  solutions 
of  Eq.  (13).  Hgure  S  i^udes  curves  thus  regenerated,  using  die 

Tic)  liuKtion  in  Eqs.  (6)  and  (8)  (solid  curve)  and  the  ‘lin¬ 
ear”  T-c''^  ajqnDxiination  in  Eq.  (9)  (dashed  curve).  The  inter¬ 
section  of  die  solid  curve  duou^  the  data  reinforces  the 
validily  of  our  fitting  procedure  in  Fig.  6. 

IV.  Discussion 

The  above  analysis  allows  us  to  analyze  the  T-curve  le^xmse 
of  two-phase  ceramics  in  the  shoit-crai^  region  using  in^ta- 
tion-stn»gth  data  A  major  feature  of  the  aiudysis  is  its  relative 
simplicity.  Thus,  althou^  discrete  microstructural  parameters 
are  used  in  defining  the  underlying  brid^ng  stress-separation 
function.  Eqs.  (1)  and  (2),  we  are  neveidieless  able  to  r^ard  die 
same  bridging  stresses  as  continuously  distributed  along  the 
crack  plane,  Eq.  (4).  The  assumption  of  uniform  stresses  widiin 
die  bridging  zones  (Figs.  1  and  2)  allows  for  ainal^cal  solutions 
of  the  AT-field  integral  equations.  The  exercise  is  diereby 
reduced  to  somediing  akin  to  a  Barenblatt-4>ugdale  crack  i»ob- 
lem.  Moreover,  by  calibrating  X  and  A  in  Eqs.  (8-10)  directly 
from  experimental  data,  our  stdutions  can  be  determined  with¬ 
out  at  this  stage  specifying  any  crack-opening  displacement 
relation  (see,  however.  Pan  II).  In  this  context  we  may  note 
that  the  estirnated  dimension  X  »  7.0  pm  (Sec.  111(2))  is  com¬ 
parable  to  die  AliTiO,  inteqiarticle  separation  in  Fig.  4,  so  the 
continuum  a{^jioximation  is  open  to  some  question  in  the 
crack-size  dt^in  to  the  left  of  the  r(c)  minimum  in  Fig.  6. 

One  of  the  advanuges  of  the  present  model  is  the  clear  way  it 
identifies  essential  T-curve  and  associated  flaw  tolerance  char¬ 
acteristics  writh  specific  elements  of  the  microstructure.  Thus 
we  note  in  Eq.  (9)  that  the  slope  of  the  T-curve  is  proportional  to 
the  bridging  stress  p.  From  Eq.  (2b),  this  stress  increases  mono- 
tonically  with  volume  fiaction  V,  and  residual  stress  o-r.  We  also 
note  in  Eq.  (9)  that  the  scale  of  the  T-curve  is  limited  the 
bridging  zone  length  A.  This  dimension  increases  with  particle 
size  /  (Fart  II).  Hence  we  might  expect  to  be  able  to  enhance  the 
relativdy  modest  T-curve  and  flaw  loleiance  characteristics  for 
our  material  in  Figs.  5  and  6  by  ai^iropriately  altering  the 
mkrostructure.  As  we  shall  see  in  Part  n,  such  potential 
enhancements  are  ultimately  limited  the  onset  of  general 
mkrocracking. 

Our  simpk  model  is  not  without  its  limitations.  Replacing 
the  tail-dominated  stress-sqiaration  functions  in  Fig.  1  by  the 
uniform  stresses  p  and  q  has  inevitable  consequences  in  die  pre¬ 
dicted  shape  of  the  T-curve.  Nevertheless,  our  description  con¬ 
tains  die  essence  of  mkrostructural  scaling  and  internal  stress 
influences,  and  will  not  affect  die  general  physical  conclusions 
drawn  in  eidier  Parts  I OT  n  of  diis  study. 

Useful  estimates  of  die  controlUng  mkrostructural  parune- 
ters  emerge  from  the  data  fits  in  Figs.  5  and  6.  The  residual 
stress  Or  —  7.7  GPa  (Eq.  (19a))  is  large  but  is  of  the  order  of 
computed  diennal  expansion  anisotropy  stresses  for  the  AljO^ 
Alj'nOs  system.”  The  friction  coefficient  p,  —  2.7  (Eq.  (19b))  is 
also  hi^  but  is  nevertheless  of  the  same  order  as  that  obtained 
in  an  earlier  bridging  analysis  for  pure  alumina”  and  is  not 
unreasonabk  for  sliding  contacts  at  pristine  (freshly  debonded) 
surfaces.” 

There  are  interesting  implications  in  the  analysis  concerning 
the  stability  of  flaws  that  evolve  through  the  residual  bridging 
HT-field  in  their  initial  state  (cf.  flaws  widi  no  residual  A-field 


XPIc^  in  Eq.  (1 1)),  in  response  to  an  rqiplied  stress  o*.  The 
appropriate  KJ,c)  function  is  a  straight  liite  through  the  migin 
of  a  T-c'"  plot,  with  slope  For  the  particular  AljOj/ 
AljUOj  composite  in  Fig.  6,  the  intercqit  of  the  extrapolated 
“linear”  Tic)  function  on  the  T-axis,  T„  —  i|»(p  +  q)(2X)“’  in 
Eq.  (9),  is  positive.  Hence  in  Hg.  6  the  K^ic)  line  must  always 
intersect  the  Tic)  curve  with  a  slope  dKJdic'^)  >  dr/d(c"®). 
Under  these  conditions  diere  is  no  T-curve  “tarigency"  condi¬ 
tion.  This  means  that,  whereas  indentation  flaws  in  our  material 
show  substantial  precursor  crack  extension  in  a  stneogdi  test, 
virtue  of  the  additional  stabilmng  influence  of  the  residuai  con¬ 
tact  A-field,  natural  flaws  should  propagate  spontaneously  to 
failure  at  their  initial  size,  c  =  c,  (“GriffiA  failure”).  Our 
T-curve  material  in  Hg.  6  does  nevertheless  exhibit  a  degree  of 
flaw  tolerance:  the  sens.itivity  of  the  strength  o-r  for  unindented 
specimens  to  c,  is  manifestly  reduced  rdidve  to  a  matrix  base 
material  at  T  =  To.“'^  Note  that  contrary  to  cormnon  practice 
T(c)  cannot,  even  in  its  oversimplified  form  of  Eq.  (9),  be  tepte- 
sented  as  a  pure  power  iaw;  tlm  intercqit  term  in  the  T-curve 
function  is  vita/ in  determining  tile  nature  of  the  flaw  response. 

This  last  point  will  be  made  even  more  oompellingly  when 
we  examine  the  effect  of  microstnictural  variations  in  Part  IL 
The  real  power  of  die  present  model  is  tiiat,  once  the  controlling 
microstructural  pararneters  for  a  given  material  system  have 
been  calibrated,  in  the  manner  of  Sect.  111(2),  one  may  use  tiie 
fracture  mechanics  to  predict  how  the  flaw  tokrance  diaiacter- 
istks  vary  with  the  microstructure.  We  will  find  that  the  T-axis 
intercept  referred  to  above  is  depressed  as  volume  fraction  and 
panicle  size  are  increased,  ultimately  becoming  n^ative  and 
thereby  altering  the  entire  complexion  of  the  flaw  stability. 
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Model  for  Toughness  Curves  in  Two-Phase  Ceramics:  II, 

Microstructural  Variables 
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The  fracture  mechanics  analysis  of  Part  I  is  here  extended 
to  consider  the  effects  of  volume  fraction  and  scale  of 
second-phase  partkies  on  the  toughness-curve  properties  of 
oeramk-matrix  composites.  Increasing  these  variables 
enhances  the  flaw  tokrance  of  the  material,  but  ouly  up  to 
cert^  limits,  beyond  which  bulk  microcracking  occurs. 
These  limits  define  domains  of  dam^  accumulation  and 
potential  strength  degradation  by  mkrocrack  coalescence. 
In  the  familiar  approximation  of  elliptical  crack-wall  pro¬ 
files,  we  show  that  the  principal  effects  of  increasing  volume 
fracthm.  (or  expansion  mismatch)  and  partkk  size  is  to 
enhance  the  slope  and  scale  of  the  T-curve,  respectively.  We 
also  derive  expressions  for  the  microcracking  limits  and  use 
these  expressions  to  construct  a  simpk  design  diagram  for 
characterizing  the  effects  of  microstructural  vuiatka  on 
mechanical  behavior.  Indentation-strength  data  on  Al]0/ 
AliTiO,  composites  over  a  range  of  volume  fractions  and 
partkies  sizes  are  used  to  demonstrate  the  severe  loss  in 
mechanical  integrity  that  can  be  suffered  on  entering  the 
microcracking  domains. 

I.  Introduction 

IN  PART  I.'  we  developed  a  simplified  fracture  mechanics 
toughness-curve  (T-curve)  model  for  two-phase  ceramics. 
Experimental  indentation-strength  data  on  an  alumina-matrix/ 
aluminum  titanate  (AI)0.,/AI]TiO.O  particle-reinforced  com¬ 
posite  were  used  to  confirm  the  essential  features  of  the  ttKxle! 
and  to  calibrate  controlling  microstructural  parameters  for  the 
r-curve.  We  are  now  placed  to  predict  the  effects  of  specified 
microstructural  change  on  the  toughness  and  strength  properties 
of  that  composite  system. 

Accordingly,  in  Part  II  we  investigate  the  predictive  capacity 
of  the  model  by  analyzing  the  effects  of  v'olume  fraction  V,  and 
particle  size  /  of  tiie  second  phase,  in  addition  to  matrix/partick 
expansion  mismatch  stress  a,,  on  the  toughness.  We  shall  show 
dim  increasing  V,  (or  Or)  and  /,  respectively,  enhances  the  slope 
and  scaling  characteristics  of  the  T-curve,  with  profound  conse¬ 
quences  concerning  crack  stability.  Beyond  critical  composi¬ 
tions  the  material  is  able  to  sustain  multiple  flaw  extension  prior 
to  failure.  This  is  the  domain  of  mkrocrack  damage  acctunula- 
tion  and  tKmlinear  stress-strain  response.  At  even  higher  Vrarxl 
/,  the  stiengtii  is  severely  degraded,  indicative  of  microcrack 
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coalescence.  Indentation-strength  tests  on  ALO  JAUTiO,  com¬ 
posites  with  different  volume  fractions  and  particle  sizes  are 
used  to  validate  these  predictibns. 

The  model  will  be  discussed  in  special  relation  to  microstnic- 
tural  strategies  for  optimum  toughness  characteristics,  in  terms 
of  a  simple  design  diagram. 

II.  Effect  of  Microstructural  Variables  on 
Toughness  and  Strength 

Using  the  “calibrated”  7-curve,  7(c),  function  for  the  refer¬ 
ence  composite  material  of  Part  I,  we  set  out  to  predict  the 
influence  of  two  major  microstructural  variables,  volume  frac¬ 
tion  V,  and  particle  diameter  /,  on  the  indentation-strength  char¬ 
acteristics.  Imernal  residual  stress  is  also  a  parameter  of 
potential  interest,  but  that  quantity  is  invariant  for  a  given 
matrix-particle  composite  system.  We  again  address  the  spe¬ 
cific  configuration  of  a  half-penny  crack  in  a  semi-infinite 
medium. 

( I)  Microstructure  Parametric  Relations 

In  this  subsection  we  seek  relations  between  V,  and  /  and  the 
controlling  microstructural  parameters  in  the  7(c)  formalism  of 
Section  II,  Part  I:  i.e.,  shielding  stresses  p  and  q,  and  bridging 
zone  dimensions  \  and  A. 

The  microstructural  dependence  of  the  shi,:lding  stresses  is 


given  by  Eqs.  (2)  and  (3),  Part  1: 

q  =  \v,(\-  H)aR 

(0  £  2m  s  e,.') 

(la) 

p  =  ^■nP-e^VKl  -  KIor 

(e,/  £  2m  s  t^l) 

(lb) 

with  7)  a  microstructural  geometry  parameter,  p.  a  friction  coef¬ 
ficient.  and  Cf  and  e,  size-indeperxlent  strains  at  which  the 
bridging  particle  relaxes  its  elastic  crack-opening  stresses  and 
disengages  from  the  matrix,  respectively.  Eqs.  (la)  and  (lb)  ate 
basic  microstructural  stress  relations  for  the  7-curve.  Observe 
thatp  and  q  depend  on  V,  (and  Or),  but  not  on  /. 

Analogous  microstructural  dependencies  of  X  and  A  can  be 
obtained  from  Eq.  (3),  Part  I,  but  less  directly,  requiting  tela- 
titxis  between  X  and  5,  A  and  4.  It  is  now  necessary  to  introduce 
appropriate  crack-opening  displacement  relations.  To  maintain 
an  equilibrium  state,  these  relations  must  be  solved  simultane¬ 
ously  and  self-consistently  with  the  A-field  condition  Ri^(c)  = 
T(c)  in  Eq.  (6)  of  Part  I,  using  Eq.  (8)  in  Part  I  to  evaluate  7(c) 
in  the  appropriate  crack-size  domains,  (jenerally,  such  crack¬ 
opening  displacement  relations  are  couched  in  a  nonlinear  inte¬ 
gral  equation  fotmalism.^~*  In  the  present  study,  in  die  interest 
of  maintaining  simplicity,  we  use  first-order  solutions  for 
strictly  uniform  stresses  over  the  entire  crack  plane,  i.e.,  ellip¬ 
tical  profiles, ‘  giving 

8  =  (2i|/7o/£')(2X)'«  (2a) 

%  =  (2t|»7o/£')(2A)'"  (X « A)  (2b) 
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with£'  =  £(1  —  v’),£  Young’s  modulus  and  V  Poisson’s  ratio, 
and  7^  die  matrix  (grain  bound^)  toughness,  again  regarding  X 
and  A  as  constants  for  a  given  microstnictuie. 

Of  course,  the  actual  internal  stress  distribution  over  the 
cnck  plane  in  Fig.  3,  Part  I,  is  highly  Jiominiform,  with  discon- 
tinuides  in  stress  and  stress  gradient  at  r  s:  X.  In  reality,  relative 
to  die  profile  solutions  of  Eq.  (2),  die  walls  will  bulge  open  in 
the  opening-stress  domain  c  -  X  £  r  £  c  immediately  behind 
die  t^  and,  conversely,  pinch  down  in  die  more  remote  closure- 
stress  domain  c-A-X£rSc-X.*  Under  such  condi¬ 
tions,  neither  X  nor  A  will  be  strictly  independent  of  p  and  q 
(hence  V,),  or  even  of  c  (until  one  satisfies  the  requirements  of 
the  “smali-zone’’  approximation  X  «  A  «  <^).  Here,  even 
though  the  displacernent  field  equations  ate  actually  integrable 
for  tte  stresses  shown  in  Rg.  3  of  Part  1,^^'*  we  choose  to  avoid 
such  complexities  in  order  to  bring  out  the  essential  microstruc- 
tural  dependence  of  the  r-curve  more  dearly. 

Inversion  of  Eq.  (2),  in  conjunction  widi  Eq.  (3)  of  Part  I, 
yields  relations 


(3a) 

j(.^E'/2bTa)^P  (X  «  A) 

(36) 

udiicb  any  influence  of  the  second  phase  <m£')  ate 

independent  of  V,  (and  also  a^)  and  c,  but  scde  with  L  Equa¬ 
tions  (3o)  and  (3b)  are  basic  microstnictuni  scaling  relations 
for  the  T-curve.  Note  that  A/X  =  =  constant,  indqien- 

dent  of  V,  (and  Cr)  and  /;  Le.,  A  arid  X  scale  similarly  widi  any 
change  in  the  particle  size. 

(2)  Damage  Accumulation  by  General  Microcracking 
In  our  coiKluding  remarks  to  Part  I  we  alluded  to  a  potential 
transition  in  flaw  subility,  depending  on  whether  the  extrapo¬ 
lated  intercept  of  the  “linear"  r-c'"  Unction  (Eq.  (9),  Part  I)  on 
the  T-aids  is  positive  or  negative.  Hie  critical,  zero-intorcept 
transition  condition  is  illustrated  in  the  schematic  of  Fig.  1, 
where  T(c)  is  plotted  as  the  solid  curve.  Let  us  consider  intrinsic 
flaws  that  are  free  of  spurious  residual  stresses  (i.e.,  x  =  0  in 
Eq.  (1 1),  Part  I),  and  that  have  evolved  fully  through  die  bridg¬ 
ing  field  from  inc^on.  Then  the  origin  of  the  K^fc)  function, 
^  iIktaC'"  in  Eq.(12),PaitLplotted  as  the  shaded  line 

inHg.  1,  coincides  with  that  of  the  linear  function.  Using 

tiiis  critical  transition  configuration  as  a  reference  state,  and 
supposing  the  material  to  contain  at  least  a  proportitMi  of  flaws 
ofini^sizec  c,  within  die  two  vertical  dashed  lines  in  Fig. 
I.  we  may  usdiilly  delineate  the  following  regions  of  stabiliQr; 


ng.1.  Schematic  diagram  showing  T-cutve  construction  at  limit  of 
bidk  mictocnck  activation.  Solid  curve  is  T{c)  at  criticai  condition 
given  by  Eq.  (6).  shaded  line  is  Any  flaw  of  initial  size 

wWtin  the  two  veitiad  dashed  lines  will  extend  subly  along  the 
T-cutve  to  fitilme  « the  extreme  right  dashed  line. 


(A)  Positive  Intercept,  No  Microcracking:  For  a  material 
with  positive  intercept,  such  as  our  reference  material  in  Fig.  6 
of  Part  I,  the  equilibrium  configuration  =  b^Ac}'^  =  T  cor¬ 
responds  to  a  slope  dKJilc'^)  >  dr/d(c‘").  Failure  then 
occurs  abruptly  and  unstably  Atom  a  single  critical  flaw  at  c  = 
c,.  Nevertheless,  the  material  shows  flaw  tolerance,  because  the 
toughness  Tat  failure  effeaively  increases  with  c,.  For  systems 
Just  at  the  transition  in  Fig.  1,  the  stren^  becomes  altogether 
independent  of  c,;  Le.,  the  equilibrium  is  neutral.  The  applied 
stress-strain  response  is  linear  in  this  region. 

(B)  Negative  Intercept,  Activated  Microcracking:  For  a  * 
mataial  with  negative  intercept  the  condition  =  T  at  c  =  c, 
corresponds  to  a  slope  AKJdlc''^)  <  dr/d(c'").  The  flaw  then 
undergoes  a  precursor  stage  of  stable  extension  with  increasing 
a*,  until  a  tangency  condition  dKJdlc''^)  =  dT/dfc"’)  is  met. ' 
The  strength  Of  for  breaks  from  natural  flaws  is  now  altogether 
independent  of  c,.  In  this  region,  even  thou^  failure  still  occurs 
from  a  single  critical  flaw,  other  flaws  may  nevertheless 
undergo  significant  prefailute  extensiort  This  can  result  in 
accumulation  of  microctack  damage  through  the  material  prior 
to  failure,  the  mote  so  as  the  n^ative  inteicqK  increases.  'The 
applied  stress-strain  response  of  the  material  now  becomes 
iKmlinear. 

(C)  Negative  Intercept,  Spontaneous  Microcracking:  With 
still  further  depression  of  the  n^ative  intercept,  sudi  that  the 
minimum  in  tile  T-ctirve  falls  Mow  tiie  c-axis,  the  system 
enters  a  severe-damage  domain  in  whidi  flaw  pop-in  can  occur 
in  the  absence  of  applied  stress,  increasing  the  density  of  ctable 
flaws  and  further  enhancing  the  stress-strain  nonlinearity. 

The  configuration  of  Fig.  I  delineating  the  transition  between 
states  (A)  a^  (B)  above  corresponds  to  a  critical  volume  frac- 
tiiMi  Vf  (or  residual  stress  oj)  at  fixed  /.  or  to  a  critical  particle 
size  I*  at  fixed  V,.  This  criticd  condition  may  be  formalized  by 
requiring  T  =  0  at  c  =  0  in  the  r(c)  function  of  Eq.  (9)  in  Part  1, 
yielding 

[(p  -I-  q)(2X)'«]*  =  To/b  W 

Invoking  Eqs.  (1)  and  (3)  above  allows  us  to  express  Eq.  (4)  in 
terms  of  microstructural  variables, 

[Pfd  -  V,)la^]*  =  4r|/(l  +  upeOuE'  (5) 

Hence,  damage  accumulation  may  be  promoted  by  increasing 
the  volume  fraction  (or  residual  internal  stress)  or  sMing  up  the 
particle  size. 

An  analogous  condition  for  spontaneous  microcracking  may 
be  obtained  by  requiring  the  minimum  in  the  r(c)  function  to 
intersect  the  c-axis.  Approximating  this  minimum  as  the  inter¬ 
section  point  of  the  T-c'^  functions  in  Eqs.  (8o)  and  (9)  in  Part 


I,  Le.,  r  =  0  at  c  2X,  we  have 

[q(2X)'"]»*  =  To/b 

(6) 

Again  invoking  Eqs.  (1)  and  (3),  we  obtain 

[V^l  -  V,)/<rR]«  =  4n/e^' 

(7) 

which  is  greater  than  [^,(1  -  V',)fo'it]*  in  Eq.  (S)  by  a  factor 
1  +  inte^fneglectinganyreductioninFfrornttemicrocrack- 
ing).  The  latter  factor  therefore  defines  a  “window”  of  activated 
damage. 

In  the  nonlinear  region  lower-bounded  by  Eq.  (5),  tiie  pros¬ 
pect  exists  for  coalescence  of  tiw  stable  microcfadts,  with  atten-. 
dant  strength  d^yadation.  Coalescenoe  is  a  “many-body" 
problein,  depending  on  die  diaracieristic  spKing  between 
neighboring,  interactive  microcnck  souroes  in  an  actively 
evttiving  population.  There  is  therefore  a  stochastic  element  in 
the  medianics  of  damage  accumulation.  Here  we  simply  note* 
that  if  the  source-source  spacing  is  less  tiian  tiie  fiilly  extended 
flaw  size  at  the  critical  tangency  condition,  the  strengtii  drop 
will  tend  to  be  immediate.  If  the  sources  are  more  distantly 
spaced,  die  dit^>-oif  will  be  more  gradual.  Any  remaining 
strengtii  after  coalescence  will  depend  on  the  variability  in  the 
spatial  distribution  of  the  sources. 
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IIL  Mferocracking  Limits  of  AliOyAljTiO,  Composites: 

Analysis  Using  Indentation-Strength  Data 

(1)  Experimental  Procedure 

We  now  investigate  the  predictions  of  the  T-curve  analysis 
using  indentation-strength  data  for  AljO^/Al^TiOj  composites 
of  different  volume  fraction  and  paiticle  size  of  the  Al^TiO, 
phase. 

Materials  were  prepared  as  described  in  Section  111(1)  of  Part 
I.  Batches  of  material  were  fabricated  with  volume  tactions 
V,  =  0.10, 0.20, 0.30,  and  0.40,  by  altering  the  starting  powder 
composition.  Specimens  from  each  batch  were  then  heat-treated 
over  a  range  of  aging  times*  to  ^w  the  AljTiO]  particles  from 
their  initial  size,  I  <2  |un,  over  a  range  of  sizes  up  to  a  maxi¬ 
mum  /  =  12  |un.  The  matrix  grains  were  observed  to  scale  sim¬ 
ilarly,  but  remained  widiin  a  range  of  negligible  influence  on 
the  T-curve.'® 

Strength  tests  were  carried  out  as  in  Part  I.  Disks  for  strength 
testing  were  polished,  then  indented  with  a  Vickers  diamond 
at  a  prescribe  load  P  =  S  N.  This  load  is  close  to  the  inter¬ 
section  point  of  data  sets  for  the  reference  composite  and  base 
alumitu  in  Hg.  S  of  Part  L  i-c-,  in  a  region  where  the  strength  is 
relatively  material-insensitive.  The  disks  were  then  broken  in 
biaxial  flexure  to  obtain  inert  strength  data.  Post-mortem  exam¬ 
inations  were  again  made  of  all  b^en  specimens  to  confirm 
failure  initiation  from  the  indentation  sites.  Means  and  standard 
deviations  in  strengths  were  evaluated  from  4-6  tests  at  each 
value  of  V,  and  /,  where  possible;  beyond  the  strength  falloff 
limits  (SeoL  111(2)),  the  success  rate  for  breaks  at  indentations 
diminished  rapidly,  and  the  data  were  most  often  restricted  to 
individual  brraks. 

Some  of  the  specimen  surfaces  were  examiiMd  for  evidence 
of  microcracking,  both  before  and  after  strength  testing. 

(2)  Influence  ofVolume  Fraction  and  Particle  Size  on 
MicrocracUng  Limits 

Figure  2  plots  the  indentation-strength  data  as  a  function  of 
particle  size,  <rM(/),  at  each  of  the  volume  tactions  V,  =  0.10. 
0.20, 030, 0.40.  We  see  that,  generally,  Om  falls  off  with  /.  ini¬ 
tially  slowly  and  thereafter,  beyond  a  cutoff,  precipitously. 
Inerting  V,  shifts  the  “cliff”  progressively  to  the  left  of  the 
plots. 

Surface  examitutions  of  the  specimens  showed  a  correlation 
between  position  on  the  strengA  plots  in  Fig.  2  and  the  inci¬ 
dence  of  microcracking.  At  the  top  of  the  cliff,  the  specimens 
gave  no  indication  of  multiple  flaw  extension.  In  this  region  the 
applied  load-displacement  curve  remained  essentially  linear. 
Over  Ok  edge  of  the  cliff,  sporadic  microcracking  could  be 
detected  in  the  broken  specimens  using  scanning  electron 
microscopy.  At  the  bottom  of  the  cliff,  microcracking  was  more 
prevalent,  and  the  applied  load-displacement  curve  showed 
nonlinearity* — in  this  domain  tte  material  may  be  considered  to 
be  “overag^.  An  example  of  spontaneous  microcracking  in  a 
heavily  ovenged  material  is  shown  in  Hg.  3.  Materials  sub¬ 
jected  to  even  more  overaging  were  so  heavily  microcracked 
that,  on  prolonged  exposure  (i.e.,  several  days)  to  moist  atmo- 
qpberes,  they  began  to  crumble,  widi  virtually  total  loss  of 
sirei^fh. 

The  solid  curves  at  Idt  in  eadi  plot  are  calculated  from  the 
theoretical  indentation-strength  analysis  (Sect  11(3),  Part  I)- 
For  these  calctilations,  we  use  the  previously  defined  indenta¬ 
tion  coeffteients  i|«  »=  0.77  and  x  ^  0.076,  and  alumiiu  matrix 
toughness  r«  «  2.75  MPa^m*"  (Ref.  11)  (Sect  m(2).  Part  I). 
We  also  use  Ok  microstructuial  parameters  p  «=  325  MPa,  (p  4- 
q)(2K)'^  *  331  MPa  m"*  and  A  =  180  pm  (Eq.  (17).  Part  I) 
defined  for  our  rderence  composite  (V,  =  0.20,  /  >=  4.0  pm); 
Eq.  (I)  is  then  invtfited  to  scale  the  brid^g  stresses  p  and  9  for 
eai^  new  V„  and  Eq.  (3)  to  scale  bridging  zone  dimensions  X 
and  A  for  e^  new /. 

Beyond  a  critical  particle  size  /*  at  each  V„  evaluated  by  set¬ 
ting  V^l  —  V,)l*  *  0.672  pm  in  accordance  with  Eq.  (5),  we 
approximate  the  strength  degradation  as  an  infinitely  abrupt 


falloff,  indicated  by  the  left-hand  venical  dashed  lines  in  the 
plots.  The  falloff  condition  for  the  reference  state  at  V,  =  0.20 
may  be  used  to  evaluate  the  parameters  X  and  q  (foreshadowed 
in  Eq.  (18),  Part  1),  as  follows.  Inserting  A  =  180  pm  at  /  =  4.0 
pm  (1^.  07c),  Part  I)  into  Eq.  (3b),  we  obtain  =  0.067. 
Inserting  into  Eq.  (5),  along  with  -q  =  4  and  p.  =  2.7  (Sect 
in(2).  Part  1),  plus  Or  =  7.7  GPa  (Eq.  (19a),  Part  f)  and  £'  = 
300  GPa'^  for  our  reference  material,  yields  £«  =  0.013.  Then 
from  Eq.  (3a)  (again  neglecting  any  variation  in  E'  with  Vf)  we 
have  k/P  =  0.44  pm",  which  enables  us  to  determiiK  X,  and 
thence  q  (Eq.  17b).  Part  I),  for  each  prescribed  I. 

With  this  parameter  calibration,  it  is  one  further  step  to  evalu¬ 
ate  the  limiting  particle  sizes  /**  for  spontaneous  microcracking 
limits  from  Eq.  (7).  These  limits  are  included  as  the  rigbr-hand 
vertical  dashed  lines  for  each  V,  in  Fig.  2. 

IV.  Implications  Concerning  Microstructural  Design  of 
Two-Phase  Ceramics 

(1)  Effect  of  Microstructural  Variables  on  Toughrtess 
Curves 

It  is  apparent  from  the  results  in  Sect  UI  of  Part  I  and  Sect  III 
above  that  incorporation  of  a  second  phase  is  an  effective  route 
to  the  control  of  toughness-curve  behavior  in  ceramic  compos¬ 
ites.  Using  a  reference  composition  to  calibrate  key  crack  bridg¬ 
ing  parameters  in  the  T-curve  relations,  oim  may  predict  the 
effects  of  microstructural  changes  on  die  strength  properties  of 
a  given  material  system.  Here,  we  illustrate  specific^y  with 
computed  T-curves  for  a  range  of  hypothetical  volume  tactions 
V,  and  particle  sizes  I  for  our  AljOj/AljTiOs  system.  However, 
die  generality  of  the  theoretical  analysis  extends  to  potential 
variations  in  the  internal  mismatch  stress  Or  (as  modified,  for 
instance,  by  incorporating  a  different  second  phase,  or  even 
changing  the  matrix). 

(A)  Volume  Fraction  (or  Residual  Stress):  Consider  first 
the  influence  of  volume  fraction  V,  (or  Or)  on  the  T-curve.  In 
Fig.  4  we  generate  T(c)  curves  (Eqs.  (6)  and  (8),  Part  I)  by  eval¬ 
uating  p  and  q  for  V,  =  0. 10, 0.20, 0.30,  and  0.40  in  accordance 
with  Eq.  (1)  above,  keeping  X  and  A  in  Eq.  (3)  constant  at  the 
values  determined  for  /  =  4.0  pm  (Eqs.  (i7c)  and  (18a),  Part 
I).  We  see  that  the  slope  and  upper  plateau  of  the  curves  are 
enhanced,  and  the  minimum  simultaneously  depressed,  with 
increasing  V,.  At  the  same  time,  the  range  of  crack  sizes  over 
which  T(c)  varies  remains  essentially  constant  A  conspicuous 
manifestation  of  this  fixed  range  is  Ae  crossover  of  all  curves 
through  a  conunon  intersection  point  at  c  =  c,  =  1 100  pjn, 
T  =  To  =  2.75  MPa-m'".  Note  that  on  substituting  T  =  To  into 
Eq.  (9)  of  Part  I  we  obtain  c,  =  2(1  +  q/ppk  =  2(1  + 
l/i1|jiCf)^X,  which  is  indeed  independent  of  V,. 

Now  suppose  a  proportion  of  the  natural  flaw  pt^iation 
to  have  initial  sizes  c  =  c,  to  the  ri^t  of  the  minimum  of 
any  given  curve  in  Fig.  4.  The  stability  of  such  flaws  under 
an  applied  stress  Or  is  then  determined  by  the  disposition  of 
Ar(c)  =  iItoac''’  relative  to  the  shaded  line  passing  through 
both  the  common  intersection  point  (c  —  c«,  T  =  Tg)  and  the 
origin  (cf.  Fig.  1).  This  “transition”  line  cmreqionds  to  a  critical 
volume  taction  V,  =  V?  =  0.21  (/  =  4.0  (un)  in  file  zero- 
intercept  linear  T-c'"  function  in  Eq.  (9)  of  Part  I.  In  keqiing 
wifi]  the  description  in  Sect  11(2).  we  distinguish  two  regions  of 
material  response: 

(i)  At  0  <  Vr  <  V^,  the  equilibrium  configuration 

=  T  is  unstable;  failure  occurs  frimt  a  single, 
critical  flaw.  Note,  however,  that  as  V,  s^iproaches  Vf  the 
strength  becomes  increasingly  insensitive  to  c,. 

(ii)  At  V?  <  V„  the  equilibrium  atK^  =  T,c  =  c,  is  stable, 
and  extension  proceeds  up  the  T-curve  wifii  increasing  stress 
until  the  tangency  condition  dAT^/dfc'")  =  dT/d(c'")  is  met  As 
V,  increases  further  beyemd  Vf  the  potential  increases  for  multi¬ 
ple  flaw  extension  and  coalescence,  with  consequent  strength 
degradation.* 
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Fig.  2.  Strength  as  function  of  panicle  size  /  for  AljOj/AKTiO,  coffipwite,  for  volume  fractions  (A)  V,  =  0.10,  (B)  V,  =  0.20,  (C)  V,  =  0.30, 
(D)  V,  •>  0,40,  at  fixed  indentation  load  /*  =  5  N.  Error  bars  on  datum  points  are  standard  deviations;  datum  points  without  error  bars  ate  individual 
tesuh^  Solid  curves  ate  generated  from  theoretical  analysis  in  Pan  I.  Vertical  dashed  curves  indicate  limiting  panicle  sizes  /*  and  /**  evaluated  from 
Eqs.  (3)  and  (7). 


(A)  (B) 


Fig.  3.  SEM  inicrognph  showing  bulk  microcracking  damage  in  Al,0,/AI,TiO,  composite,  V,  =  0.30,  /  =  5.0  pm  (cf.  Fig.  2(C)).  Micrograph  (B) 
is  enlargement  of  portion  of  (A). 
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Crack  Size,  c"*  (jim*®) 


Fig.  4.  Prediaed  T^cuives  for  Al^O^/AliTK),  composites,  for  speci¬ 
fied  votumefimciioiisV,  at  fixed  panicle  size/  -  4.0  fun.  Shaded  line  is 

iCA-fi<Matc  «=  e„T  =  r,. 


F^d.  Predicted  T-cutves  for  AI^Oj/AljTiO,  composites,  for  speci¬ 
fied  panicle  sizes  /  at  fixed  volume  fraction  V,  =  0.^.  Shaded  i^  is' 
A:*-fieldatc  =  c,.r=ro. 


Note  that  nooe  of  the  curves  for  the  /  =  4.0  pin  material  in 
Hg.  4  intecsea  die  c-axis,  ndr  is  there  much  scope  for  fuither 
increase  in  volume  fraction.  Thus,  whereas  activated  micro- 
cncidng  occurs  at  V,  >  0.21,  spontaneous  microcracking 
strictly  should  not  occur  in  the  material  at  this  particle  size. 
However,  as  indicated  in  Sect  01(2)  above,  some  premature 
flaw  pop-in  may  be  induced  at  the  higher  volume  fractions  by 
proloaged  exposure  to  moisture. 

The  flaw  tolerance  characteristics  implied  in  Fig.  4  are  more 
clearly  demonstrated  by  calculating  strength  as  a  function  of 
initial  flaw  size,  Oiifc,),  using  the  conventional  strength  formal¬ 
ism  for  natural  flaws  (i.e.,  ^s.  (13)  and  (14),  Pan  I,  at  x  =  0) 
widiin  the  domain  0<  V(<  Vf .  Figure  S  shows  the  results  of 
such  calculations  for  specified  values  of  V,  (/  =  4.0  pm).  (Con¬ 
sistent  with  the  T-curve  description,  enlarging  V,  enhaixxs  the 
“plateau”,  without  affecting  the  extreme  long-crack  or  shon- 
crack  strengths. 

(B)  Particle  Size:  Now  consider  the  effect  of  particle  size 
/  on  r(c).  In  Fig.  6  we  generate  T(c)  fiuictions  by  adjusting  \ 
and  A  for  /  >=  2, 4, 6,  and  8  |un  using  Eq.  (3)  above,  keeping  p 
and  q  constant  at  the  values  determined  for  V,  =  0.20  (^s. 
(17a)  and  (18h),  Pan  1).  Observe  that  the  slope  of  the  "linear” 
region  of  the  T-c"^  plot  is  now  invariant,  reflecting  the  indepen¬ 
dence  of  p  and  q  in  Eq.  (9)  of  Pan  I  on  /.  On  the  other  hand,  the 


upper  plateau  toughness  is  enhanced  by  increasing  the  particle 
size.  Most  significantly,  the  linear  region  of  the  curve  translates 
to  the  right  of  the  diagram  and  extends  over  a  greater  range  of 
crack  sizes,  as  /  (thus  X  and  A)  increases. 

Suppose  again  that  a  proportion  of  the  population  of  natural 
flaws  had  initial  size  c  =  c,  to  the  right  of  the  minimum  of  the 
pertinent  curve  in  Fig.  6.  The  flaw  stability  is  determined  by  the 
disposition  of  K^{c)  relative  to  the  shaded  line  at  a  critical  parti¬ 
cle  size  /  =  /•  =  4.2  pm  (V,  =  0.20).  Again,  we  distinguish 
two  regions  of  material  response  relative  to  this  transition  line: 

(i)  At  0  <  /  <  /*,  the  equilibrium  is  unstable,  and  failure 
occurs  from  a  single  flaw.  TIk  strength  becomes  increasingly 
insensitive  to  initial  flaw  size  c,  as  /  approaches  I*. 

(ii)  At  I*  <  I,  the  equiliteium  is  stable,  arid  the  flaws  extend 
at  increasing  stress  up  the  T-cutve  to  failure  at  the  tangency 
point  Several  flaw  sources  may  be  activated.  As  /  increases  fur¬ 
ther,  toward  and  beyond  I**,  tire  flaws  ultimately  coalesce,  and 
strength  is  degraded. 

Figure  7  shows  calculated  strength  as  a  function  of  natural 
flaw  size,  Opfe,),  for  specified  values  of  /  within  0  <  I  <  I* 
ly,  =  0.20).  Enlarging  I  depresses  the  strength  plateau,  but  this 
is  compensated  by  expansion  of  the  "plateau”  range,  with  atten¬ 
dant  enhancement  of  the  long-crack  strength.  A  similar  tradeoff 


Initial  Flaw  Size,  c,  (pm) 


Fig.  5.  ftedicted  strength  as  function  of  initial  size  of  natural  flaws  Fig.  7.  Predicted  strength  as  function  of  initial  size  of  natural  flaws 

for  AI/VAIjTK),  con^MSiies.  for  specified  volume  fractions  V,  at  fixed  for  Al,0,/Al,TiO,  composites,  for  specified  particle  sizes  /  at  fixed  vol- 

particlesize/ >«  4.0pffl.  ume  fraction  V,  -  0.20. 
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.s  evident  in  an  earlier  study  of  the  effect  of  grain  size  on 
strength  in  base  alumina.'** 

(2)  Microcrackxug  Limits  and  Design  Criteria 

In  noting  how  key  microstnictural  parameters  enhance  cer¬ 
tain  characteristics  of  the  T-curve,  let  us  recall  an  interesting 
dichotomy  foreshadowed  in  Sect.  11(1);  an  increased  volume 
fraction  V(  (or  residual  stress  <Xg)  enhances  the  slope,  but  not  the 
scale  (Fig.  4);  an  increased  particle  size  /  enhances  the  scale,  but 
not  the  slope  (Fig.  6).  We  also  recall  that  excessive  increases 
can  lead  to  bulk  microcracking  and  ultimate  strength  degrada¬ 
tion.  It  follows  that  control  of  these  vital  microstructural  param¬ 
eters  should  be  an  important  element  in  materials  design. 

In  this  context,  it  is  useful  to  consider  the  design  diagram  in 
Fig.  8,  plotted  as  V,(  1  —  V'r)aK  (governed  by  stresses  p  and  q)  vs 
/  (governed  by  dianensions  X  and  A).  Accordingly,  the  ordinate 
measures  die  slope  of  die  r-curve,  the  abscissa  the  scale.  The 
curves  represent  the  simple  inverse  relations  Eqs.  (5)  (inner 
curve)  and  7  (outer  curve).  This  diagram  may  be  usefully  con¬ 
sider^  in  relation  to  the  three  domains  of  material  behavior 
identified  in  Sect  11(2). 

(A)  No  Microcracking  (NM):  IMthin  the  subcritical 
dom^  Vf  <  V'f ,  I  <  I*  \n  Figs.  4  and  6,  failure  is  unstable  from 
a  single  flaw  at  c  ==  c,.  However,  tte  traditional  “Griffith” 
condition  o'F«Cr~''^  is  valid  only  for  materials  with  single- 
valued  toughness,  corre^xmding  to  the  fine-grain  matrix 
material  at  V,  =  0  in  Fig.  S  and  /  =  0  in  Fig.  7.  A  true  Griffith 
response  is  therefore  realized  only  at  the  origin  of  Fig.  8.  As  V, 
and  I  grow  larger,  the  material  becomes  more  flaw-tolerant,  in 
the  maimer  of  Figs.  S  and  7,  and  the  composite  material 
migrates  away  from  the  origin  along  an  appropriate  configura¬ 
tional  path  in  Fig.  8. 

(B)  Activated  Microcracking  (AM):  For  systems  just  at 
the  critical  condition  V,  =  V? ,  /  =  /*  on  the  inner  curve  in  Rg. 
8,  the  equilibrium  is  neutral  and  the  critical  flaw  undergoes  pre¬ 
cursor  extension  along  the  linear  portion  of  the  T-c''*  curve,  to 
ultimate  failure  at  c  =  A  +  X  (cf.  Fig.  1 ).  Now  Of  is  altogether 
independent  of  c,.  As  one  progresses  further  beyond  the  inner 
curve  and  toward  the  second  curve  the  equiliMum  becomes 
stable,  promoting  the  incidence  of  multiple  flaw  extensions. 
SueAgth  tTf  remains  independent  of  c,  but  is  compromised  by 
any  coalescence.  This  is  the  domain  of  stress-induced  damage 
accumulatioa 

(C)  Spontaneous  Microcracking  (SM):  At  V,  >  V?*.  /  > 
/**,  small  flaw  sources  may  pop-in  spontaneously  from  the  left 
unstable  branch  to  the  right  stable  branch  of  the  T-curve  (e.g.,  at 
/  -  8  pm  for  the  Vf  =  0.2  material  in  Fig.  6).  Damage  is  there¬ 
fore  accumulated  even  in  the  absence  of  an  external  stress. 


Scale  Parameter,  / 


Fig.  S.  “Detign  diagram."  Curves  are  lod  of  Eqs.  (S)  and  (7),  deline- 
atmg  icgkMs  M  no  miaaaacka^  (N.M.),  aaivated  microcracking 
(AJ^X  and  tponmntout  aaicrociacking  (S>t.).  Horizontal  shaded  line 
is  OMManl  volume  fmctiaii  and  residual  stress  line;  vertical  shaded  line 
is  coaaOM  parade  siae  line. 


Again,  in  the  presence  of  moisture,  this  state  may  develop  pre¬ 
maturely  (Sect.  111(2)). 

To  illustrate  the  design  utility  of  Fig.  8,  let  us  consider  varia¬ 
tions  in  microstructural  states  along  the  two  shaded  lines.  These 
two  shaded  lines  correspond  to  the  two  principal  microstruc¬ 
tural  modifications  considered  in  this  study;  along  the  vertical 
line,  to  volume  fraction  V,  (or  residual  stress  Cr),  as  envisaged 
in  Rg.  4;  along  the  horizontal  line,  to  particle  size  I,  as  envis¬ 
aged  in  Fig.  6.  In  both  cases,  translation  along  the  line  away 
from  the  axes  corresponds  to  increased  flaw  tolerance,  limited 
first  by  activated  then  spontaneous  microcracking  damage  as 
one  intersects  the  two  curves.  There  is  a  tradeoff  here;  increas¬ 
ing  V,  (or  Cr)  progressively  restricts  the  range  of  I  over  which 
flaw  tolerance  may  be  achieved,  and  vice  versa. 

This  latter  tradeoff  is  impijcit  in  the  strength  vs  flaw-size 
plots  for  our  AljOj/AljTiO,  composites  in  Figs.  S  and  7.  There, 
we  have  achieved  a  degree  of  flaw  tolerance  by  increasing  V, 
and  /,  but  the  relatively  high  value  of  Or  for  this  material 
restricts  the  range  of  flaw  sizes  axis  over  which  the  “plateau” 
strength  can  be  sustained  without  microcracking. 

V.  Discussion 

The  simplistic  model  presented  in  Parts  1  and  11  of  this  study 
provides  us  with  a  physical  basis  for  predicting  the  influence  of 
important  microstructural  variables,  notably  volume  fraction  V„ 
particle  size  /,  and  thermal  expansion  mismatch  stress  on 
toughness-curve  and  strength  properties  of  two-phase  ceramics 
that  exhibit  grain-sliding  bridging.  Especially  insightful  is  the 
distinction  made  between  the  influences  of  V,  (and  Or)  on  the 
slope  characteristics  (Rg.  4)  and  I  on  the  scale  chars^ristics 
(Figs.  6  and  7)  of  the  T-curve.  This  dichotomy  may  be  usefully 
applied  in  the  microstructural  tailoring  of  optimal  flaw-tolerant 
ceramics  for  specific  structural  applications,  accordingly  to 
whether  the  principal  requirement  is  for  preservation  of  plateau 
strength  level  (increased  V',,  Fig.  5)  or  enhancement  of  plateau 
range  (increased  /,  Fig.  7). 

The  analysis  also  imposes  limits  on  the  potential  benefits  of 
compositional  tailoring  by  the  onset  of  bulk  mictDciacking. 
These  limits  arise  naturally  in  the  model  from  the  central  role  of 
internal  residual  mismatch  stresses  in  the  bridging  micromecha¬ 
nics.  They  are  most  usefully  demonstrated  in  the  design  dia¬ 
gram  construction  of  Fig.  8.  In  that  diagram,  the  neutral 
equilibrium  state  defined  by  the  inner  curve  represents  a  locus 
of  optimum  flaw  tolerance.  Beyond  that  limit,  flaw  tolerance  is 
retained  and  damage  can  accumulate;  but  strength  may  be  lost, 
from  activation  and  ultimate  coalesceiKe  of  multiple  micro- 
crack  sources.  Beyond  the  outer  curve  in  Rg.  8,  bulk  micro- 
cracking  occurs  spontaneously,  and  loss  of  structural  integrity 
may  be  severe.  This  takes  us  into  the  province  of  refractories, 
whm  the  characteristics  of  individual  microcracks  (as  intro¬ 
duced  for  example  in  thermal  shock)  become  subsidiary  to 
those  of  the  integrated,  interactive  population.  There,  the  sto¬ 
chastics  of  microcrack  sources  and  mechanisms  of  coalescence 
are  governing  factors.”  '*  In  these  microcracking  domains,  the 
tendency  to  enhanced  local  microcracking  can  be  highly  delete¬ 
rious  to  microftacture-induced  wear  resistance.” 

The  quantitative  capacity  of  our  fracture  mechanics  model  as 
a  predictive  tool  is  limited  by  approximations  in  the  starting 
■quations.  We  have  mentioned  that  the  elliptical-cradc  profile 
relations  in  Eq.  (3)  are  not  self-consistent  w^  the  A-field  solu¬ 
tions  of  Sect  in(l)  in  Part  L  A  self-consistent  stflution  to  the 
nonlinear  displacement-field  integral  equations’  could  indeed 
be  obtained  by  direct  integratkm  over  the  constant  br  dging 
stress  domains  of  Fig.  3  in  ^  I,  but  at  the  sacrifice  of  physical 
insight  Such  a  solution  will  inevitably  lead  to  relations  for  X 
and  A  that  depend  on  V',  as  well  as  on  /.  Under  such  conditions 
slope  and  scale  characteristics  of  the  T-curve  nuy  no  longer  be 
varied  independently  via  respective  adjustments  to  volume 
fraction  and  particle  size  (as  implied,  for  instance,  in  Figs.  4 
and  6). 
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Fig.  9.  Indeotatian-stieiigth  data  for  Al,0,/Al}*n0,  composite,  for 
volume  fraction  ^  =  0.20  but  with  exaggerued  matrix  AljO]  grain  size 
and  aggkxneraiied  disiiibutiotts  of  Al^TiO,  paiticles.  Data  from  Refs.  6 
and  16.  Solid  curve  is  empirical  fit  to  data.  Compare  shaded  curve  fm 
base  fine-grain  alumina,  and  dashed  curve  for  homogeneous  material  at 
saineV((fn)mRg.6,RtrtI). . 


Fuithemiore,  the  anxoximation  of  constant  stress  domains  in 
the  constitutive  stress-rseparation  function  s(u)  (Fig.  2.  Fait  I)  is 
clearly  oversiinplistic;  in  real  ceramics,  s(u)  is  tail-dominated.'* 
The  attendant  discontinuities  in  s(r)  at  r  =  c  —  X  and  c  — 
(A  -I-  X)  (Fig.  3,  Part  I)  could  even  lead  to  unphysical,  non¬ 
unique  cnck  profile  solutions.*-’-'^  Mote  detailed  analyses  will 
inevitably  cause  changes  in  the  shapes  of  the  7-curves  (Figs.  4 
and  6)  and  the  stien^  plateaus  (Figs.  5  and  7).  In  geni^, 
dierefore,  we  must  expect  the  crucial  rising  portion  of  the 
toughness  function  to  be  considerably  more  complex  than  the 
“liriear”  T-c''*  representation  of  Eq.  (9)  in  Part  1.  In  this  context 
our  calibrations  of  the  principal  microstructural  parameters, 
stresses  p  and  q  and  dim^ions  A  and  X,  ate  subject  to  consid¬ 
erable  uncertainty.  One  must  exercise  due  care  when  using  such 
calibrations  as  a  basis  for  mechanical  design,  especially  when 
extrapolating  into  the  short-crack  and  long-crack  regions 
beyond  tiie  data  range.  On  the  otiier  hand,  these  parameters 
remain  useful  guides  to  the  strength  of  the  underlying  bridging 
processes  responsible  for  the  toughening  behavior. 

The  present  study  is  also  subjected  to  material-specific 
restrictions,  fiom  the  imposition  of  bulk  microctacking  limits  at 
relatively  small  particle  sizes.  These  restrictions  are  attributable 
to  die  luge  teddual  mismatdi  stresses  in  our  AljOj/AljllOs 
composites.  Consequently,  the  currem  examination  of  flaw  tol¬ 
erance  effects  have  been  confined  to  a  small  range  of  particle 
sizes  (Fig.  2).  A  more  comprehensive  study  calls  for  material 
system  with  greater  flexibility  in  the  oqncity  to  vary  die  micro- 
stnictuial  vadaUes.  Such  a  system  mi^  include  contributions 
to  die  7-curve  from  die  matrix  itself.  In  the  present  case  of  an 
alumina  matrix,  the  contributions  may  become  significant  for 


grain  sizes  above  •>=  10  (im.'®  It  has  in  fact  been  demonstrated 
elsewhere  that  deliberate  incorporation  of  coarse  matrix  grains 
into  AljOj/AljTiOj  composites  can  produce  further  (multiplica¬ 
tive)  eiihancements  of  the  7-curve.‘*  Inhomogeneous  distribu¬ 
tions  of  the  second  phase,  e.g.,  by  agglomeration  of  the 
aluminum  titanate  particles,  can  also  enhance  the  toughness  and 
flaw-tolerance  properties.  TTiis  latter  is  seen  in  Fig.  9.’”  Such 
spatial  variability  in  microstructural  characteristics  might  prove 
to  be  of  even  greater  importance  than  variability  in  flaw  size  in 
accounting  for  observed  scatter  in  strength  data  in  flaw-tolerant 
ceramics,  and  thus  become  a  critical  issue  in  the  processing  of 
ceramic  components  for  increased  reliability.’ 
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Abstract 

A  simple  Hertzian  contact  procedure  for  investigating  cyclic  fatigue  damage  in 
brittle  polycrystalline  ceramics  is  described.  Repeat  loading  of  a  spherical  indenter 
on  a  coarse  alumina  ceramic  produces  cumulative  mechanical  damage.  The  mode  of 
damage  is  one  of  ddbrmation-induced  intergranular  microfracture,  leading  ulti¬ 
mately  at  large  numbers  of  cycles  and  high  contact  pressures  to  severe  grain 
disIodgemenL  In  contrast  to  the  classical  Hertzian  cone  cracks  that  form  in  more 
homogeneous  materials  in  the  re^ons  of  tensile  stress  outside  the  contact  circle,  the 
damage  in  the  coarse-grain  alumina  develops  in  a  zone  of  high  shear  stress  and 
hydrostatic  compression  beneath  the  contact  circle.  The  fatigue  damage  is  evident  in 
inert  environments,  confirming  the  mechanical  nature  of  the  process,  although 
exposure  to  moisture  accelerates  the  effect.  The  relatively  modest  degradation  in 
failure  stress  with  number  of  repeat  contacts  for  indented  flexure  specimens  suggests 
that  conventional  strength  and  toughness  testing  procedures  may  not  always 
provide  sensitive  indications  of  the  extent  of  damage  that  can  be  incurred  in 
concentrated  loading 


§1.  Introduction 

Strength  and  toughness  properties  in  monotonic  loading  have  been  extensively 
investigated  in  ceramics.  Special  interest  has  recently  been  shown  in  polycrystalline 
materials  with  enhanced  toughening  from  crack  bridging,  including  various  types  of 
monophase  and  multi-phase  composites  (Knehans  and  Steinbrech  1983,  Swanson, 
Fairbanks,  Lawn,  Mai  and  Hockey  1987,  Bennison  and  Lawn  1989a,  b,  Chantikul, 
Bennison  and  Lawn  1990,  Bennison,  Rddel,  Lathabai,  Chantikul  and  Lawn  1991, 
Padture  et  al.  1991,  Braun,  Bennison  and  Lawn  1992a,  b).  Bridging  leads  to  toughness- 
curve  (T-curve,  or  R-curvc)  behaviour,  with  desirable  long-crack  flaw  tolerance.  It  is 
enhanced  by  internal  stresses,  e.g.  from  thermal  expansion  anisotropy  (TEA)  mismatch, 
and  is  more  pronounced  in  coarser  grain  microstructures. 

However,  the  same  internal  stresses  responsible  for  enhanced  bridging  in  the  long- 
crack  domain  can  lead  to  deleterious  short-crack  properties,  because  of  premature 
grain  boundary  craci  ingat  tensile  facets.  Wear  studies  afford  an  illustrative  precedent 


t  Guest  Scientist  from  Departamento  de  Fisica,  Universidad  de  Extremadura,  06071- 
Badajoz,  Spain. 

^  Guest  Scientist  from  Department  of  Materials  Science  and  Engineering  Lehigh  University, 
Bethlehem,  Pennsylvania  1801S,  USA. 

0141-4610/93  SIOOO  O  >993  Taylor  A  Francis  Ud 


82 


1004 


F.  Guiberteau  et  al 


In  alumina,  increasing  the  grain  size  increases  the  long-crack  toughness  (Chantikul 
et  al.  1990),  but  reduces  the  resistance  to  microfracture-assisted  wear  from  multi-pass 
sliding  contacts  (Cho,  Hockey,  Lawn  and  Bennison  1989,  Cho,  Moon,  Hockey  and  Hsu 
1992).  The  mechanism  of  material  degradation  is  an  abrupt  rise  in  grain  boundary 
microfiacture  after  an  incubation  wear  period,  from  the  steady  augmentation  of 
internal  stresses  by  deformation-accumulation  stresses  (Ajayi  and  Ludema  1988,  Cho 
et  al.  1989).  It  is  not  just  fracture  mechanics,  but  also  precursor  damage  mechanics,  that 
govern  ‘failure’  events. 

These  remarks  are  particularly  relevant  to  the  potential  response  of  tough  ceramics 
in  repeated  loading  i.e.  cyclic  fatigue  (Ritchie  1988,  Suresh  1991).  Traditional  cyclic 
fatigue  tests  are  conducted  on  specimens  with  long  cracks.  Such  tests  are  expensive, 
difficult,  and  labour  intensive.  They  require  testing  machines  with  demanding  load 
control  over  extended  periods.  An  even  more  compelling  criticism  is  that  it  is  not 
generally  valid  to  extrapolate  long-crack  results  back  to  the  short-crack  region,  where 
strength  is  determined,  since  for  a  given  material  the  extreme-region  toughness  values 
are  often  inversely  related — i.e.  the  toughness  curves  for  different  grain  sizes  tend  to 
cross  each  other  (Chantikul  et  al.  1990).  This  last  point  is  especially  pertinent  in  view  of 
the  fact  that  many  ceramic  components  in  service  experience  concentrated  contact 
stresses  (Lawn  and  Wilshaw  1 975)  at  the  microstructural  level,  rather  than  macroscopi- 
cally  distributed  stresses  of  the  type  simulated  in  conventional  crack  propagation  and 
strength  tests.  Questions  then  arise  as  to  the  mechanics  of ‘failure’  in  such  concentrated 
loading  conditions,  and  their  relevance  to  fatigue  properties. 

In  this  study  we  propose  a  simple  new  procedure  for  studying  the  fatigue  properties 
of  brittle  polycrystalline  ceramics.  We  use  an  indenter  to  apply  a  concentrated  load  on 
flat  alumina  surfaces,  and  examine  the  ensuing  damage  patterns  as  a  function  of 
number  of  cycles.  Some  contact  damage  studies  on  polycrystalline  ceramics  have 
previously  b«n  made  with  ‘sharp’  fixed-profile  indenters  (Lawn  and  Wilshaw  1975) 
(e.g.  Vickers  or  Knoop  pyramids,  or  Rockwell  cones)  where  the  contact  pressure  (i.e.  the 
‘hardness’)  is  effectively  independent  of  load  (Sperisen,  Carry  and  Mocellin  1986, 
Makino,  Kamiya  and  Wada  1988, 1991,  Howes  1990,  Reece  and  Guiu  1991).  However, 
although  sharp  indenters  usefully  reveal  the  microstructural  nature  of  the  damage 
process,  they  produce  virtually  ‘saturated’  deformation  at  first  contact,  and  are 
therefore  not  ideally  suited  for  examining  damage  evolution.  Where  they  have  been  used 
in  repeated  loading  (Howes  1990,  Reece  and  Guiu  1991),  such  indentation  experiments 
revejj  only  slight  fatigue  tendencies. 

Accordingly,  in  the  present  study  we  use  the  spherical  indenter  configuration  of  fig. 
1,  where  the  contact  pressure  increases  monotonically  with  load  from  zero  at  first 
contact  In  its  initial  stages  of  loading  the  stress  field  is  purely  elastic,  i.e.  the  classical 
Hertaan  stress  field  (Hertz  1896,  Johnson  1985);  the  indentation  is  said  to  be  blunt 
(Lawn  and  Wilshaw  1975).  Beyond  a  critical  load  the  material  undergoes  irreversible 
deformation  and/or  fracture.  In  well-behaved,  highly  brittle  materials  like  silicate 
glasses,  single  crystals,  and  ultra-fine-grain  polycrystals  a  well-defined  cone-shaped 
crack,  the  Hertzian  fracture,  runs  around  the  contact  circle  and  spreads  downward  and 
outward  into  the  materiaL  This  kind  of  fracture  has  received  extensive  attention  in  the 
literature  (Frank  and  Lawn  1967,  Lawn  1968,  Langitan  and  Lawn  1969,  Lawn  and 
Wilshaw  1975,  Lawn  and  Marshall  1978).  In  softer,  less  brittle  materials  like  most 
metals  (Tabor  1951)  and  lithium  fluoride  monocrystals  (Swain  and  Lawn  1969)  the 
material  deforms  plastically  beyond  the  elastic  limit;  cracks,  when  they  do  ultimately 
develop,  take  on  more  of  tire  form  of  the  radied  and  lateral  geometries  characteristic  of 
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Fig.  1 


Schematic  diagram  of  indentation  with  hard  elastic  sphere  of  radius  r,  load  P,  on  flat  brittle 
surface.  Loads  are  made  in  single  (static  test)  or  multiple  (fatigue  test)  cycles. 


sharp  indenters  (Lawn  and  Swain  1975,  Lawn  and  Wilshaw  1975).  This  latter  kind  of 
deformation-initiated  fracture  can  also  be  generated  in  more  brittle  materials  by  using 
indenters  of  smaller  radius  (Swain  and  Hagan  1976) — there  is  a  ‘size  effect’  in  the 
contact  process,  in  which  the  pattern  undergoes  a  transition  from  ‘blunt’  to  ‘sharp’  as 
the  sphere  radius  is  diminished  (Lawn  and  Wilshaw  1975,  Lawn  1993). 

We  shall  see  that  in  the  tougher,  coarser  polycrystalline  bridging  ceramics  of 
interest  to  us  here  the  fracture  pattern  is  more  complex  than  those  discussed  above, 
involving  deformation  and  fracture  at  the  microstructural  level.  We  shall  also 
demonstrate  that  the  spherical-indenter  test  provides  a  useful  and  uncommonly 
sensitive  tool  for  investigating  such  damage. 

§2.  Experimental  method 

The  material  chosen  for  the  main  focus  of  the  present  study  was  a  high-purity 
commercial  alumina  with  grain  size  23  pm.t  This  is  sufficiently  coarse  that  the  material 
has  a  significant  toughness-curve  (Bennison  and  Lawn  1989b,  Chantikul  et  aL  1990, 
Braun,  Bennison  and  Lawn  1992a).  The  material  is  similar  to  that  used  in  an  earlier 
fatigue  study  (Lathabai,  Mai  and  l^wn  1989).  In  that  earlier  study  the  specimens  were 
in  the  form  of  discs,  each  containing  a  well-developed  Vickers  indentation  crack. 
Biaxial  flexure  tests  revealed  no  measurable  strength  degradation  from  cyclic  loading 
to  >  10*  cycles.^ 

A  fine-grain  alumina  (grain  size  2-5  pm)  with  conventional  Hertzian  fracture 
properties  (§3.1.)  was  used  as  a  control  material  with  an  effectively  single-valued 
toughness  (Braun  et  al.  1992a). 

The  alumina  specimens  were  obtained  as  discs  30nm  diameter  and  4nm  thidc. 
Their  surfaces  were  polished  to  a  final  finish  with  1  pm  diamond  grit.  Indentations  were 


t  Vistal  grade  AI2O3,  Coors  Ceramics  Co.,  Golden  CO,  USA. 

^  Later  tests  in  a  similar  alumina  of  grain  sizes  35  pm  did  reveal  a  measurable  degradation, 
<20%,  over  >  10^  cycles  (Lathabai,  Rodel  and  Lawn  1991). 


84 


1006 


F.  Guiberteau  et  al. 


made  with  tungsten  carbide  spheres,  radii  r=  1-98, 3-18, 4-76, 7-94  and  12-70  mm.  Loads 
in  the  range  P=0  to  3500  N  were  delivered  using  crosshead  testing  machinest  at 
constant  displacement  rates.  The  practical  loads  achievable  at  smaller  radii  were 
ultimately  limited  by  permanent  deformation  of  the  WC  spheres  themselves  (see  §  22). 
Cycling  between  zero  and  specified  maximum  loads  was  conducted  at  frequencies  of 
1  Hz  Cfast  cycle’)  and  0002  Hz  (‘slow  cycle’).  A  few  control  static  tests  were  run  over  a 
prolonged  hold  time  at  maximum  load.  The  indentation  test  environment  was  either 
nitrogen  gas  (relative  humidity  <1-5%),  laboratory  ambient  (humidity  40-50%),  or 
water.  Some  specimens  were  coated  with  gold  prior  to  indentation  so  that  the  contact 
radius  might  be  determined  as  a  function  of  applied  load  from  the  residual  surface  trace, 
and  the  contact  pressure  thereby  determined  (§3.2.). 

Reflection  optical  microscopy  was  use  to  examine  the  indented  surfaces.  The 
presence  of  surface  damage  was  detected  by  coating  the  surfaces  with  gold  after 
indentation  and  viewing  in  Nomarski  interference  contrast  Subsurface  damage  in  the 
translucent  coarse  alumina  was  most  readily  observable  in  dark-field  illumination. 
Some  specimens  were  sectioned  through  the  indentations  to  examine  the  extent  of  the 
subsurface  damage,  by  cutting  adjacent  to  the  indentation  sites  and  grinding  and 
polishing  down  to  the  contact  diameter. 

Flexure  tests  were  carried  out  on  a  batch  of  indented  discs  to  determine  the  eflect  of 
cyclic  degradation  on  strength.  In  these  tests  each  disc  contained  a  single  cyclic 
Hertzian  indentation  at  its  centre.  The  discs  were  broken  in  biaxial  flexure,  using  a  flat 
circular  punch  of  diameter  6  mm  on  a  three-point  support  of  diameter  22  mm.  Prior  to 
flexure  the  indentations  were  covered  with  a  drop  of  silicone  oil,  and  the  specimens 
broken  within  a  load  time  <  10  ms,  to  determine  ‘inert  strengths’. 

§3.  Results 

3.1.  Damage  of  indented  alumina  surfaces 

The  evolution  of  cyclic  indentation  damage  in  the  coarse  grain  alumina  specimens 
for  indentations  in  nitrogen  gas  is  apparent  in  the  sequence  of  fig.  1  The  sequence 
represents  an  increasing  number  of  cycles,  n  =  1, 10, 100, 1000  and  10  000,  at  frequency 
1  Hz,  sphere  radius  r=  3-18  mm  and  maximum  load  P=1000N.  These  indentation 
conditions  correspond  to  the  first  detectable  onset  of  single-cycle  damage.  A 
progressive  accumulation  of  damage  with  number  of  cycles  is  evident  in  the  sequence. 
Since  dry  nitrogen  is  an  effectively  inert  environment,  one  may  assert  that  the 
cumulative  damage  process  is  driven  essentially  by  mechanical  forces,  as  distinct  from 
chemical  forces.  Nevertheless  fig.  3,  which  shows  micrographs  taken  under  the  same 
indentation  conditions  as  in  fig.  2(e)  (i.e.  n=  10000  cycles)  but  in  air  and  water, 
indicates  that  the  role  of  chemistry,  while  not  primary,  is  not  benign  in  the  final  damage 
evolution. 

Closer  inspection  of  the  micrographs  in  figs.  2  and  3  provides  some  insight  into  the 
nature  of  the  damage.  At  some  of  the  indentations,  segmented  circular  crack  traces  are 
apparent  in  the  outer  regions  of  the  damage  pattern,  indicative  of  the  formation  of 
‘partial’  cone  fractures  outside  an  expanding  contact  circle  (final  diameter  indicated  by 
marker  in  figs.)  (Lawn  and  Wilshaw  1975).  The  incidence  of  these  fractures  does  not 
increase  markedly  with  the  number  of  cycles.  On  the  other  hand  the  damage  within  the 
inner  contact  area,  manifested  macroscopically  as  an  ever-deepening  residual  contact 


t  Instron  Universal  Screw-Driven  Testing  Machine  1122  (slow-r^cle  tests)  and  Digital  Servo- 
Hydraulic  Testing  Machine  8302  (fast-cycle  tests),  Instron  Corp.,  Canton,  MA,  USA 


85 


Indentation  fatigue 


1007 


Fig.  2 


Micrographs  of  surface  damage  in  coarse  alumina  (grain  size  23  pm)  from  indentation  by  WC 
sphere,  radius  r =3-18  mm,  at  load  P= 1000  N,  in  dry  nitrogen  gas.  Number  of  cydes  n, 
(u)  1,  (b)  10,  (c)  100,  (d)  1000,  (e)  10000,  frequency  1  Hz.  Surfaces  gold  coated  after 
indentation,  viewed  in  Nomaiski  interference  illumination.  Marker  denotes  contact 
diameter,  2n=4S4pm. 
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Fig.  3 


Micrographs  of  surface  danuge  in  coarse  alumina  from  indentation  by  WC  sphere,  radius 
r = 3- 1 8  mm,  load  P=  1000  N,  n  =  10000  cycles,  frequency  1  Hz.  Tests  in  (n)  air,  (b)  water. 
Surfaces  gold  coated  after  indentation,  viewed  in  Nomarski  interference  illumination. 
Note  enhancement  of  damage  relative  to  nitrogen  test  in  fig.  2(e).  Marker  denotes 
contact  diameter,  2n=454pm. 


impression,  does  increase  with  number  of  cycles.  This  enhanced  damage  is  character¬ 
ized  by  intergrain  boundary  microcracking,  and  associated  iniragrain  deformation  in 
the  form  of  twin  or  slip  bands.  Hence  it  would  appear  that  the  fatigue  process  involves 
deformation-induced  crack  initiation  at  the  microstnictural  level,  rather  than  enhan¬ 
ced  propagation  of  well-developed  Hertzian  cracks. 

As  we  shall  see  in  the  following  subsection,  an  increase  in  indentation  pressure  may 
be  rendered  by  increasing  the  contact  load  or  reducing  the  sphere  radius.  Figrue  4 
shows  indentations  made  at  a  higher  maximum  load  F=2000N  and  smaller  sphere 
radius  r=  1-98  mm,  for  r  ^  1  (fig.  4(u))  and  10  (fig.  4(c)),  at  frequency  0<X)2  Hz,  in  water. 
For  comparison,  the  figure  includes  an  indentation  held  at  maximum  load  for  an 
extended  duration  equal  to  the  total  time  taken  by  ten  normal  cycles  (fig.  46)).  We 
observe  a  conspicuous  enhancement  in  surface  damage  after  the  cy^c  loading,  but  not 
after  the  static  loading.  This  sequence  reaffirms  the  existence  of  a  true  mechanical 
fatigue  effect — the  results  cannot  be  simply  interpreted  as  the  integration  over  time- 
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Fig.  4 


Micrographs  of  surface  damage  in  coarse  alumina,  WC  sphere  radius  rs  1-98  mm,  load 
P = 2000  N,  in  water  (a)  1  cycle  at  0002  Hz;  (h)  static  test  at  same  peak  load  with  hold 
time  equal  to  total  duration  of  test  (c);  (c)  10  cycles  at  0002  Hz.  Surfaces  gold  coated  after 
indentation,  viewed  in  Nomarski  interference  illumination.  Marker  denotes  contact 
diameter,  2a  —  SOO  pm. 

dependent  slow  crack  growth,  because  the  prolonged  hold  time  at  maximum  load  does 
not  significantly  enhance  the  damage  relative  to  the  cyclic  test 

The  cause  of  the  residual  impression  is  evident  in  the  dark  field  micrographs  of  fig.  S 
(upper  views),  of  indentations  in  air  at  n=  1, 100, 10000  cycles.  The  micrographs  show 
enhanced  specular  scattering  from  below  the  contact  area,  indicating  the  presence  of  a 
pervasive  subsurface  microcracking  crush  zone.  Section  views  through  such  indent¬ 
ations  (lower  views)  indicate  that  the  microcrack  zones  initiate  beneath  the  actual 
contact  surface  and,  with  increasing  load,  extend  upward  to  the  surface  and  downward 
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Fig.  5 


(«)  (b)  (c) 


Damage  in  coarse  alumina,  WC  sphere  radius  r=3-18mni,  load  P=  1000 N:  (a)  1,  (b)  100,  (c) 
10  000  cycles,  frequency  1  Hz,  in  air.  Upper  micrographs  surface  views,  lower  micro¬ 
graphs  section  views,  in  dark  field  illumination.  Marker  denotes  contact  diameter,  2<> 
=4S4pm.  , 


to  a  depth  of  order  one  contact  diameter.  Similar  subsurface  damage  zones  have  been 
observed  in  silicon  nitride  ceramics  (Makino  et  al.  1991). 

An  indentation  damage  pattern  in  the  fine-grain  control  alumina,  for  n=  10000 
cycles  at  1  Hz,  r= 3-18  mm  and  F=  1000  N,  in  air,  is  shown  in  fig.  6.  Relative  to  its 
coarse-grain  counterpart  in  fig.  3  (a),  the  damage  is  slight.  The  incidence  of  any  damage 
at  all  becomes  apparent  only  after  several  thousand  cycles;  and,  when  it  does  occur, 
assumes  the  classical  Hertzian  cone  geometry.  There  is  no  detectable  microcracking 
within  the  contact  area  up  to  the  10000  cycle  limit  in  our  experiments.  There  is 
therefore  a  clear  implication  of  a  microstructure  size  effect  in  the  damage  process 
responsible  for  the  fatigue  behaviour. 

3.2.  Indentation  stress-strain  curve 

Consider  again  the  sphere,  radius  r,  load  P,  on  a  flat  specimen  surface,  in  the 
schematic  diagram  of  fig.  1.  We  can  define  useful  scaling  quantities  for  the  contact  field, 
regardless  of  whether  the  deformation  is  elastic  or  inelastic  (Tabor  1951,  Swain  and 
Lawn  1969).  The  magnitude  of  the  stress  field  scales  with  the  mean  indentation 
pressure, 

Po=Plna\  (1) 

Likewise,  from  geometrical  similarity,  the  magnitude  of  the  strain  field  scales  with  a/r. 
Hence  we  may  determine  a  characteristic  indentation  stress-strain  curve  PtJia/r)  for  a 
given  material,  independent  of  sphere  size.  Such  curves  have  been  previously 
determined  for  lithium  fluoride  single  crystals  (Swain  and  Lawn  1969)  and  silicate 
glasses  (Swain  and  Hagan  1976). 
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Fig.  6 


Micrograph  of  surface  damage  in  fine  alumina  (grain  size  2-5  pm),  produced  by  WC  sphere, 
radius  r = 3- 1 8  mm,  at  load  P  1000 N,  n  s  10 000 cycles,  in  air.  Surfaces  gold  coated  after 
indentation,  viewed  in  Nomaiski  interference  illumination.  Mailcer  denotes  contact 
diameter,  2u=4S4pm  (c£  fig.  3(n)). 


Fig.  7 


Indentation  stress-strain  curve  for  single-cycle  contacts  in  coarse  alumina,  in  air,  using  spheres  of 
different  radius  as  indicated.  Dashed  line  is  Hertzian  elastic  response,  eqn.  (2).  Point  A 
corresponds  to  loading  conditions  in  figs.  2  and  3,  B  to  conditions  in  fig.  4. 


We  generate  appropriate  pdlfllr)  data  points  for  our  coarse  grain  alumina  in  fig.  7, 
from  measurements  of  a  at  eadi  value  of  P  from  single-cycle  tests  in  air  using  spheres  of 
specified  radii  r.  We  see  that  for  a  given  sphere  radius  the  indentation  pressure  initially 
rises  linearly,  in  accord  with  the  Hertzian  theory  of  elastic  contact  (Swain  and  Lawn 
1969): 

Po=(3E/47ikXa/r).  (2) 

where  £>>393  GPa  is  Young’s  modulus  of  the  alumina;  the  constant 
fc»(9/16)[(l  -  v*)-Kl  -  v'*)£/£'] =0-88 
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for  tungsten  carbide  on  alumina,  with  v  Poisson’s  ratio  and  the  prime  notation 
denoting  the  indenter  materiaL  This  relation  is  represented  as  the  dashed  line  in  fig.  7. 

The  data  deviate  below  the  Hertz  line  at  approximately  Po  x  3-S  GPa,  as  indicated 
by  the  empirically  fitted  solid  curve.  This  is  the  region  in  which  deformation-induced 
microcracking  becomes  perceptible  in  single-cycle  loading.  For  instance,  the  indent¬ 
ations  in  figs.  2  and  3  correspond  to  point  A  in  fig.  7;  the  indentations  in  fig.  4 
correspond  to  point  B. 

Higher  stresses  than  those  shown  in  fig.  7  could  not  be  achieved  without 
permanently  deforming  the  WC  spheres.  According  to  Tabor  (1951),  an  isotropic 
indenting  sphere  should  deform  plastically  at  a  contact  pressure  »0-4  times  the 
hardness,  which  corresponds  to  po%8GPa  in  fig.  7. 

3.3.  Strength  degradation 

Results  from  the  measurements  of  inert  strength  a^asa  function  of  number  of  cycles 
n  in  air  are  plotted  in  fig.  8.  The  indentations  in  these  experiments  correspond  to  the 
loading  conditions  A  in  fig.  7,  i.e.  just  beyond  the  point  of  first  perceptible  deviation 
from  the  Hertz  line,  so  as  to  allow  for  maximum  development  of  mechanical  damage 
during  cycling. 

Relative  to  surfaces  without  indentations  (hatched  box  at  left  in  fig.  8),  we  see  that 
measurable  strength  degradation  is  achieved  in  the  first  cycle.  For  repeat  indentations, 
the  degradation  relative  to  specimens  with  a  single  cycle  is  <  30%  over  1-10^  cycles.  In 
view  of  the  strong  damage  buildup  apparent  in  figs.  2-5,  this  strength  fall-olT  is 
relatively  modest. 

§4.  Discussion 

We  have  demonstrated  substantial  fatigue  effects  in  a  coarse  alumina  ceramic  using 
a  Hertzian  contact  test  Microscopic  examination  of  the  contact  sites  reveals  damage 


Fig.  8 


Strength  of  coarse  alumina  as  function  of  number  of  cycles  after  indentation  in  air  with  sphere 
radius  r<c 318mm,  load  F=1000N,  frequency  IHz.  Each  datum  point  mean  and 
standard  deviation,  four  specimens.  Hatched  box  at  left  axis  represents  breaks  from 
specimens  without  indentations. 
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accumulation  with  increasing  number  of  cycles.  The  test  configuration  is  simple, 
requiring  only  a  hard  sphere  and  a  smooth  flat  specimen  surface,  without  the  need  for 
the  fabrication  of  expensive,  long-crack  specimens.  One  still  requires  a  testing  machine 
for  delivering  the  cyclic  loading:  however,  in  favourable  cases,  e.g.  fig.  4,  a  conventional 
low-frequency  machine  may  be  sufficient  to  demonstrate  the  effect 

Strength  tests  provide  a  quantitative  measure  of  the  severity  of  accumulated 
damage.  In  fig.  8  the  degradation  relative  to  first-cycle  contact  is  almost  30%  over  10^ 
cycles  in  air.  However,  strength  degradation  does  not  reflect  the  severity  of  damage 
accumulation  observed  in  the  micrographs  of  figs.  2-5.t  Strength  depends  not  on  the 
density,  but  rather  the  size,  of  the  flaws;  and  even  this  latter  dependence  is  somewhat 
tempered  by  the  existence  of  a  toughness-curve  (Lathabai  et  al.  1989).  Flaw  density  is  of 
much  greater  influence  in  wear  properties.  A  similar  insensitivity  in  strength 
characteristics  has  been  demonstrated  in  translating  sphere  tests  on  glass,  where  an 
increased  friction  coefficient  produces  substantially  enhanced  contact  damage  but  has 
relatively  small  influence  on  the  failure  stresses  of  the  contacted  surfaces  (Lawn, 
Wiederhom  and  Roberts  1984).  Again,  the  implication  is  that  strength  (and,  by 
association,  toughness)  measurements  may  not  always  be  the  most  practical  measure  of 
damage  accumulation  in  contact  fatigue  configurations.  In  this  context,  it  may  be  noted 
that  the  present  concentrated-load  tests  deliver  much  higher  stresses  over  a  much 
smaller  area  (typically  SGPa  over  0-1  mm^)  than  in  conventional  strength  tests 
(typically  SOOMPa  over  100  mm^).  Alternative  tests  for  quantifying  accumulated 
damage  during  contact  history,  e.g.  acoustic  emission  (Sperisen  et  al.  1986),  might 
provide  more  relevant  quantitative  information. 

As  to  indenter  geometry,  the  ‘blunt’  contact  typified  by  the  Hertzian  configuration 
is  especially  favoured  for  following  the  evolution  of  damage,  because  the  contact 
pressure  increases  monotonically  up  the  Ptfajr)  curve  in  fig.  7,  from  linear  elastic  to  the 
onset  of  first  deformation  and  microcracking  through  to  the  fully  elastic-plastic  region. 
The  same  is  not  true  of  ‘sharp’  contacts  with  fixed-profile  indenters,  c.g.  Vickers, 
b<«/^'ise  the  contact  pressure  saturates  at  the  hardness  value  H  (load/projccted  contact 
horizontal  dashed  line  in  fig.  7)  virtually  at  first  contact.^ 
he  question  as  to  the  mode  of  cyclic  fatigue  in  the  alumina  remains  to  be  answered. 
Tears  to  be  primarily  mechanical  rather  than  chemical.  An  important  ingredient  of 
atigue  mode  is  the  existence  of  some  ‘kinematic  irreversibility  of  microscopic 
mation’  (Suresh  1991),  so  that  hysteresis  exists  in  the  applied  load-displacement 
.w^iion.  In  the  present  case  the  onset  of  intragrain  deformation,  coupled  with  ensuing 
microcracking,  would  appear  to  constitute  the  necessary  basis  for  such  irreversibility. 
But  what  are  the  basic  elements  of  the  deformation,  and  what  stresses  are  needed  to 
activate  these  elements?  In  single  crystal  sapphire,  twinning  and  high-stress  slip  can 
occur  at  room  temperature  (Hockey  1971,  Cannon  1984,  Chan  and  Lawn  1988);  in 
polycrystals,  grain  boundary  stress  concentrations  from  these  shear  elements,  in 
combination  with  pre-existing  thermal  anisotropy  stresses,  can  lead  to  premature  grain 


tThis  degradation  is  nevertheless  considerably  greater  than  that  observed  in  a  previous 
study  on  the  same  alumina  in  cyclic  flexure  testing  after  introduction  of  a  single-cycle  Vickers 
indentation  (Lathabai  et  ai  i989X 

I  At  the  same  time,  the  facility  remains  for  the  Hertzian  test  to  simulate  the  broader  features  of 
sharp-indenter  patterns,  by  virtue  of  an  intrinsic  size  effect  in  the  critical  stress  relation  for  cone 
fracture  initiation:  at  $ufl5<^tly  small  sphere  radius,  the  classical  cone  fracture  is  suppressed  in 
favour  of  subsurface  defoimation,  resulting  in  a  kind  of  blunt-sharp,  brittle-ductile  transition 
(Lawn  and  Wilshaw  1975,  Puttick  1979,  Lawn  1993). 
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Fig.  9 


A  A 

-1.22 


Stress  contours  in  Hertzian  contact  field,  normalized  by  pg.  (n)  Principal  tensile  stress  Oj,  (b) 
hydrostatic  stress  and  (c)  principal  shear  stress  i(i7i— oj).  Calculated 

using  Poisson’s  ratio  v=0-22  for  alumina.  A  A  denotes  contact  diameter. 


boundary  microcracking.  Again,  wear  studies  with  translating  or  rotating  spherical 
indenters  provide  a  precedent  for  this  mechanism  (Cho  et  al.  1989,  1992). 

There  is  also  the  issue  as  to  which  stress  component  of  the  Hertzian  field  is 
responsible  for  initiating  the  damage.  Recall  in  fig.  S  that  the  damage  zone  is  located  in  a 
confined  region  beneath  the  contact  area.  An  indication  of  the  active  component  may 
be  obtained  from  the  Hertzian  (elastic)  stress  field  plots  (Frank  and  Lawn,  1967, 
Lawn,  Wilshaw  and  Hartley  1974,  Lawn  and  Wilshaw  1975,  Johnson  1985)  in  fig.  9.  This 
diagram  plots  stress  contours  of  the  principal  tensile  stress  [aj,  hydrostatic  stress  [K<7, 
+ Cj + Cs)],  and  principal  shear  stress  [Ka,  —  cj)].  Whereas  the  cone  crack  segments  in 
figs.  2  and  3  form  outside  the  contact  area,  i.e.  where  the  normal  stresses  in  fig.  9  (a)  are 
mildly  tensile  (maximum  i%;0-28po  at  contact  circle),  the  subsurface  microcrack  zones 
form  beneath  the  contact  area,  where  the  hydrostatic  stresses  in.fig.  9(h)  are  highly 
compressive  (maximum  a:  —  l-22po  at  the  contact  centre).  However,  the  shear  stress 
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in  fig.  9  (c)  also  attain  significant  levels  beneath  the  contact  area  (maximum  »0-S0po  at 
depth  Q-5a  along  contact  axis).  It  is  therefore  most  likely  that  those  subsurface 
deformation  processes  (twinning  and  slip)  ultimately  responsible  for  the  microcracking 
seen  in  fig.  S  are  governed  by  the  shear  component  of  the  stress  field.  Once  such  a 
deformation  occurs,  of  course,  the  Hertzian  elastic  field  description  no  longer  prevails, 
and  one  must  take  into  account  the  effect  of  irreversible  processes  on  the  stress-strain 
characteristics  of  the  material  (Lawn  and  Wilshaw  1975).  In  particular,  the  incidence  of 
microcracking  will  inevitably  dilate  the  material  in  the  deformation  zone,  especially  if 
local  tensile  TEA  stresses  are  relaxed,  setting  up  conditions  for  continued  irreversibility 
in  cyclic  loading  (Suresh  1991).  The  intrusion  of  water  into  the  microcracks  will  only 
serve  to  enhance  such  irreversibility. 

What  are  the  materials  implications  of  the  observations  in  this  study?  How  general 
are  our  results  on  coarse  alumina?  The  comparatively  small  amount  of  damage 
observed  in  the  fine-grain  alumina  in  our  studies  implies  the  existence  of  potentially 
strong  size  effects  from  microstructural  scaling.  There  is  again  the  useful  precedent  from 
earlier  wear  studies  on  alumina  using  rotating  spherical  indenters,  where  the 
incubation  time  to  effect  a  transition  from  deformation-  to  microfracture-controlled 
surface  removal  was  found  to  increase  dramatically  at  finer  grain  sizes  (Cho  et  al.  1989). 
It  would  appear  that  the  highest  resistance  to  fatigue  from  damage  accumulation  may 
be  achieved  by  refining  grain  size  and  by  avoiding  excessive  internal  residual  stresses. 
Once  more,  such  material  requirements  may  well  run  counter  to  those  for  improving 
long-crack  toughness  (Bennison  et  al.  1989b,  Chantikul  et  al.  1990,  Lawn,  Padture, 
Braun  and  Bennison  1993,  Padture,  Runyan,  Beimison,  Braun  and  Lawn  1993). 
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Abstract 

Flaw-tolerance  and  associated  toughness-curve  fT- 
curve)  characteristics  in  SiC /glass  particle/matrix 
composites  are  studied.  Two  glass  compositions, 
chosen  to  produce  composites  at  extremes  of  high  (H) 
and  low  (L)  thermal  expansion  mismatch  relative  to 
the  SiC  particles,  are  investigated.  In-situ  obser¬ 
vations  of  crack  extension  from  indentation  flaws 
reveal  widely  different  response.^:  in  the  L  composite 
the  path  is  relatively  undistorted  from  the  planar 
geometry,  with  trans-particle  fractures:  in  the  H 
composite  the  path  deflects  strongly  around  the 
particles,  with  consequent  interfacial  bridge  formation 
cmd  activity  in  the  crack  wake.  Surface  fracture 
patterns  produced  by  spherical  indenters  confirm  the 
implied  transition  from  trans-particle  to  inter-particle 
fracture  with  increasing  internal  residua!  stress,  and 
point  to  a  potential  degradation  in  short-crack 
properties  like  wear  and  fatigue.  Indentation-strength 
measurements  also  show  different  characteristics  in 
the  two  composites:  minor  flaw  tolerance  in  the  L 
material,  consistent  with  a  single-valued,  'rule  of 
mixtures'  toughness:  major  tolerance  in  the  H 
material,  consistent  with  a  pronounced  T-curve.  The 
T -curves  themselves  are  deconvoluted  from  the 
indentation-strength  data  for  each  composite  and 
analyzed. 

Fehlertoleranz  und  damit  verbundene  Charakteristika 
der  Riflwiderstandskurven  (R-Kurven)  von  SiC/Glas 
(Teilchen/ Matrix)  Verbundwerkstoffen  warden 
untersucht.  Zwei  Glaszusammensetzungen,  die  so 
gewahlt  warden,  dafi  der  thermische  Ausdehnungs- 
koeffizient  entweder  extrem  grofi  (H)  oder  klein  (L) 
im  Vergleich  zu  dem  der  SiC-Teilchen  war,  warden 
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untersucht.  In-situ  Beobachtung  der  Rifiausbreitung 
ausgehend  von  Defekten  verursacht  durch  Eindrucke 
zeigen  stark  unterschiedliche  Verhaltensweisen:  in  den 
L-Verbundwerkstoffen  weight  der  Rifipfad  relativ 
wenig  von  ebener  Geometrie  ab,  die  Risse  Verlaufen 
transgranular:  in  dem  H-  Verbundwerkstojff  wird  der 
Rifipfad  um  die  Teilchen  herumgelenkt,  was  zur  Folge 
hat,  dafi  zwischen  den  Grenzflachen  Brucken  gebildet 
werden  und  Weehselwirkungen  zwischen  den  Rifi- 
flanken  entstehen.  Oberflachenbruchspiegel,  die  durch 
Kugeleindrucke  erzeugt  wurden,  bestdtigen  den 
Vbergang  von  transgranularem  zu  intergranularem 
Rifiwachslum  bei  zunehmenden  inneren  Spannungen 
und  weisen  auf  eine  mdgliche  Verschlechterung  der 
Verschleifi-  und  Ermiidungseigenschafien  hin. 
Festigkeitsmessungen  an  mil  Harteeindrucken  ver- 
sehenen  Proben  zeigen  ebenfalls  unterschiedliche 
Eigenschaften  der  beiden  Verbundwerkstoffe:  gerin- 
gere  Fehlertoleranz  im  L-Material,  konsisteni  mil  der 
‘Mischungsregef:  grofiere  Toleranz  im  H-Material, 
konsisteni  mil  einer  ausgeprdglen  K-Kurve.  Die  R- 
Kurven  werden  aus  den  Harieeindruck-Festigkeit- 
Daten  fiir  jeden  Verbundwerkstoff  analysiert. 

On  etudie  la  tolerance  aux  defauts  ei  les  caracteristi- 
ques  associees  de  la  courbe  de  tenacite  dans  des 
composites  de  verre  a particules  de  SiC.  On  s'interesse 
a  deux  compositions  de  verres,  choisis  afln  dobtenir 
des  desaccords  das  d  Texpansion  thermique  extreme, 
Cuneleve  ( H),  Vautre  faible  (L).  L'observation  in  situ 
de  Textension  des  fissures  a  partir  de  marques 
dindentation  relevent  des  comportements  tres  dijffer- 
ents:  dans  le  composite  L,  la  trajectoire  de  la fissure  est 
pratiquement  planaire,  avec  fracture  transgranulaire 
des  particules:  dans  le  composite  H,  la  trajectoire  est 
fortement  deflechie  autour  des  particules,  el  ilya  done 
formation  de  ponts  de  liaison  aux  interfaces  ainsi  que 
de  Tactivite  dans  le  sillon  de  la  fissure.  Les  motifs  des 
surfaces  de  fractures  produits  par  des  indenteurs 
spheriques  confirment  qu'il y  a  transition  dun  mode  de 
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fracture  transparticulaire  a  un  mode  interparticulaire 
lorsque  la  contrainte  residuelle  interne  augmente.  et 
montre  qu  it  pent  alors  y  avoir  degradation  des 
propriety  du  materiau  liees  aux  fissures  courtes, 
comme  le  comportement  d  I'usure  ou  en  fatigue.  Les 
experiences  d" indentation  et  de  resistance  presentent 
des  caracteristiques  differentes  pour  les  deux  com¬ 
posites:  une  tolerance  faible  aux  defauts  dans  le 
materiau  L,  coherente  avec  une  valeur  unique  de  la 
tenacite  qui  suit  une  ‘loi  des  melanges',  une  tolerance 
elevee  dans  le  materiaux  H,  correspondant  d  une 
courbe  de  tenacite  prononcee.  Les  courbes  de  tenacite 
elles-memes  ont  ete  deconvoluees  d  partir  des  donnees 
(findentation  et  de  tests  de  resistance,  et  analysees. 

1  Introduction 

it  is  now  well  established  that  the  existence  of  crack- 
size-dependent  toughness  functions,  i.e.  toughness 
curves  (7'-curves,  or  /?-curves),  in  non-transforming 
monophase  ceramics  is  primarily  attributable  to 
grain  bridging  in  the  crack  wake.'  ”  An  important 
manifestation  of  T-curve  behavior  is  ‘flaw  tolerance’, 
i.e.  a  relative  insensitivity  of  strength  to  initial  flaw 
size."''^'*^  Designers  of  high  reliability  ceramic 
materials  with  superior  long-crack  toughness  seek  to 
optimize  such  flaw-tolerance  characteristics. 

More  recently,  this  connection  of  the  T-curve  and 
its  associated  flaw  tolerance  with  crack  bridging  has 
been  shown  to  extend  to  particle-reinforced 
ceramics. Fracture  mechanics  modeling  of 
bridging  in  two-phase  ceramics  identifies  the  T- 
curve  with  key  microstructural  variables  like  volume 
fraction,  particle  size  and  residual  thermal  expan¬ 
sion  mismatch  stress. To  date,  Al2Ti05/Al203 
has  been  the  material  system  of  choice  for  analysis, 
because  of  the  strong  T-curve  enhancement  as¬ 
sociated  with  its  inordinately  high  mismatch 
stresses.  However,  those  same  high  residual  stresses 
impose  severe  limits  on  the  capacity  of  the  ex¬ 
perimentalist  to  investigate  the  role  of  micro- 
structural  variables:'®  the  material  undergoes  bulk 
microcracking  at  relatively  small  volume  fraction 
and  particle  size,  and  the  residual  stress  itself  for  this 
system  is  not  subject  to  variation. 

In  the  present  paper  these  limitations  are  rectified 
by  studying  the  T-curve  and  flaw-tolerance  charac¬ 
teristics  of  model  two-phase  particulate  ceramic 
composites  of  SiC  particles  in  a  compositionally 
variable  silicate  glass  matrix.  A  major  advantage  of 
the  proposed  SiC/glass  system,  apart  from  ease  of 
fabrication,  is  the  facility  to  control  and  vary  the 
microstructural  parameters.  In  particular,  the 
internal  residual  stress  can  be  prescribed  by  adjust¬ 
ing  the  glass  matrix  composition.  In-situ  micro¬ 
scopic  observations  of  crack  extension  from  indent¬ 
ation  flaws  are  used  to  provide  direct  evidence  of 


inter-particle  fracture  and  ensuing  bridge  formation 
as  a  dominant  fracture  mode  in  a  SiC/glass 
composite  with  high  internal  stresses.  By  contrast, 
similar  observations  in  a  composite  with  low  internal 
stresses  reveal  primarily  trans-particle  fracture,  with 
comparatively  little  bridging.  Hertzian  indentation 
tests  confirm  this  difference  in  fracture  mode,  with 
implications  concerning  prospective  wear  and 
fatigue  properties.  Indentation-strength  tests  con¬ 
firm  the  predicted  correlation  between  flaw  toler¬ 
ance  and  internal  stress,  and  enable  determinations 
of  the  underlying  T-curves. 

The  use  of  model  two-phase  ceramic/matrix 
systems  in  the  study  of  brittle  fracture  is  not  new. 
Compelling  evidence  for  strength  and  toughness 
enhancements  from  incorporation  of  second-phase 
particles  has  been  presented  in  several  earlier 
studies.'®"^®  However,  little  effort  was  made  in 
those  earlier  studies  to  consider  the  enhancements  in 
relation  to  a  systematically  varying  toughness  curve. 
Nor  was  any  direct  (in-situ)  identification  made  of 
the  responsible  agents  of  crack  inhibition;  thus, 
whereas  crack  deflection,  crack  pinning  and  bowing, 
and  frontal-wake  zone  microcracking  have  been 
variously  proposed  as  toughening  mechanisms, 
crack-interface  bridging  has,  until  recently,  passed 
unnoticed. 


2  Experimental  Procedure 
2.1  Materials 

Composites  of  SiC  particles  in  silica  glass  matrices 
were  fabricated  for  fracture  studies.  Two  glass 
compositions  with  different  thermal  expansion 
mismatch  relative  to  SiC  were  chosen  to  provide 
high  (H)  and  low  (L)  levels  of  compression  stress  in 
the  SiC  particles.  Table  1.  Glass  L,  an  alkaline-earth 
aluminosilicate,  was  obtained  commercially  as  slabs 
(Glass  Code  1 723,  Coming  Inc.,  Coming,  NY).  Glass 
H,  a  sodium-magnesium  silicate,  was  prepared  in 
the  authors’  laboratories  from  reagent-grade  raw 
materials  (60%  Si02, 25%  Na20, 15%  MgO,  Fisher 
Scientific,  Fair  Lawn,  NJ),  as  described  in  the 
following  paragraphs.  The  SiC  particles  were 
obtained  commercially  as  abrasive  grit,  mean 
diameter  30|an  (37  Crystolon,  Norton  Company, 
Worcester,  MA). 

With  glass  H,  a  300  g  batch  of  blended  powder  was 
dry-blended  and  melted  in  a  platinum  crucible  at 
ISOO^C  for  2h.  The  melt  was  continuously  stirred 
with  a  platinum  rod  to  ensure  homogeneity.  One 
portion  of  the  melt  was  quenched  in  water.  The 
remaining  portion  was  cast  into  a  slab  and  annealed 
at  5(X)°C  for  1  h,  followed  by  slow  cooling. 

The  quenched  portion  of  glass  H  and  as-received 
slabs  of  glass  L  were  separately  pulverized  in  a 
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Table  1.  Constituent  properties  of  the  SiC-particlc/glass-mairix  composites 


Expansion 

Young's 

Hardness 

Cooling 

Residual 

Toughness 

coefficient 

modulus 

H 

temperature 

stress' 

Fo 

a 

E 

(GPa) 

AT 

iMPam'<^) 

(/0-<'C-') 

(MPa) 

m 

(MPa) 

SiC 

4-5‘ 

436 

24 

— 

— 

4-0' 

Class  H 

nr 

63 

50 

419 

308 

0-75f 

Glass  L 

4-6' 

90 

6-0 

685 

8 

0-91^ 

'Computed  from  =(ao  -Op)Ar/[(l  +  vo)/2£o  +  (l  -  2v,)/£p]  for  panicle  P  in  matrix  0.” 
"Ref.  28. 

'  Ref.  29. 


^Coming  Glass  works.  Material  Information,  1984. 
'Refs  30  and  31. 

>^Ref.  32. 


zirconia  ring  mill  and  sieved  (No.  320  mesh).  Each 
glass  was  mixed  with  20voL%  SiC  particles  in 
methanol  and  Teflon  media  in  polyethylene  bottles. 
The  mixtures  were  then  blended  in  a  ball  mill  for  24  h 
to  form  consistent  slurries.  These  were  poured  into 
Teflon  beakers  and  dried  while  continuously  stirring 
on  a  hot  plate.  The  resulting  powders  were  calcined 
at  375®C  for  24  h.  A  60  g  batch  of  each  powder 
composition  was  roiled  in  a  plastic  bag  to  break  up 
any  agglomerates,  before  transferring  to  a  graphite 
die.  Hot  pressing  was  then  carried  out  in  a  vacuum 
hot  press  (Vacuum  Industries,  Nashua,  NH)  at  a 
pressure  10  MPa  for  30  min,  at  temperatures  650°C 
for  composite  H  and  980°C  for  composite  L,  to  form 
disks  75  mm  diameter  by  6  mm  thickness.  The  hot- 
pressing  temperatures  were  chosen  to  correspond  to 
a  viscosity  of  OT  MPas,  somewhat  higher  than  the 
softening  points  of  glasses  and  L  (Coming  Glass 
Works,  Material  Information,  1984).  The  disks  were 
cooled  to  50®C  above  the  annealing  point  at  a 
cooling  rate  of  lO^Cmin”*,  and  subsequently  to 
room  temperature  at  2'’Cmin"‘. 

Flexure  bar  specimens  25  x  4  x  4  mm  were  cut 
from  the  hot-pressed  composites  and  the  base  glass 
slabs  for  indentation-strength  tests.  The  specimen 
edges  were  chamfered  (10^  diamond  grinding 
wheel)  and  polished  (6  ion  diamond  paste),  to 
minimize  edge  failures.  The  prospective  tensile  faces 
of  all  specimens  were  given  a  polish  to  1  /on. 

Some  polished  specimens  were  etched  in  5% 
hydrofluoric  add  solution  to  check  for  the  presence 
of  microcracks. 

22  Hertzian  indentation  tests 
Simple  Hertzian  tests  were  made  on  some  of  the 
polished  surfaces  of  the  high-intemal-stress  (H)  and 
low-intemal-stress  (L)  SiC/glass  composites,  as  well 
as  on  the  base  glasses  as  controls.  The  indenters  were 
made  with  tungsten  carbide  spheres,  radius  1*98  nun, 
load  500 N.  All  tests  were  carried  out  in  laboratory 
air,  relative  humidity  40-50%,  under  which  con¬ 
ditions  moisture  mav  assist  in  fracture  initiation.*^ 


The  presence  of  surface  cracking  at  the  indent¬ 
ation  sites  was’  revealed  by  coating  the  contacted 
surfaces  with  gold  and  viewing  in  Nomarski 
interference  contrast 

23  In-situ  tests 

Selected  specimens  of  each  of  the  H  and  L  SiC/glass 
composites  were  indented  at  their  polished-face 
centers  with  a  Vickers  diamond  pyramid,  at  fixed 
load  100  N,  with  the  radial  crack  arms  aligned 
parallel  and  perpendicular  to  the  bar  edges,  l^ch 
indentation  site  was  covered  with  a  drop  of  dry 
silicone  oil,  to  minimize  subsequent  moisture- 
assisted  slow  crack  growth,  plus  a  glass  cover  slip,  to 
facilitate  clear  observation  of  the  surface  cracks. 

A  loading  fixture  mounted  onto  the  stage  of  an 
optical  microscope  was  used  for  in-situ  observations 
of  radial  crack  responses  in  four-point  flexure.**  The 
indented  specimens  were  loaded  slowly  using  a 
piezoelectric  driver,  and  the  ensuing  crack  growth 
relative  to  the  particulate  composite  microstructure 
monitored  on  a  videocassette  recorder  and  inter¬ 
mittently  photographed. 

2.4  IndeotatioD-strength  tests 
Each  remaining  flexure  specimen  was  Vickers 
indented  at  its  polished-face  center,  at  a  prescribed 
load  within  the  range  3  to  300  N.  Care  was  again 
taken  to  align  the  radial  cracks  along  the  specimen 
edges.  All  indentations  were  made  in  the  laboratory 
ambient,  allowed  to  stand  for  5  min,  and  then 
covered  with  a  drop  of  dry  silicone  oil  to  minimize 
environmental  efiects  in  the  ensuing  strength  tests. 

The  indented  spedmens  were  tested  in  a  four- 
point  bend  fixture  (outer  span  20  mm,  inner  span 
10  mm)  mounted  on  a  universal  testing  machine 
(Model  1122,  Instron  Corp.,  Canton,  MA).  The 
fracture  times  were  kept  below  50  ms,  to  ensure  near 
‘inert’  testing  conditions.  Failed  specimens  were 
examined  in  an  optical  microscope  to  confirm  that 
the  failures  originated  from  the  indentations. 
Specimens  that  failed  from  the  other  sources  were 
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included  in  the  daia  pool  for  unindented 
specimens. 


3  Qualitative  results 
3.1  Hertzian  tests 

Micrographs  of  Hertzian  indentations  on  L  and  H 
SiC/glass  surfaces  are  shown  in  Fig.  1.  The  damage 
in  the  low-intemal-stress  composite  L,  Fig.  1(A),  is 
typical  of  the  classical  Hertzian  cone  fracture,^* 

Le.  near-circular  surface  traces.  These  traces  do  not 
deviate  substantially  from  those  observed  in  control 
tests  on  the  base  L  glass  itself  (not  shown  here), 
indicating  that  the  crack  paths  within  the  radial 
tensile  stress  field  around  the  contact  circle^^*^®  are 
relatively  undistorted  by  the  SiC  particulate  phase. 
The  pattern  is  indicative  of  a  material  with  trans¬ 
particle  fracture  characteristics. 

The  damage  in  the  high-intemal-stress  composite 
H,  Fig.  1(B),  shows  a  very  different  response.  The 


Fig.  1.  Damage  patterns  in  SiCVglass,  (A)  low-inten»I-$tFess(L} 
and  (B)  high-intemal-stress  (H),  composites.  Tests  made  with 
tungkm  carbide  sphere  of  radius  1-98 mm  at  load  SOON,  in 
laboratory  ambient  conditions. 


Hertzian  fracture  is  comparatively  ill-defined, 
consisting  more  of  linked-up  particle-initiated 
microcracks  than  regular  circular  macrocracks. 
These  microcracks  are  not  oriented  normally  to  the 
contact  radial  direction  in  the  manner  of  classical 
Hertzian  fractures,  indicating  that  the  crack  driving 
forces  are  now  dominated  by  the  residual  internal 
tensile  stresses.^®  In  this  case  the  damage  may  be 
more  properly  chaiacterized  in  terms  of  inter- 
particle  fracture.  Note  that  individual  microcracks 
extend  only  over  a  few  inter-particle  dimensions, 
implying  that  the  superimposed  microstructural 
field  contains  compressive  stresses  as  well  as  tensile. 
The  interplay  between  tensile  and  compressive 
internal  stresses  is  an  important  ingredient  of  grain- 
or  particle-interlock  bridging.** 

3.2  In-situ  observations  of  Vickers  cracks 
Optical  micrographs  of  the  wake  regions  of  cracks 
grown  from  Vickers  indentations  under  applied 
flexure  stresses  in  the  low-internal  stress  (L)  and 
high-internal-stress  (H)  composites  are  shown  in  Fig. 
2.  The  ultimate  stress  levels  correspond  to  «70%  of 
the  strength  in  both  cases. 

In  composite  L,  Fig.  2(A),  the  cracks  follow  more 
or  less  straight,  classical  radial  trajectories.  In-situ 
observations  of  the  crack  evolution  up  to  this  point 
revealed  intermittent  interruption  of  the  extension 
by  the  SiC  particles.  When  such  interruption  did 
occur,  further  increase  in  the  applied  load  was 
necessary  to  force  the  crack  through  the  arresting 
particle.  At  such  points  the  crack  ‘popped  in’, 
occasionally  propagating  through  the  next  two  or 
three  particles  in  the  immediate  path.  Once  broken, 
the  obstructing  grains  rarely  appeared  to  provide 
any  further  resistance  to  the  extension;  i.e.  bridges 
were  not  formed,  except  perhaps  when  the  advanc¬ 
ing  crack  intersected  the  particle/matrix  interface  at 
an  unusually  oblique  angle  of  incidence.  On  further 
stressing  beyond  the  configuration  in  Fig.  2(A)  the 
crack  grew  to  failure  along  essentially  the  same 
crack  plane. 

By  contrast,  the  fracture  in  comi>osite  H,  Fig.  2(B), 
shows  an  entirely  different  behavior.  The  cracks 
often  emerge  away  from  the  indentation  comers  and 
trace  a  much  more  dismptive  path,  again  suggestive 
of  a  dominant  role  by  lo^  readual  stresses.  In-situ 
observations  revealed  a  highly  erratic  evolution  at 
the  microscopic  level  in  this  material.  Under 
increasing  applied  stress  the  crack  popped  in  from 
particle  to  particle,  deviating  markedly  from  seg¬ 
ment  to  segment,  yet  all  the  while  remaining  highly 
stable  at  the  macroscopic  level  At  some  points  the 
crack  reinitiated  abruptly  on  the  far  side  of  an 
arresting  particle.  At  others  an  isolated  microcrack 
appeared  to  form  at  a  particle  some  distance  ahead 
of  the  primary  crack  tip,  with  abrupt  coalescence  at 
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Fig.  2.  In-situ  optical  micrographs  of  Vickers  radial  cracks  in  SiC  composites  under  flexure  stress,  (A)  composite  L,  (B)  composite  H. 
Indentation  impression  formed  at  load  lOON,  outside  held  of  view  at  left. 


some  increment  in  the  load.  Notwithstanding  the 
fact  that  previous  investigations  in  alumina 
ceramics^  suggest  that  such  apparently  isolated 
microcracks  may  well  be  pre-connected  to  the 
primary  crack  in  the  subsurface,  such  geometrical 
deflections  are  especially  conducive  to  the  form¬ 
ation  of  particulate  bridges  at  the  crack  interface. 
The  in-situ  observations  confirmed  the  existence  of 
several  persistently  active  bridge  sites  in  Fig.  2(B),  up 
to  distances  a  I  mm  behind  the  crack  tip. 

On  further  stressing,  the  crack  in  Fig.  2(B) 
continued  its  erratic  growth  until,  ultimately,  it 
spanned  almost  the  entire  specimen  width.  During 
these  final  loading  stages  microcracks  began  to  pop 
in  over  the  entire  surface  of  the  glass  matrix.  Similar 
applied-stress-induced  microcracking  has  been 
reported  in  the  AljTiOj/AljOa  system.^®  Such 
observations  indicate  that  composite  H  is  close  to 
the  limit  for  spontaneous  microcracking.  In  fact, 
stress-free  specimens  left  lying  in  the  laboratory 
ambient  conditions  for  periods  of  several  weeks 
gradually  developed  extensive  networks,  as  seen  in 
the  etched  surface  of  Fig.  3.  On  the  other  hand,  no 
distinctive  frontal-wake  microcrack  cloud  was 
observed  at  any  stage  of  the  crack  propagation  in  the 
experiments. 

33  Indentation-streiigth 

Strength-Indentation  load  data  for  the  low-intemal- 
stress  (L)  and  high-intemal-stress  (H)  systems  are 
plotted  in  Figs  4  and  S,  respectively.  Each  data  point 
with  error  bar  is  the  mean  and  standard  deviation  of 
4  to  6  specimens.  In  these  diagrams  the  upper  data 
set  represents  the  composite,  the  lower  data  set  the 


base  glass.  The  hatched  regions  at  left  represent 
breaks  from  other  failure  sources,  edge  flaws  in  the 
base  glasses  and  SiC  particles  in  the  composites. 

It  is  immediately  clear  that,  within  the  given 
indentation  load  range,  the  addition  of  SiC  particles 
substantially  improves  the  stress-bearing  capacity  of 
the  materials.  Both  base  glasses  show  a  classical  flaw 
sensitivity  in  the  strength  characteristics  {P~  load 
dependence — Section  4).  In  composite  H,  the 
improvement  is  manifested  primarily  as  an  enhan¬ 
ced  flaw  tolerance,  with  a  modest  ‘plateau’  strength. 
In  composite  L,  the  improvement  is  more  in  the  form 
of  a  uniformly  enhanced  strength  over  the  indent¬ 
ation  load  (indentation  flaw  size)  range,  with 
minimal  development  of  flaw  tolerance.  Therefore, 


Fig.  3.  Etched  surface  of  SiC  glass  composite  H,  after 
prolonged  exposure  (4  weeks)  to  laboratory  ambient  conditions. 
Note  moisture-enhanced  development  of  microcrack  network. 
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Fig.  4.  Indentation-strength  data  for  glass  L  and  correspond¬ 
ing  SiC/glass  composite  L.  Each  datum  point  represents  mean 
and  standard  deviation  of  strengths  from  4  to  6  specimens.  The 
light  and  dark  shaded  areas  at  left  represent  strengths  of 
unindented  specimens  for  the  glass  and  the  composite, 
respectively.  Solid  line  through  glass  data  is  fit  to  eqn  (3)  using 
single-valu^  toughness  for  glass  L  Dashed  lineis  pr^iction  for 
SiC/glass  composite  L,  using  single-valued  toughness  from  rule 
of  mixtures. 

extrapolating  beyond  the  data  range,  it  may  be 
concluded  that  composite  H  demonstrates  superior 
toughness  properties  at  high  indentation  loads 
(long-crack  region),  but  inferior  toughness  pro¬ 
perties  at  low  indentation  loads  (short-crack  region). 

4  Quantitative  Evaluation  of  T-Curves 

Now  the  T-curve  function  T(c),  with  c  the  crack 
size,  is  deconvoluted  from  the  indentation-strength 
data.^^  At  equilibrium,  the  ‘global’  A^-field  for  a 
radial  crack  system  formed  at  contact  load  P  and 


Fig.  &  Indentation-strength  data  for  glass  H  and  correspond¬ 
ing  SiC/^ass  composite  H.  Each  datum  point  represents  mean 
and  standard  deviation  of  strengths  from  4  to  specimens.  The 
light  and  dark  shaded  areas  at  left  represent  strengths  of 
unindented  specimens  for  the  glass  and  the  composite, 
respectively.  Solid  line  through  glass  data  is  fit  to  eqn  (3)  using 
singl^valu^  toughness  for  glass  H.  Dashed  line  is  prediction 
for  SiC/glass  composite  H,  usingsingle-valued  toughness  from 
rule  of  mixtures. 


subjected  to  subsequent  applied  stress  can  be 
expressed  as 

K'^(c)  =  K^{c)  +  K^{c)  =  -I-  xP/c^‘^  =  7(c) 

(1) 

where  i/f  is  a  crack  geometry  coefficient  and  ;f  is  a 
residual-contact-field  coefficient  For  a  given  F, 
failure  occurs  at  that  value  of  applied  stress 
that  satisfies  the  ‘tangency  conditions’*® 

d/:;(c)/dc  =  d7(c)/dc  (2) 

It  follows  that  the  T-curves  for  the  composites  can 
be  determined  as  the  envelopes  to  the  families  of 
K'/Jic)  curves  constructed  from  the  (a^j  P)  data  sets  in 
Figs  4  and  5.^* 

In  order  to  construct  such  K'j^c)  curves,  it  is 
necessary  first  to  ‘calibrate’  the  coefficients  ij/  and  x  in 
eqn  (1)  for  the  matrix  glass«^.  The  key  to  a  simplified 
calibration  is  the  single-valuedness  of  the  matrix 
toughness,  T=Tq  for  these  homogeneous 
materials.^*  Inserting  T=To  into  eqns  (1)  and  (2) 
then  yields  the  familiar  analytical  strength-load 
relation^’-*' 

OM  =  OToimTo/4xPV'^  (3) 

Hence  values  for  the  compound  parameter 
may  be  obtained  from  best  fits  to  the  data  for  the 
base  glasses  in  Figs  4  and  5.  It  is  assumed  here  that  \l/ 
is  a  material-independent  crack  geometry  coeffic¬ 
ient,  and  the  value  =  0-77  obtained  previously 
from  data  on  a  fine-grain  alumina  is  retained.^* 
Then,  using  the  Tq  values  from  Table  1,  z  =  0-024  for 
glass  L  and  x  =  0  035  for  glass  H  are  obtained. 

Next  consider  the  effect  of  adding  the  SiC  phase.  It 
has  already  been  intimated  that  the  geometrical 
coefficient  flf  is  not  sensitive  to  material  variations. 
The  coefficient  x^  on  the  other  hand,  varies  with 
{EIHf^,  where  E  is  Young’s  modulus  and  H  is  the 
hardness.*^  Using  the  rules  of  mixtures  for  a  ‘Voigt’ 
two-phase  particle/matrix  (P/0)  composite  (C)  with 
volume  fractions  Fq  -f  Fp  =  1, 

Pc  ~  ^ 0^0  "h  ^pPp  (^n) 

//c=yoHo+rpHp  (4b) 

it  may  be  verified  from  Table  I  that  the  changes  in 
£/H  from  addition  of  20  voL%  SiC  amount  to  less 
than  10%  for  each  glass.  To  a  first  approximation, 
therefore,  the  coeffidents  ij/  and  x  tnay  considered 
essentially  unchanged  by  addition  of  the  second 
phase. 

Families  of  K'Jc)  curves  for  the  L  and  H  SiC/glass 
composites  are  plotted  in  Figs  6  and  7  using  the 
((Tm.  data  from  Figs  4  and  5.  The  fitted  T-curves 
are  envelopes  of  tangency  points  to  these  families  of 
curves.  The  lower  dashed  lines  are  toughness  values 
Tq  for  the  base  glasses.  The  upper  dashed  lines  are 
‘rule-of-mixtures’  toughness  values  Tq  for  the 
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Crack  Size. 

F^.  6.  T'-curve  construction  for  SiC/glass  composite  L.  Solid 
curves  are  plots  of  global  JiT-field  function  ■»  c<)n  (3), 
evaluated  fored^h  strength  ca  =  and  load  P  in  Fig.  4.  Shaded 
band  is  an  empirically  fitted  T-curve  envelope.**  Lower 
horizontal  dashed  line  is  toughness  To  for  base  glass;  upper 
horizontal  dashed  line  is  rule-of-mixtures  toughness  T^  for  the 
composite. 

composites,  evaluated  for  an  ideal  planar  crack 
intersecting  the  second-phase  particles  in  the 
absence  of  bridging  or  other  extraneous  energy 
absorbing  process;  these  values  are  calculable  from 
Table  1  by  writing  an  expression  for  the  reversible 
work  to  separate  unit  area  of  crack  plane, 

(5) 

and  invoking  the  familiar  plane  stress  relation 
R  =  along  with  eqn  (4a)  to  obtain 

Tc  =  C  VoiEdEoWl  +  ^'p(£c/f P)7'p‘3 (6) 

For  the  low-intemal-stress  composite  L  in  Fig.  6  the 
shaded  T-curve  envelope  is  fitted  empirically  to  the 
K'fjd)  curves.^*  This  fitted  curve  virtually  overlaps 
the  T=Tc  line  at  c>  200 yan,  and  deviates  slightly 
below  Tc  at  c<  200  urn.  Thus  the  toughness 
behavior  of  the  L  composite  is  consistent  with  a 
predominantly  irans-particle  mode  of  fracture  (Figs 
1(A)  and  2(A)). 

The  response  is  markedly  different  for  the  high- 


internal-stress  composite  H  in  Fig.  7.  In  this  case  the 
r-curve  crosses  the  T==Tc  line  at  c  %  400  /im,  and 
extends  well  above  this  line  in  the  long-crack  region. 
This  highly  enhanced  long-crack  toughness  is 
consistent  with  a  predominantly  inter-particle  (Fig. 
1(B)),  strong-bridging  (Fig.  2(B))  mode  of  fracture. 
Accordingly,  the  T-curve  in  Fig.  7  has  been  plotted 
using  an  analytical  expression  for  T{c)  derived  for 
the  simple  bridging  model  in  Fig. 

7\c)  —  Tq  —  (0  <  c  <  A)  (7a) 

nc)  =  To  +  il/pd'^ 

X  (1  -  [1  -  (1  -  2/c)2]>/2j_  _  (1  _  2/c^)]'/2 

(2<c:£A-t-2)  (7b) 

nc)  =  To  +  tltpd'^ 

X  {[1  -(1  -  A/e  -  2/e)^]‘/2  -  [1  -(1  -  A/d)V'^ 

-  -  (1  -  A/e)2] (A  +  2  <  e)  (7c) 

where  p  and  q  are  averaged  long-crack  closing 
and  short-crack  opening  stresses  from  the 
matrix/particle  mismatch  acting  over  characteristic 
bridging  zone  dimensions  2  and  A;  the  fit  corre¬ 
sponds  to  parameter  adjustments  /7  =  66MPa, 
(P  +  9X22)*'^  =  040  MPam'^^  and  A  =  840 //m.” 

It  is  noteworthy  that  the  bridging  model  of  Fig.  8, 
with  its  assumption  of  a  crack  always  constrained  to 
the  matrix  (implicit  by  the  appearance  of  Tq  rather 
than  Tc  as  the  base  toughness  in  eqn  (7)),  could  not 
be  made  to  provide  a  satisfactory  fit  to  the  L 
composite  data  in  Fig.  6. 


5  Discussion 

The  present  study  has  demonstrated  that  thermal 
expansion  mismatch  can  have  a  dominant  influence 
in  the  toughness  and  strength  properties  of  two- 
phase  ceramics,  first  by  controlling  the  genesis  and 
second  by  controlling  the  effectiveness  of 


Fi*.7.  r-curve  construction  for  SiC/glass  composite  H.  Solid 
curves  are  plots  of  global  AT-field  function  K'^fc)  in  eqn  (3), 
evaluated  for  each  strength  =  Ou  and  load  P  in  Fig.  5.  Shaded 

curve  is  fitted  T-curve  from  the  bridging  model,  eqn  (7).  Lower 
horizontal  dashed  line  is  toughness  To  for  base  glass;  upper 
horizontal  dashed  line  is  rule-of-mixtures  toughness  T^  for  the 
comnosife. 


Fig.  8.  Model  of  bridged  crack.”  Compressed  particles  exert 
opening  stress  on  matrix  in  near-tip  crack-plane  region,  closure 
fbrideinfi)  stresses  bevond. 
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graphs  of  cracks  in  SiC/glass  composites  in  Figs  1 
and  2,  increasing  the  residual  stress  from  low  level 
(composite  L)  to  high  level  (composite  H)  results  in  a 
transition  from  predominantly  trans-particie  to 
predominantly  inter-particle  fracture.  Inter-particle 
fracture  is  promoted  by  an  increase  in  stress-directed 
crack  deflection,  which  enhances  bridge  formation, 
and  in  particle/matrix  pullout  friction,  which 
inhibits  bridge  rupture. The  end  result  is  an 
enhanced  T-curve  for  the  H  composite.  Fig.  7, 
relative  to  the  L  composite.  Fig.  6. 

This  T-curve  enhancement  from  bridging  in  two- 
phase  composites  is  manifested  most  compellingly  in 
the  indentation-strength  characteristics  of  Figs  4 
and  5.  Composite  L  in  Fig.  4  shows  relatively  little 
flaw  tolerance,  consistent  with  a  single-valued,  rulc- 
of-mixtures  toughness.  Composite  H  in  Fig.  S  shows 
substantially  greater  flaw  tolerance,  with  strengths 
higher  than  the  simple  rule-of-mixtures  prediction 
over  most  of  the  load  range  covered.  On  the  other 
hand,  extrapolation  of  the  composite  H  strength 
data  into  the  low-load  region  implies  a  depressed  T- 
curve,  with  the  suggestion  of  diminished  short-crack 
properties.  Hence  while  increased  intemal-stress- 
enhanced  bridging  results  in  higher  long-crack  tough¬ 
ness,  tensile  components  of  the  same  internal-stress 
field  conversely  lead  to  lower  practical  strength. 
These  same  tensile  stresses  also  greatly  increase 
the  susceptibility  to  local  microfracture,  as  in 
Fig.  1(B),  and  thence  to  brittle  wear^**  and  fatigue.*’ 
A  long-crack/short-crack  tradeoff  is  in  effect  here. 
One  might  attempt  to  explain  any  such  tradeoff  from 
incorporation  of  a  second  phase  in  terms  of 
a  traditional  'critical  flaw'  argument:  short-crack 
strength  is  decreased  by  introducing  larger  flaws; 
long-crack  toughness  is  increased  by  providing 
geometrical  ‘obstacles’  to  crack  propagation,  c.g.  by 
crack  deflection,  crack  pinning  and  bowing  (Section 
1).  However,  the  simple  ‘obstacle’  concept  can  not 
account  for  the  improvement  in  flaw  tolerance  with 
increase  in  thermal  mismatch — it  contains  no 
provision  for  a  cumulative  T-curve.’”'  In  this  context 
it  may  be  recalled  that  no  evidence  for  the  existence 
of  a  detached  microcrack  cloud,  which  might 
alternatively  account  for  the  T-curve,  was  found  in 
the  H  composite. 

The  last  point  pertaining  to  microcracking 
warrants  comment  in  the  context  of  microstructural 
desiga  It  is  clear  from  the  present  study  that  one  may 
control  the  toughness  and  strength  properties,  and 
even  the  mode  of  crack  propagation,  by  tailoring  the 
composite  microstructure.  In  particular,  increasing 
the  thermal  mismatch  between  particles  and  matrix 
(as  well  as  particle  size  and  volume  fraction* ’’**) 
enhances  the  bridging  long-crack  toughness,  and 
hence  the  flaw  tolerance.  However,  beyond  a  certain 
limit  this  increase  in  thermal  mismatch  (or  particle 


size  or  volume  fraction)  generates  critical  local 
tensile  fields,  initiating  bulk  microcracking  and, 
ultimately,  degrading  the  strength.**  It  is  clear  from 
Fig.  3  that  the  materials  processor  who  seeks  to 
optimize  microstructures  for  long-crack  toughness 
should  pay  due  attention  to  such  limits,  with 
additional  allowance  for  the  deleterious  time- 
dependent  effects  of  moisture. 
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The  rok  of  microstnictural  scale  on  deformatioo-micro- 
fracture  damage  induced  by  contact  with  spheres  is  invest!* 
gated  in  monophase  alumina  ceramics  over  a  range  3-48 
|un  in  grain  rize.  Measurement  of  a  universal  indentation 
stress-strain  curve  indicates  a  critical  contact  pressure  <»5 
GPa,  above  which  irreversible  deformation  occurs  in  alu¬ 
mina.  A  novel  sectioning  technique  identities  the  deforma¬ 
tion  elonents  as  intragrain  shear  faults,  predominantly 
crystallographic  twins,  within  a  confining  subsurface  zone 
of  intense  compression-shear  stress.  The  twins  concentrate 
the  shear  stresses  at  the  grain  boundaries  and,  above  a 
threshold  grain  size,  initiate  tensile  intergranulv  mkro- 
craefcs.  Be^  this  threshold  size,  classical  Hertziao  cone 
fractures  initiate  outside  the  contact  circle.  Above  the 
threshold,  the  density  and  scale  of  subsurface-zone  micro- 
cradts  increase  dramatically  with  increasing  grain  size,  ulti¬ 
mately  dominating  the  cone  fractures.  The  damage  process 
b  stochastic,  highlighting  the  microstnictural  discreteness 
of  the  initial  deformation  field;  those  grains  which  lie  in  the 
upper  tail  of  the  grain-size  distribution  and  which  have 
favorable  crystallographic  orientation  relative  to  local 
shear  stresses  in  the  contact  field  are  preferentially  acti¬ 
vated.  Initial  flaw  state  b  not  an  important  factor,  because 
the  contact  process  creates  ib  own  flaw  population.  These 
and  other  generic  features  of  the  damage  process  will  be  db- 
cussed  in  relation  to  microstnictural  design  of  polycrystal¬ 
line  ceramics. 


1.  Introduction 

Surfaces  of  ceramic  components  in  service  are  commonly 
subjected  to  concentrated  loads,  from  contact  bearings  or 
spurious  impacts  with  foreign  bodies.  The  stresses  from  such 
contacts  can  introduce  localized  structural  damage,  which  in 
turn  can  degrade  the  strength'-^  or  erode  the  surface.^  Depoiding 
on  die  contact  geometry,  individual  cracks  may  initiate  from 
preexisting  flaws  or  from  precursor  ‘plastic*  defonnatioa^  hi 
polycrystalline  ceramics,  the  nature  of  the  fracture  damage  can 
be  controlled  by  events  at  the  miciostructural  level.  There  is 
then  a  need  to  focus  on  die  “short-crack’'  aspects  of  fracture. 
Thb  need  has  been  foreshadowed  in  toughnes^urve  (T -curve, 
tx  R-curve)  sttulies  on  alumina  and  other  ceramics  that  exhibit 
grain-interlock  bridging.*'”  Thus,  whereas  increasing  the  grain 
size  of  alumina  enhances  die  long-crack  toughness,  it  simulta¬ 
neously  diminishes  die  strength'*  and  wear  resistance.'^  Grain 
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size  might  therefore  be  expected  to  play  a  vital  role  in  determin¬ 
ing  the  nature  and  degree  of  contact  damage. 

In  a  recent  paper,”  the  future  of  contact-induced  damage  in  a 
“coarse”  (grain  size  23  t^)  alumina  was  studied  using  the 
Hertzian  test  The  Henzian  geometry,  in  which  a  spherical 
indenter  is  used  to  deliver  concentrate  stresses  over  a  small 
area  of  specimen  surface,  usefully  simulates  “blunt”  in-service 
contaa  conditions.'  In  addition,  because  the  contact  pressure 
increases  monotonically  with  applied  load,  the  geometry  allows 
one  to  trace  the  “indentation  stress-strain”  response  of  a  mate¬ 
rial,  from  initial  elastic  contact  through  first  irreversible  defor¬ 
mation  to  a  final  “fully  plastic”  state.'*  In  that  earlier  study  on 
alumina,”  damage  was  found  to  initiate  in  the  subsurface  region 
of  high  compression-shear  beneath  the  contact  instead  of  in  the 
surfiace  region  of  weak  tension  outside  the  contact  Intragrain 
shear-fault  defornution,  specifically  crystallogr^Aic  twinning 
and  slip  in  the  alumiru,  was  identified  as  the  primary  stage  of 
danuge.  Grain  boundary  microcracking  at  the  ends  of  the  con¬ 
strained  shear  faults  was  identified  as  the  secondary  stage. 
Repeat  contacts  revealed  severe  mechanical  fatigue;'*  in  severe 
cases  grain  boundary  microcracks  coalesced  into  a  fragmenta¬ 
tion  zone,  resulting  in  the  detachment  of  grains  from  the  sur¬ 
face.  Some  comparative  experiments  on  a  “fine”  alumina  (grain 
size  2.5  pm)  showed  no  duectable  microctacking,  suggesting 
that  microstructural  scale  plays  a  critical  role  in  the  contaa 
damage  process. 

In  this  paper  we  examine  more  systematically  the  role  of 
grain  size  on  contact  damage  from  single-cycle  Hertzian  con¬ 
tacts  in  polycrystalline  alumina.  We  find  that  above  a  contaa 
pressure  '•S  GPa,  independent  of  grain  size  or  sphere  size,  the 
contact  deviates  from  an  ideal  Hertzian  elastic  response,  indi¬ 
cating  the  onset  of  “plasticity.”  We  also  examine  more  closely 
the  nature  of  the  subsurface  deformation-microctack  damage, 
using  a  novel  sec  ioning  technique,  and  monitor  the  damage 
rate  during  the  load-unload  cycle,  using  acoustic  emissioiL  Our 
experiments  indicate  that  twin/slip  shw  faults  witiiin  individ¬ 
ual  grains  do  indeed  play  a  controlling  precursor  role  in  the  ini¬ 
tiation  of  grain-bound^  microcracks,  that  the  bulk  of  fiie 
microcrack  initiation  occurs  during  the  latta  part  of  the  loading 
half-cycle,  and  that  the  damage  process  has  a  strong  stochastic 
element  in  the  polycrystalline  structure.  The  experiments  also 
indicate  the  existence  of  a  threshold  grain  size  *•20  pm  for  ini¬ 
tiation;  on  traversing  this  threshold,  the  microcrack  density 
increases  with  grain  size.  Hnally,  we  cronsider  some  of  tiie 
broader  implications  of  our  observations  on  alumiru  in  relation 
to  microstructural  design  of  structural  ceramics  for  contaa- 
related  aj^lications. 

Q.  Experimental  ProcedoFe 

Polycrystalline  aluminas  with  mean  grain  sizes  3, 9, 15, 21, 
35,  arid  48  pm  were  obtained  from  an  earlier  study  cm  tough¬ 
ness  curves.'*  The  processing  of  those  aluminas  was  carried  out 
in  a  class  A-lOO  clean  room  to  minimize  impurity  exmtent  The 
resulting  microstructures  were  fully  dense  and  uniform,  witii  a 
narrow  size  distribution  of  equiaxed  grains*  and  small  flaw  pop- 
ulatiorL  In  contrast,  the  commercial  rruterial  used  in  our  erirlier 


'bi  accordance  widi  Uk  'Hillen  criKiiaa'  (niaximum  diamwer  <  twice  mean 
dUmeler). 
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Heitzian  contact  fatigue  experiments"  had  a  much  wider  grain 
size  distribution  and  a  higher  population  of  pores,  inclusions, 
and  grain  boundary  triple-point  flaws. 

Bar  specimens  20  mm  X  2J5  mm  X  2.5  mm  of  each  grain 
size  alumina  were  diamond  polished  to  l-pm  grade  finish. 
Smne  specimens  were  used  for  indentation  stress-strain  mea¬ 
surements.  The  polished  surfaces  of  these  specimens  were 
coated  with  gold  prior  to  indentation.  Notmal  indentations 
were  made  in  a  universal  testing  machine  (Model  1122,Instron, 
Canton,  MA)  at  constant  crosshead  speed  (1.67  pm-s~')  over  a 
load  range  P  =  Oto  2000  N,  using  tungsten  carbide  spheres  of 
radii  r  =  1.98, 3.18, 4.76, 7.94,  and  12.7  mm,  in  air.  The  con¬ 
tact  radius  a  for  each  indentation  was  measured  from  residual 
impressions  left  in  the  gold  coating,  to  enable  evaluations  of 
contact  pressure  (p,  =  PItttP)  and  indentation  strain  (air) 
(see  Se(X  III(1)).  In  the  inelastic  region,  the  contact  rsdius 
always  exceeded  the  maximum  grain  size  by  at  least  an  order 
of  magnitude. 

Subsurface  irxlentation  damage  could  be  seen  below  the 
contacts  of  uncoated  qjecimens  in  dark-field  illumination, 
especially  in  the  coarser  aluminas."  In  the  present  study  an 
alternative,  more  revealing  observational  technique  was  d^el- 
oped,  following  a  precontact  section  procedure  origittally  used 
by  Mulbeam”  and  odiers,^'  as  follows: 

(i)  Polished  surfaces  of  two  specimens  were  bonded  face- 
to-face  under  clamping  pressure  with  a  thin  layer  (<10  pm)  of 
adhesive  (Loctite,  Newington,  CT). 

Qi)  A  surface  perpendicular  to  the  bonded  interface  was 
grou^  and  polished  along  die  length  of  the  qiecittien. 

(iii)  The  newly  polidied  surface  was  indented  symmetri¬ 
cally  across  the  surface  trace  of  the  interface  (Fig.  1).  Since  the 
principal  stresses  directly  beneath  the  contact  area  are  highly 
compressive,^  the  opposite  surfaces  in  the  region  of  subsurface 
damage  are  constrained  fiom  moving  rqiart,  precluding  poten¬ 
tial  artifacts  associated  with  free  surface  effects.^ 

(iv)  The  two  halves  of  the  indented  bar  were  separated  by 
dissolving  the  glue  in  acetone,  cleaned,  gold-coated,  and 
viewed  using  Nomarski  interference  illumination. 

With  diis  procedure,  shear  fault  features  not  evident  in  con¬ 
ventional  polished  sections  were  readily  visible  in  the  Nomarski 
contrast  as  shallow  surface  offsets  on  the  separated  free 
surfaces. 

Acoustic  emission  experiments  were  performed  to  quantify 
the  sequence  of  damage  evolution  during  indentation.  Acoustic 


n|.L  Henzian  lest  geometry,  for  boaded-intetface  ^weimen. 
Sphere  radius  r  delivers  load  P  over  contact  radius  a.  Specimen  con¬ 
stats  of  two  polished  halves  glued  together  across  inter&oe.  Comptes- 
sive  stresses  beneadi  contact  (arrows)  maintain  contact  between 
qMdmen  halves  during  indentation. 


activity  was  recorded  during  the  load-unload  indentation  cycle 
using  a  piezoelectric  transducer  attached  to  the  specimen  inden¬ 
tation  surface  with  rubber  cement  (LOCAN  320,  Physical 
Acoustics,  Princeton,  NJ).  Data  were  recorded  as  accumulated 
signal  energy  vs  elapsed  time  at  constant  crosshead  displace¬ 
ment  speed. 

Some  dummy  indentation  stress-strain  tests  were  made  on  a 
tungsten  carbide  plate  cut  from  one  of  the  larger  spheres,  to 
examine  the  limiting  contact  conditions  for  purely  reversible 
deformation  of  the  indenting  spheres. 

IIL  Results 

(1)  Indentation  Stress-Strain  Curve 

The  Hertzian  lest  can  be  u^  to  obtain  an  indentatimi  stress- 
strain  curve"^  for  deformable  solids  which  would  otherwise, 
in  more  uniformly  tensile  loading  geometries,  behave  in  a  per¬ 
fectly  brittle  maimer.  Measurements  of  coruact  radius  a,  sphere 
radius  r,  and  indentation  load  P  (Fig.  1)  enable  one  to  evaluate 

Indentation  stress  po  =  Pitta}  (la) 

Indentation  strain  ah  (lb) 

Indentation  stress-strain  functions  Pi,(alr)  have  been 
previously  measured  for  lithium  fluoride,"  silicate  glasses," 
and  zinc  sulfide;"  more  recently,  curves  have  been  obtained 
for  a  commercial  alumina  (grain  size  23  pm)"  and  a 
glass-ceramic." 

Indentation  stress-strain  data  for  the  finest  and  coarsest  of 
the  aluminas  investigated  in  the  present  study  (grain  sizes  3  and 
48  pm)  are  plotted  in  Fig.  2.  The  results  for  the  two  grain  sizes 
are  indistinguishable  within  the  experimental  scatter.  Also 
included  as  the  solid  curve  in  Fig.  2  is  an  empirical  data  fit  from 
our  earlier  study  on  a  commercial  alumina  with  intermediate 
grain  size."  The  dashed  lines  represent  asymptotic  limits  for  the 
indentation  stress-strain  curve:  (he  lower  inclined  dashed  line  is 
the  linear  relation  for  purely  elastic  contacts  from  Heitzian 
theory" 

Pa  -  (3£/4Trit)(fl/f)  (elastic)  (2) 

where  £  =  393  GPa  is  Young's  modulus  of  the  alumina  and 
k  =  0.88  for  tungsten  carbide  on  alumina;'*-""  the  upper  hori¬ 
zontal  dashed  line  is  an  indentation  hardness  h  =  19.0  ±  2.0 
GPa,  conunon  to  all  grain  sizes,  r^Xained  from  Vickers  tests.'* 

Tte  overlap  in  data  in  Fig.  2  suggests  the  existence  of  a  “uni¬ 
versal”  stress-strain  curve  for  alumina,  implying  a  critical 
stress  condition  for  deformation  independent  of  grain  size  or 
preexisting  flaw  state.  The  data  deviate  below  the  Hertzian  line 
at  pressures  above  Po"-  5  GPa,  marking  the  rmset  of  “yield.” 
Independent  stress-strain  tests  using  tungsten  carbide  spheres 
on  plates  of  the  same  material  show  deviations  above  <w6  GPa, 
indicating  that  part  of  the  deviation  at  the  higher  stress  end  of 
the  curve  in  Rg.  2  could  be  due  to  deformation  of  the  sfriiere. 

(2)  Optical  Microscopy 

Optical  mictoscqry  confirms  that  the  above^nentiooed 
devi^oo  from  Ifertiian  bduvirn- in  Rg.  2  (qrhere  defonnatioo 
notwiflistanding)  is  due  to  the  onset  of  indoitation  damage  in 
die  alumina.  The  nature  of  diis  damage  can  be  deduced  from 
die  mkrogrqih  sequences  in  Figs.  3  and  4,  obtained  using 
die  bonded-intoface  section  tedbmique  described  in  Sect  IL 
Figure  3  shows  how  die  subsurface  damage  develops  in  die 
coarsest  (48  pm)  alumina  as  one  {xoceeds  up  die  stress-strain 
curve  in  Rg.  2.  Thus,  the  sequence  A-B-C-D  shows  section 
views  at  increasing  indentation  pressure.  'Ihe  initiation  of  die 
deformation-aiicrofracture  subsurface  damage  zone,  and  sub¬ 
sequent  expansion  of  this  zone,  are  immediately  iqiparent  from 
the  fiee-surface  relief  displacements  revealed  by  die  Nomarski 
contrast  At  p,  «  5.3  GPa  in  A,  i.e.,  just  above  the  elastic  limit 
in  Fig.  2,  just  3  to  4  grains  have  deformed.  At  increased  pres¬ 
sures,  Po  =  6.2  GPa  in  B  and  7.0  GPa  in  Q  the  numba  of 
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Fig.  2.  Indentation  stress-strain  curve.  Data  are  for  aluminas  of 
3-  and  48-tun  grain  sue.  Inclined  dadied  line  is  Hertziati  elastic 
leqtoose,  and  upper  hoiuantal  dashed  line  is  hardness  (avenged  over 
ail  giain  sizes).  A,  B,  C,  and  D  conespood  to  mietogn^ths  in  Fig.  3. 
Solid  curve  is  an  empirical  fit  to  the  data  for  a  oomtnercial  alumina 
(grain  size  23  |un)&tMn  a  previous  study."  >' 


deformed  grains  increases,  and  the  damage  zone  expands 
toward  the  surface.  At  po  =  8.0  GPa  in  D,  the  damage  is  more 
profuse  and  begins  to  take  on  the  appearance  of  the  well-devel¬ 
oped,  near-hemispherical  deformation  zone  expected  from  con- 
tinuura  plasticity  models." 

The  presence  of  shear  faults  traversing  the  width  of  some  of 
the  deformed  grains  is  cleariy  evident  as  defonnation  (presum¬ 
ably  twin)  lamellae  in  the  micrographs.  Miciocradcs  extending 
along  those  grain  boundaries  inten»cted  by  the  lamellae  ate 
also  evident,  by  virtue  of  greatly  enhanced  interference  contrast 
from  attendant  surface-grain  displacements  and  rotations.  At 
the  higher  pressures  these  mictocracks  terxl  to  link  up  with 
neighbors.  The  microcracks  Zfpcai  to  be  associated  only  wdth 
deformed  grains,  suggesting  that  the  shear  faults  ate  a  necessary 
precursor  to  fracture  diunage  in  these  materials.  We  note  also 
the  variability  in  orientation  of  the  lamellae,  indicating  strong 
crystallographic  features  in  the  damage  pattern. 

The  set  of  micrographs  in  Fig.  4  shows  both  half-surface 
(upper)  and  section  views  Gower)  of  indentations  for  each  of 
the  aluminas,  at  indentation  pressure  p,  =  8.0  GPa.  Again,  dm 
damage  is  ctmlined  within  a  relatively  well-defined  hemi^rheri- 
cal  deformation  zone  below  the  contact  circle.  Note  that  die  sec¬ 
tion  views  reveal  the  subsurface  damage  mote  clearly  than  the 
half-surface  views,  reinforcing  the  utility  of  the  booked-inter¬ 
face  sectioning  teduiique.  Tte  ailment  universality  of  dm 
stress-strain  curve  for  the  two  grain  sizes  in  die  indentation 
stress-strain  curve  of  Hg.  2  (together  with  the  commoa  \Gckeis 
hardness  value  for  all  grain  sizes)  suggests  that  the  net  plastic 


Fig.  3.  Optical  microgrjplu  in  Nomarski  illumination  showing  section  views  of  indentation  sites  in  alumina  of  grain  size  48  |im.  Irxlentations 
made  with  WC  ball  of  radios  r  •  3. 1 8  mm,  at  incieasing  contact  pressures  Po;  (A)  3.3,  (B)  6.2,  (Q  7.0,  and  (D)  8.0  OPa  (cf.  points  A-D  in  Fig.  2). 
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Fig.  4.  Optical  micrographs  in  Nomarski  illumination  showing  half-surface  (top)  and  section  (bottom)  views  of  indentation  sites  in  aluminas  with 
grain  size  (A)  3  |un,  (6)  9  pm,  (C)  IS  pm,  (D)  21  pm,  (E)  3S  pm,  and  (F)  48  pm.  Indentations  made  at  a  fixed  indentation  pressure  p,  =  8.0  GPa, 
using  WC  sphere  of  r^iusr  =  3.18  mm  at  load/*  =  2000  N(cf.  point  D  in  Bg.  2).  Marker  in  (A)  represents  contact  diameter  20  =  SSOpm. 


defonnadon  within  this  subsurface  zone  should  be  the  same  for 
all  die  aluminas.  This  is  not  clear  from  the  micrographs.  Indeed, 
with  the  finest  (3  pm)  material  in  Fig.  4<A)  there  is  no  obvious 
indicatioa  of  any  plastic  deformation  at  all;  however,  the  reduc¬ 
tion  in  attendam  tnicrocracldi^  inevitably  diminishes  the  sur¬ 
face  di^lacements,  and  thence  the  interference  contrast 
Mtaeover,  at  this  level  we  are  approaching  the  limits  of  spatial 
resolution  of  optical  microsctpy. 

Again,  confined,  shear-fault-initiated  microfiactuie  damage 
beneath  the  contact  circle  is  cleariy  evident  in  the  coarsest 
(48  pm)  material  (Hg.  4<F)),  but  spears  to  diminish  progres- 
sivdy  wifii  decreasing  grain  size  in  4.  There  are  indications 
of  a  dueshold  in  die  crack  initiation  process.  Ihis  trend  to 
diminished  miciofiacture  damage  widi  diminishing  grain  size  is 
acconpanied  by  an  increasing  tendency  to  macrocrack  foima- 
tH»  oMndr  the  contact  circle;  in  the  finest  (3  pm)  material 
(Rg.  4(A)),  die  fitacture  pattern  closely  resembles  die  classical 
Hertzian  cone  cnck  in  ideally  bomogoieoas  solids.^  One  firac- 
tnre  is  inhiUted  in  die  coarser  materials  by  die  larger  scale  of 
crack  deflections,  particularly  in  the  substofiMe  Hertzian  field 
where  enforced  deflection  fitom  die  principal  stress  trajectory 
stnfiee  results  in  a  rapid  build-ip  of  conpressive  stresses.^*^ 
Thus,  for  the  coarsest  alumina,  the  partial  cone  crack  at  lower 
right  in  Fig.  4(F)  arrests  at  the  very  first  subsurface  grain  bound¬ 
ary  intersectioa 

Another  feature  in  Figs.  3  and  4  that  warrants  ^lecial  com- 
mem  is  the  stodiastic  nature  of  the  defonnation-fflicrofiracture 
damage  pattern.  It  is  clear  that  not  all  grains  in  the  active  defor¬ 
mation  zone  participate  in  the  damage  process.  The  riiear  faults 
in  those  grains  that  do  deform  show  wide  variability  in  planar 


orientation  within  the  Hertzian  field.  Note  further  that  the  dam¬ 
age  patterns  in  Figs.  3(D)  and  4(F)  differ  considerably  from 
each  other,  although  the  loading  conditions  were  idratical. 
Grain  orientation,  as  well  as  size,  is  clearly  an  important  factor. 

(3)  Acoustic  Emission 

Plots  of  cumulative  acoustic  energy  versus  ekpsed  time  dur¬ 
ing  load-unload  indentation  cycles  for  the  six  aluminas  for  a 
fixed  qihere  size  (r  =  3.18  mm)  ate  shown  in  the  upper  dia¬ 
gram  of  Hg.  S.  The  corresponding  indentation  pressure  (at  con¬ 
stant  crosshead  displacement  rate),  to  a  maximum  value Po 
GPa,  is  included  in  the  lower  diagram. 

Horn  the  plots  in  Hg.  S  it  is  evident  that  all  six  aluminas 
show  acoustic  activity.  There  is  an  initial  inactivity  as  the  pres¬ 
sure  builds  up  and  ultimately  exceeds  tiie  elastic  limit  We  note 
that  tiie  bvdk  of  the  activity  occurs  toward  tile  end  of  the  loadmg 
half-cycle,  as  the  system  traverses  the  upper  reaches  of  tiie  data 
in  Hg.  2.  Relatively  minor  activity  is  observed  during  tiie 
unloading  half-cycle.  There  is  a  clear  discreteness  in  the  acous¬ 
tic  traces,  indicating  tiie  existence  of  well-defined  local  instabil¬ 
ities  in  tile  defannati<m-4racture  process. 

A  systematic  trend  to  increa^  activity  is  apparent  with 
increasing  grain  size.  Fewer,  but  larger,  discrete  jumps  are 
observed  in  tiie  finer  alumina&-(3,  9,  and  15  pm)  during  the 
loading  half-(tycle.  These  jumps  correlate  with  tiie  pr^in  of 
Hertrian  cone  cracks  (H^.  4(A-C)).  More  frequent,  but 
smaller,  jumps  are  observed  in  the  coarser  aluminas  (21, 35,  and 
48  pm).  The  bulk  of  tiie  activity  in  these  latter  cases  appears  to 
correlate  with  progressive  initiation  of  the  subsurface  micro- 
fracture  damage  (Hgs.  3(A-D)),  although  the  underlying 
source  of  the  emissions  (e.g.,  crack  pqi-in)  is  not  unequivocally 
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Load  half-cycle  Unload  half-cycle 


Fig.  5.  Plots  of  cumulative  acoustic  energy  (arbitrary  linear  scale) 
versus  elapsed  dine  during  single  load-unload  indentadon  cycle  at  con¬ 
stant  cro^head  speed  in  alumina  specimens  (upper  diagram),  using 
WC  sfdieie  of  radius  r  =  3.18  mm.  Variation  of  contact  pressure  with 
dme  indicated  (lower  diagram). 


identified  in  our  tests.  Note  also  that  the  onset  of  acoustic  activ¬ 
ity  occurs  eariier  in  fiie  load  cycle  with  increasing  grain  size.  To 
show  the  scaling  trend  more  clearly,  we  plot  in  Fig.  6  the  cumu¬ 
lative  energy  over  the  full  load-unload  cycle  as  a  function  of 
grain  size.  There  is  a  distinctive,  although  not  abrupt,  transition 
in  the  integrated  signal  at  grain  size  •>•20  pm.  These  results  sug¬ 
gest  the  existence  of  a  grain-size  threshold  (vertical  dashed  line 
in  Fig.  6)  above  aliicfa  copious  new  sources  of  acoustic  emis¬ 
sion  are  activated. 

IV.  Disoisskm 

In  this  ps^  we  have  used  Hertzian  indentation  to  investigate 
the  defiormation  and  mkrofiracture  in  polycrystalline  aluminas 
over  a  range  of  grain  sizes.  Our  results  reveal  departures  from 
an  ideally  brittle  leqxmse,  as  measured  on  a  nonlhtear  indenta¬ 
tion  stress-strain  curve.  Such  dqrartures  are  associated  witii  fhe 
generation  of  a  drfoonation-niicrofincture  damage  zone,  here 
revealed  by  a  novel  sectioning  technique,  in  the  confined  region 
of  strong  conmression  and  shear  stresses  beneath  die  indenter.** 
The  fully  devdoped  damage  zone  is  made  iq>  of  an  accnmula- 
tion  at  mkrostiuctuially  ifiscrete  events,  eadi  consisting  of 
some  kind  of  imragiain  shear  faulting  accompanied  by 
iineigiain  mkrocradong.  This  cumulative  damage  zone  is  quite 
dififnimt  fiom  the  continuous  Hertzian  cone  fincmre  diat  occurs 
in  die  weak  tensile  region  outside  die  contact  circle  in  classi¬ 
cally  homogeneous  brittle  materials.*^  The  alumina  micro- 
stnictnre  inqxMes  itself  strongly  on  the  contact  damage  pattern. 

The  issue  of  primaiy  interest  here  in  relation  to  this  deparmre 
from  clasdcal  Heitzian  cone  firacture  toward  cumulative  sub¬ 
surface  microcmdting  is  the  effea  of  grain  size.  Recall  die  dra¬ 
matic  enhancement  of  diis  transition  with  progressive 
microstnictural  coarsening  in  Rg.  4.  Now,  size  effects  are  not 


Crain  size.  /  (pm) 

Fig.6.  PlM  of  peak  acoustic  energy  (Le.,  cumulative  energy  at  end  of 
load-unload  cycle)  as  a  function  of  grain  size,  for  data  obtained  using 
ball  of  radius  r  =  3.18  mm,  at  peak  contact  pressure  p,  =  8.0  GPa 
(cf.Fig.5). 


uncommon  in  brittle  cracks  where  some  kind  of  competition 
between  deformation  (volume-controlled)  and  firacture  (area- 
controlled)  is  involved.*-*^  This  is  true  even  of  Hertzian  tests 
in  homogeneous  solids  (e.g.,  glasses  and  single  crystals),  where 
the  use  of  ever-smaller  spheres  suppresses  cone  fracture  in 
favor  of  subsurface  shear-fault  deformation,  reflecting  the  well- 
documented  transition  in  indentation  response  from  “blunr  to 
“sharp.”*-*'**  In  Rg.  4,  however,  the  indenter  radius  is  held  fixed, 
so  we  are  dealing  here  exclusively  with  microstnictural  scaling. 

It  is  therefore  of  interest  to  consider  the  nature  of  the  defor- 
mation-microfiracture  pattern  more  closely  in  this  context  of 
microstnictural  scaling. 

(/)  Deformation 

The  existence  of  a  universal  nonlinear  stress-strain  curve  in 
Rg.  2  for  alumina,  independent  of  grain  size,  reflects  an  intrin¬ 
sic  “plasticity”  in  the  mechanical  response  at  high  contact  pres¬ 
sures.  The  curve  deviates  from  the  Hertzian  elastic  prediction 
above  ■»  5  GPa,  corresponding  to  an  “indentation  yield 
stress”  for  the  material.”-**  This  deviation,  together  with  the 
observation  in  Rg.  3  that  the  damage  initiates  beneath  the  con¬ 
tact  in  the  region  of  maximum  shear,  implies  that  the  deforma¬ 
tion  component  is  governed  by  some  critical  faulting  stress.” 
The  mictogtapbs  in  Hgs.  3  and  4  show  the  subsurface  faults  in 
the  alumina  to  be  in  the  form  of  twin/sUp  bands  contained 
witiiin  individual  grains,  arrested  at  their  ends  by  the  grain 
boundaries.  The  characteristic  scale  of  individual  faults  within 
eadi  grain  is  tiierefore  governed  by  the  grain  size.  On  the  other 
hand,  Ibe  qipaient  universality  of  Ae  curve  and  hardness  values 
for  die  aluminas  in  Rg.  2  indicates  that  the  net  deformation  is 
not  limited  by  the  grain  size,  i.e.,  that  tiie  integrated  volume  of 
defocmed  material  over  tiie  contact  zone  is  microstnicturally 
invariant 

Poritive  identification  and  detailed  analysis  of  tiie  fundamen¬ 
tal  microriiear  processes  re^ionsible  for  tiie  contact  defoima- 
tion  in  tiie  aluminas,  paiticulaily  at  the  finer  grain  sizes,  ate 
issues  for  further  study. 

(2)  Micrpfneture 

On  the  otiier  hand,  grain  size  has  a  strong  effect  on  the  micro- 
crackiiig  damage.  This  is  reflected  most  dramatically  in  the 
acoustic  emission  data  in  Fig.  S.  Qose  inspection  of  the  micro- 
gnqtiis  in  Figs.  3  and  4  indicates  that  the  microcracks  initiate 
from  tiie  larn^  shear  faults  and  extend  over  one  to  three  grain 
facets.  The  lack  of  any  acoustic  activity  during  unloading  sug¬ 
gests  that  microorack  pop-in  occurs  only  during  the  loading 
half-cycle.  However,  such  microcracks  will  te  subject  to 
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intense  constraining  hydrostatic  compression  at  full  load,  so  a 
significant  proportion  of  the  extension  may  actually  take  place 
stably  (and  quietly)  on  release  of  the  compression  during 
unloading  (cf.  gro\^  of  lateral  (racks  during  unloading  in 
sharp-indenter  fields/-”)  The  amount  of  extension  from  each 
micnxaack  nucleus  will  depend  criticaily  on  the  sign  and  inten¬ 
sity  of  residual  thermal  expansion  anisotropy  stresses  at  the 
grain  bouitdary;  clearly,  the  greatest  extension  will  occur  from 
those  facets  that  experience  tensile  stresses.  These  same 
stresses  will  also  limit  the  extension  of  die  mitrociacks,  as  they 
encounter  (impressive  facets  and  become  increasingly  subject 
to  grain-bridging  tractions.” 

This  deformation-mitrofracture  description  allows  os  to 
construct  a  simplistic  model  for  the  influence  of  grain  size  on 
ctmtact-induced  mitrofiracture  in  alumina.  Consider  a  volume 
element  in  the  compression-shear  deformation  zone  beneath 
the  contact  circle,  as  shown  in  the  schematic  of  Fig.  7.  Here, 
—(7,  and  — (T,  are  principal  compression  stresses  in  the  Hert- 
rian  field  Those  compressitm  stresses  are  generally  unequal,  so 
there  is  a  component  of  shear  acting  on  planes  inclined  to  the 
principal  axes,  attaining  a  maximum  value  |(a,  -  cr,)  at  4S°. 
The  shear  component  initiates  intiagrain  faults  ¥F,  which  arrest 
at  die  weak  grain  boundaries  and  generate  stress  intensities 
there.  If  die  stress  intensities  ex(xed  a  critical  level,  micro- 
cracks  FC  pop  in.  A  (aitical  condition  for  such  pop-in  may  be 
determined  by  regarding  die  faults  FF  as  shear  cracks  with  net 
shear  tractions  5  =  |t|  —  (t|<rj  —  TFattiieirintetfaces.**-“Tand 
a  are  resolved  shear  and  (compressive)  normal  components  of 
the  contact  stress  field  at  the  fault  plane,  direcdy  proportional  to 
the  mean  contact  pressure  p,!  fi-  is  a  coefficient  of  sliding  fric¬ 
tion  between  contacting  surfaces;  and  Tp  is  an  intrinsic  fault 
(Xihesion  (e.g.,  twinning)  stress.  A  minimum  requirement  for 
crack  initiation  is  that  the  yield  point  on  die  indenution  stress- 
strain  curve  in  Fig.  2  should  be  exceeded  corresponding  to  S  - 
Sy,  with  Sy  a  material  constant  Then  one  may  write  a  stress- 
intensity  factor  K  =  4'5y/'”  for  the  shear  fault,  with  /  a  grain 
dimension  and  i)i  a  crack  geometry  term  dqiendent  on  the  angle 
between  FF  and  FC.’  Microcrack  initiation  occurs  along  FC 
when  the  stress  intensity  equals  the  grain  boundary  toughness, 
i.e.,  K  =  Tg,  corresponding  to  a  critical  grain  size 


Fig.  7.  ScfaematwiifdefonnatuMi-aiiGrofnctuiedaiiiageinpolycTys- 
taUiiie  alumiiui  ceramic,  grain  size  /.  Volume  eiemem  is  subjer^  to 
oomptenive  normal  itietaea  -or,  and  -o,  along  contact  axis  below 
tphafcal  indenter.  Shear  atresaes  (arrows)  initiaie  intragrain  lamellae 
IT,  which  pop-in  intergrain  micfociacksFC  at  their  ends. 


U  =  (Vq/Sy)'”  (3) 

A  mote  comprehensive  analysis  of  microcrack  initiation, 
iiKluding  a  description  of  the  subsequent  propagation  into  the 
adjacent  mitaostructure,  will  be  given  elsewhere.” 

Two  aspects  of  the  deformation-microfracture  observations 
reported  in  Sect  m  that  warrant  special  consideration  are 
stochastics  and  flaw  sensitivity.  The  stochastic  nature  of  the 
microstructurally  discrete  damage  alluded  to  in  Sect  III(2) 
appears  to  be  the  result  of  a  complex  interplay  of  statistitad  vari¬ 
ation  in  both  relative  size  and  crystallographic  orientation  of 
individual  pains.  Even  the  most  uniform  poly(uystals,  includ¬ 
ing  the  aluminas  used  in  the  present  study,  ate  characterized  by 
a  distribution  of  grain  sizes  about  a  mean;  and  twin/slip  defor¬ 
mation  of  alumina  occurs,  only  on  certain  preferred  (uystallo- 
graphic  planes.”  Hence  the  largest,  “(xirrectly”  oriented  grains 
in  the  Hertzian  compression-shear  zone  will  deform  first, 
resulting  in  a  grain-by-grain  activation  within  the  ultimate 
deformation  zone  as  one  prtigtesses  up  the  indentation  stress- 
strain  curve.  This  stochastic  element  will  inevitably  reflect  in 
Eq.  (3),  accounting  for  tiie  lack  of  an  abrupt  grain  size  cutoff 
(vertical  dashed  line)  in  Fig.  6. 

Flaw  sensitivity  is  of  interest  in  relation  to  the  susceptibility 
of  polycrystalline  ceramics  to  damage  accumulation  in  contact 
stress  fields.  Of  particular  interest  is  the  issue  of  preexisting 
(e.g.,  processing)  flaws  vs  contact-induced  flaws.  In  Hg.  2, 
stress-strain  data  from  the  present  study  obtained  on  equiaxed, 
homogeneous,  “defect-free”  aluminas”  overlap  (at  least  within 
experimental  scatter)  die  solid  curve  from  a  previous  study  on  a 
nonequiaxed,  inhomt^eneous,  commercial  alumina  with  a  rela¬ 
tively  high  density  of  large  processing  flaws.”  This  implies  that 
preexisting  defect  populations  are  not  of  great  consequence  to 
contact  damage  of  the  kind  observed  in  Figs.  3  and  4.  The  con¬ 
tact  process  generates  its  own  flaw  population,  via  the  precursor 
shear  faulting. 

These  results  have  important  implications  concerning  the 
microstructural  design  of  ceramics  for  improved  contact'^tem- 
age  resistance.  Most  obvious  is  the  refinement  of  grain  size,  to 
minimize  the  prospect  of  microcrack  initiation.  Such  an 
approach  is  not  inconsistent  with  precedent  work  on  the  wear  of 
ceramics,  where  deiueased  grain  size  leads  to  demonstrably 
reduced  removal  rates.  However,  the  insensitivity  of  con¬ 
tact  damage  to  preexisting  flaws  suggests  processing  strategies 
quite  different  from  the  traditional  ones  in  which  preexisting 
flaw  populations  ate  painstakingly  eliminated.*'  Instead,  the 
emplmis  shifts  to  refining  the  grain-size  distribution,  to  avoid 
the  occasional  large  grain  or  grain  cluster.  Again,  we  would 
emphasize  that  some  of  these  strategies  may  run  counter  to 
those  required  for  improved  lorig-(uack  tou^mess,  especially 
in  ceramics  that  exhibit  toughening  by  grain-interlock 
bridging.*"” 

Another  interesting  materials  design  aspect  pertains  to  the 
effect  of  environment-assisted  slow-crack  growth,  particularly 
from  atmospheric  water,  (xi  contact  damage.”  Since  the  contact 
deformation  initiates  in  die  subsurface  Hertzian  field,  the  ensu¬ 
ing  microcracks  do  not  have  access  to  the  external  chemical 
environment,  at  least  not  until  die  damage  xtrot  becomes  suffi- 
ciently  large  that  it  intersects  the  contact  surface.  This  su^ests 
that  the  effect  of  slow-crack  growth  may  play  no  role  in  die 
early  developmental  stages  of  die  defonnation-miciofracture 
process.  Unto  such  cmiditions  the  observation  of  damage 
accumulation  in  repeated  contacts”  can  be  attributed  to  a  true 
mechanical  fatigue  process. 

Although  we  have  focused  our  attention  here  exclusively  on 
alumina,  the  basic  features  of  die  Hertzian  deformation-micro- 
fracture  damage  process  envisaged  in  Fig.  7  may  be  considered 
generic  to  hetoogeneous  ceramics.  Key  to  diis  kind  of  damage 
is  the  existence  of  weak  planes  in  the  microstructure,  either 
intragrain  or  intergrain,  so  that  some  kind  of  easy  shear  faulting 
may  occur  in  the  subsurface  compression-shear  zone.  In  the 
case  of  alumina,  die  faulting  is  in  the  form  of  crystallographic 
lamellae  within  individual  grains.  Intersection  of  the  lamellae 
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with  the  weak  grain  boundaries  allows  for  a  concentration  of 
stress  intensity,  which  in  turn  facilitates  intergranular  micro- 
cracking.  Othu  faulting  mechanisms  are  identified  in  other 
ceramic  types;  in  softer  moiK>[rfiase  polyciystals,  e.g.,  magne¬ 
sium  oxide,  straightforward  crystallographic  slip;^^  in  silicate 
glasses,  a  breakdown  of  the  network  structure  at  tte  dieotetical 
cohesive  shear  stress;^^  in  machinable  glass-ceramics,  sliding 
at  weak  interfaces  between  crystallized  mica  flakes  and  the 
glass  matrix;”  in  complex  rocks,  a  multiplicity  of  intrinsic  and 
extrinsic  frictional  sluing  defect  planes.^  This  suggests  that, 
while  fine  details  of  the  slip  process  may  be  material-specific, 
the  larger  concept  of  deformation-induo^  damage  in  Hertzian 
contact  fields  is  broadly  tqtplicable. 

It  is  flietefore  evident  that  die  Hertzian  test  offers  certain  ben¬ 
efits  as  a  means  for  investigating  the  general  deformatitm  and 
fracture  properties  of  brittle  ceramics.  Some  of  this  information, 
in  partiailar  that  relating  to  the  deformation  component,  is  not 
accessible  using  conventional  strength  and  toughness  tests, 
because  in  diose  tests  the  inevitable  dominance  of  tensile 
stresses  promotes  the  pn^iagation  of  a  single  well-developed 
crack  at  the  expense  of  potentially  competitive  shear  processes. 
To  obtain  information  on  such  shear  processes  it  is  necessary  to 
contrive  a  test  [vocedure  with  a  high  component  of  hydrostatic 
compression  to  sui^ness  or  restrict  the  fiacture,  as  in  die  tiadi- 
tionai  (but  cooqilex)  confined-pressure  apparatus  used  by  geo¬ 
physicists.^  Vidceis  (or  Knoop)  hardness  indoitation  is  the  (me 
roudne  form  of  mechanical  testing  used  by  ceramists  that  does 
provide  the  necessary  high  shear  component  for  activation  of 
irreversible  deformation.  The  relad  ve  advantage  of  the  Hertzian 
test  is  that  one  can  study  die  evolution  of  the  damage  pattern, 
from  initial  elastic  to  final  fully  plastic  contact,  providing  infor¬ 
mation  (m  the  short-crack  microfracture  processes  that  control 
fundamental  fatigue  and  wear  properties  of  britde  ceramics. 

Acknowiedgments:  We  liunk  H.  Cai  and  M.  A.  Stevens  KatcefT  for 
fniitfiil  discussiOQt  and  S.  J.  Bennison  and  P.  CKantikul  for  providing  the  alu¬ 
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A  new  prooessii^  strategy  based  on  atmospheric  pressure 
sintering  is  prcsnted  for  obtaining  dense  SiC-based  materi* 
ais  widi  mterostmctuies  consisting  of  (i)  nniformly  distrib* 
utod  ebmeMe-shaped  a-SiC  grains  and  (u)  reladvdy  high 
amonnts  (20  to1%)  of  secoo<H>ha$e  yttrium  alununnm  gar* 
net  (YAG).  This  strata  entails  the  Entering  of  p-SiC  pow* 
der  ik^ted  widi  a-SiC,  AljOj,  and  Y jO j.  The  AIjOj  and  Y jO, 
aid  in  the  liqaid*phase  sintering  of  SiC  and  form  in  dtu 
YAG,  which  has  a  stgaificant  thermal  eipansioo  mismatcfa 
with  SiC  Daring  a  subsequent  grain*growth  heat  treat* 
meat,  it  is  postnbited  that  ^  a*SiC  ’‘seeds”  assist  in  con* 
troOing  in  site  growth  of  the  elongated  a*SiC  grains.  The 
ftnctnre  pattern  in  the  in  site*toaghened  SiC  is  intergimu* 
iar  with  evidence  of  copioas  cracfc*wake  bridgiiig,  akin  to 
toagbened  Si^4  ceramics.  The  elongate  nature  of  the  a*SiC 
grains,  togetto  with  the  Ugh  tiien^*residual  stresses  in 
the  mkrostractnre,  enliaaoe  die  observed  -  crack*waiK 
bridging.  This  bridgh>S  accounts  for  a  measured  twUdd 
increase  in  the  indentation  toughness  of  this  new  dass  of  in 
site*toagliened  SiC  relative  to  a  commercial  SiC 

1.  Introduction 

SOiOON  CARBIDE  can  be  pressureless  sintered  with  the  aid  of 
C  and  B  to  near  full  d^ity  at  tetnperatuies  in  excess  of 
2100’C'  The  resulting  SiC  materials,  which  have  fine-grain 
equiaxed  mkrostructuies  (grain  size  1  to  4  pm),  show 
inqnoved  Ugb-temperature  creep  and  oxidation  resistance.^ 
However,  die  low  fiacture  toughness  (3  to  4  MPam*^)^  and 
higbly  flaw-senative  strength’  of  those  SiC  materials  at  room 
tempenture  limit  dieir  use  in  many  potential  structural 
appUcatioas. 

It  has  been  demonstrated  that  sintering  of  SiC  can  be 
achieved  at  relatively  lower  tempmtures  (ISSCT  to  2000*X]) 
with  the  addition  of  small  quandties  of  AlxO,^  and  AljO,  + 
YiOj  (or  iaie*eardi  oxides)*''*  via  die  liquid-idiase-sintaing 
mechanism.  The  resulting  materials  have  equiaxed  fin^grain 
midosinictuies  with  second  phases  located  at  triple  juncti^  of 
SiC  graii^'^'*''*  Tlransniission  electron  microscopy  (TEM) 
studies  suggest  diat  die  two-gisin  juncdons  in  some  of  those 
SiC  materials  are  firee  of  any  infergriuiular  phases,  whicfa  makes 
those  «M«wriai«  creep  resutant’  Therefore,  without  sacrifidng 
the  hi^Hempaanire  properties,  the  processing  tenqienmires  of 
SiC  can  be  reduced  1^  diooang  liquid-phase  aotering  over 
solid*state  «m*ering  However,  room-temperature  ficacture 
tou^mess  of  die  avritaMe  fiquid-phase-stnteted  SiC  materials 
remains  low.*  hi  one  instance,  high  toughness  in  fine-grain 
(*>2*1101  grain  size)  li^ud-phase-rintered  SiC/YAO  has  been 
reported.”  However,  in  tUl  study  the  detaib  of  processing  and 
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miciostnicture  development  have  not  been  presented,  and  the 
explanation  offered  for  the  observed  toughening  is  open  to 
question. 

In  the  present  study  we  have  used  pressureless  liquid.phase 
sintering  to  process  SiC-based  ceramics  and  have  adiieved  con¬ 
siderable  increase  in  the  room-temperature  fiacture  tou^mess. 
We  use  the  toughening  mechanism  of  crack  bridging  by  grains 
in  the  wake  of  the  crack  tip.  The  crack-wake  bridging  approach 
has  been  successfiiUy  applied  to  many  ceramics  wite  equiaxed 
coarse-grain  microstiuctures.'*’'*  It  has  also  been  demonstrated 
that  the  efficacy  of  crack-wake  bridging  can  be  augmented  by 
botii  imndiicing  elongate-shape  irinforoenients  (vritiskets,'* 
grains'*)  and  increasing  the  thennal-expansion-mismatch  stress 
by  including  an  appropriate  second  ph^'*-**  in  the  mkaostnic- 
ture.  Itere  we  are  ^e  to  form  bofli  ^  elongated  SiC  grains  and 
file  high  tiiennal-expansion-inismatdi  second  phase  YjAl^u 
(yttrium  aluminum  garnet  or  YAG)  (Aa  *>  5.1  X  10~‘  *C"') 
in  situ  during  processing,  instead  of  by  the  more  conventional 
route  of  processing  toughened  ceramics,  viz,  addition  of 
whisken/^latelets^Huticles  followed  by  hot-pressing.  Our 
approach  is  analogous  to  the  m  situ  toughening  in  gas-pressure- 
sintered  SijN4-based  ceramics,'*^'  but  with  the  added  s^antage 
in  our  case  of  sintering  at  atmospheric  pressure  in  an  ordinaiy 
graphite  furnace. 

The  in  situ-toughening  route  has  several  advantages  over  the 
conventional  route,  viz,  no  health  hazard  associated  with 
whiskers,  potential  to  fabricate  conqilex  shapes  and  laige  size 
components,  atmospheric  pressure  sintering,  and  high  rein¬ 
forcement-phase  volume  fiaction.  All  those  advantages  can 
contribute  to  considerable  saving  in  the  cost  of  a  component, 
making  tiie  in  situ  approach  an  attractive  one  for  SiC 

In  this  papa  we  describe  a  processing  strategy,  uring  ^-SiC 
starting  powder  doped  witii  o-SiC  AljO, ,  and  Y^O,  powtto,  to 
adiieve  microsiiuctures  consisting  of  tmifonnly  distributed  30 
vol%  elongated  a-SiC  grains  and  20  vol%  second-phase  YAG. 
We  also  present  evide^  for  copious  cradc-wake  britl^ing  in 
tiiose  SiC  materials,  along  with  some  preliminaiy  indentation- 
toughness  measurements. 

n.  Experimental  iVocednre 

Submicrometer  size  powders  of  ^-SiC,  a-SiC  YjOj  (H.  C 
Starck,  Berlin,  Germany;  BIO,  AlO,  Fine-Grade,  respectively), 
and  AljO,  (AKP-30,  Sumitomo  Chonicals,  Tokyo,  Japan)  were 
used  as  starting  materials.*  Six  batdies  of  powder  were  mixed, 
eadi  containing  80  v(fi%  SiC  (a-  andkir  ^•)  and  Al}0,:Ya0,  in 
molar  ratio  3:5  to  yield  20  vol%  YAG.  The  relative  coottot  of 
a-SiC  powder  in  those  batelies  was  0,0.1,0.2, 0.5, 1.0,  and  100 
vol%.  Individual  powder  batdies  were  biended  intimately  by 
wet-ball-milling  in  metfaand  for  24  h.  All  individual  slunies 
were  then  stined  triule  drying  on  a  hot  plate. 

Individual  powder  batdies  (—7  g)  were  placed  in  polyetiiyl- 
ene  bags  and  deaggiomerated  by  cnishing  widi  a  toller.  Those 
powder  batdies  were  uniaxially  pressed  into  pellets  (25-inm 
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diameter  X  7-mm  thickness)  at  50  MPa  pressure  in  a  graphite 
die,  followed  by  cold  isostatic  pressing  at  350  MPa. 

All  the  green  pellets  were  packed  in  loose  SiC  powder  (600 
grit  Qystolon,  Noiton,  Worcester,  MA)  in  a  graphite  cnicible 
widi  a  screwable  lid.  Layers  of  AljO,  powder  (IS-pm  size, 
Budiler,  Lake  Bluff,  IL)  were  placed  inside  the  cnicible  near 
the  bott^  and  the  top  of  the  crucible  cavity.  The  crudble  was 
then  closed  ti^itty  and  placed  in  a  graphite  furnace  (Astro 
Industries,  Sai^  Rosa,  CA)  fw  sintering.  All  pellets  were  given 
a  base  sintering  beat  treatment  of  1900%  for  0.5  h  in  a  flowing 
argon  gas  atmoqihere,  using  heating  and  cooling  rates  of 
6(XfCyh  and  ITOOXVh,  respectively.  Some  of  the  as-sintered 
pellets  were  again  packed  in  SiC  powder  in  die  grafdiite  cruci¬ 
ble,  but  diis  time  without  any  Al^O,  in  the  paddng  powder. 

were  then  given  a  second  grain-growth  heat  treatment  of 
2000%  for  2, 3,  or  4  h  (same  conditions  as  before).  The  ratio¬ 
nale  for  using  in  ^  paddng  powder  and  the  proper  clo¬ 
sure  of  die  crudUe  is  discuked  in  Did). 

Dimenskins  of  all  individual  pellets  were  measured  before 
and  after  eadi  heat  treatment  to  compute  shrinkages.  Denrities 
of  some  pdlets  ground  to  a  diidcness  of  ^2.5  mm  were  mea¬ 
sured  using  the  Aicfaiinedes  principle.*' X-ray  difftaction  using 
C^a  radhuion  (Philqis,  ^hwah,  NI)  was  performed  on  ail 
the  ground  spedmens.  On^  sections  of  the  pellets  were  pol¬ 
ished  to  1  |un  tiring  routine  ceramogr^ihic  tediniques,  and 
were  gdd-ooaied  prior  to  observation  in  a  scanning  electron 
microsoope  (SEM)  equipped  widi  an  energy-disperrive  spec¬ 
trometer  (EC^)  (1830,  Amray,  Bedford,  MA).  . 

A  polisbed  section  of  a  setocted  in  shu-toughened  (1ST)  SiC 
qiecinien  was  indented  using  a  Vickers  diamond  pyramid  at 
loads  ranging  from  5  to  200  N.  For  comparison,  a  pressureless 
sintered  conmseicial  SiC  (Hexoloy  SA.  Carborundum,  Niag^ 
Falls,  NY)  (HSA),  with  the  same  percent  theoretical  densiQr 
(979b)  as  tWof  OTand  an  average  grain  size  of  4  pm,  was  also 
indented.  Lengdis  of  tiie  surface  traces  of  well-defined  radial 
cradts  from  five  indentations  per  indentation  load  were  mea¬ 
sured  for  tile  two  materials,  using  an  optical  microscope  (Epi- 
phot,  Nikon,  Tokyo,  Japan). 

m.  Results 

(1)  Pneetsing 

Density  and  shrinkage  for  the  specimens  made  from  tiie  six 
different  starting  powders  that  underwent  only  the  base 
sinteting  heat  treatment  were  found  to  be  indqietident  of  tim 
powder  conqiosition.  The  denrities  in  each  case  were  >99.5% 

the  theoretical  limit  of  3.484  g/cm*  (calculated  uring  density 
values  of  3.217  g/cm*  for  SiC  and  4JS3  g/cm*  for  YAG). 
Diametric  and  axial  shrinkages  for  all  tiiose  specimens  were 
determined  to  be  »13%  and  ">16%,  respectively.  AD 
qiedmens  were  found  to  be  composed  ptimarUy  of  p-SiC 
(excqit  for  tim  spedmen  made  witii  all-a-SiC  starting  powder) 
and  YAG,  uring  X-ray  thfftaction.  The  mictostiuctures  for  all 
the  spedmens  consisted  of  fine  eqniaxed  SiC  grains  (average 
size  *«2  iun)  and  the  surrounding  YAG  phase. 

Cordery  er  of.*"  have  demonstnted  that  the  presence  of  AIP3 
in  the  green  pellet  is  esseittial  for  die  soccmsful  shneting  of 
SiC  IRiwever,  during  the  rinteting  heat  treatment,  tim  Mfis 
from  die  pdlm  volarilizes  rqMy,  resulting  in  incotiqilme 
denrification.  This  proUem  was  overcome  by  creating  an 
excess  pressure  of  riumnnim  oxide  gas  species  (AlO.  Mfi) 
around  die  peikt  by  including  AI2O,  in  die  packing  powder  and 
suitably  enclosing  die  cradle  cavity.'*’  The  second  grain 
growth  beat  treatment  was  carried  out  on  as-sintered  pdlets 
winch  did  not  require  AljOi  in  die  packing  powder. 

Now  consider  the  sintered  qiecunens  that  underwent  die 
aecond  gram-growth  heat  treatment  During  diat  heat  treatment, 
r^anfless  of  the  powder  composition  and  heat-treatmem  time, 
no  fiirdier  rioinkige  was  obs^ed.  However,  the  second  beat 
treatment  (indqietkient  of  the  heat-treatment  time)  resulted  in  a 
considerable  decrease  in  the  density  from  the  as-fired  level  of 


99.5%.  Figure  1(A)  shows  such  a  result  for  a  beat  treatment  of 
2000*C  for  3  h.  From  Fig.  1(A)  it  can  also  be  seep  that  the 
density  increases  with  increasing  a-SiC  seed  content,  with  the 
excqition  of  the  specimens  made  with  all-<x-SiC  starting 
powder.  At  a  fixed  a-SiC  seed  coritent,  the  overall  densities 
were  found  to  decrease  widi  increasing  heat-treatment  time 
Figure  1(B)  illustrates  diat  trend  fix'  specimens  containing  0.5 
vol%a-SiC  seeds. 

All  beat-treated  specimens  were  found  to  be  conqiosed 
primarily  of  a-SiC  and  YAG,  by  X-n^  diffraction  analysis. 
However,  the  presence  of  small  quantities  of  yttrium 
aluminosilicates  could  not  be  ruled  out 

lugures  2(A)  and  (B)  show  rqiresentative  microstrucoires  of 
specimens,  heat  trer^  at  2000%  for  3  h,  widi  all-^-SiC  and 
all-a-SiC  starting  powders,  respectively.  Note  die  nonuniform 
grain  structure  (5  to  300  pm)  in  the  all-^-SiC  starting  powder 
specimen  (Fig.  2(A)).  In  contrast,  the  specimen  with  all-a-SiC 
starting  powder  shows  a  uniformly  distributed  eqtuaxed  fine¬ 
grained  structure  (average  size  »•  5  pm)  (lug.  2(B))- 

Figures  3(A  to  Q  show  iqxeseotative  rmarDstcuctures  of 
qiecimens  containing  0.5  vol%  a-SiC  seeds  heat-treated  at 
2000%  for  2, 3.  and  4  h,  respectively.  Comparison  of  Hgs.  2(A) 
and  (B)  widi  Fig.  3(B)  hi^ghts  the  effect  of  seeding  on  the 
microsauctuie;  note  the  lelatively  uniform  distribiirion  of 
elongated  shaped  a-SiC  grains  (2  to  8  pm  wide,  5  to  40  pm 
long)  in  Fig.  3(B).  Note  also  die  increase  in  the  scale  of  die 
microstructure  from  Fig.  3(A)  (2  to  4  pm  wide,  5  to  20  pm 


(A) 


Fig.1.  (A)  Plot  ofdensity  versus  a-SiC  seed  content  for  postsiatering 
h(^  treatment  of  2000%  for  3  h.  The  top  dashed  lines  represent 
as-sintered  density  (99.5%).  (B)  Plot  of  density  'versus  postshitering 
heat-treatment  time  at  2000%  for  material  with  0.5  val%  a-SiC  seeds. 
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Fig.  2.  SEM  (backscaneied  electrons)  miciostnicnires  of  matetials 
with  poststntering  heat  treatment  of  TOIXfC  for  3h;  (A)  all•^-SiC  start¬ 
ing  powder  and  (B)  all-a-SiC  staiting  powder.  Gray  pli^  is  SiC  «diite 
phase  is  YAG,  and  the  black  regioa  is  porosity  and/or  grain  pullout. 


long)  to  Hg.  3(Q  (4  to  12  pm  wide,  5  to  100  |un  long).  The 
microstnictutes  in  Ftgs.  3(A  to  Q  show  a  bimo^  distribution 
of  a-SiC  grains.  However,  the  grain  growth  in  those  seeded 
specimen  appears  to  occur  in  a  self-similar  maimer. 

(2)  Mechaaieai  Behavior 

A  specimen  with  0.5  vol%  a-SiC  seeds  heat-treated  for 
2000°C  for  3  h  (IST)  (Fig.  3(B))  was  chosen  for  preliminary 
toughness  evaluation.  That  choice  was  based  on  the  trade-off 
between  density  and  microstructural  coarseness  (Hg.  1(B)  and 
Figs.  3(A  to  Q).  (Qualitative  oixservations  of  Vickors 
indentation  crack  patterns  revealed  that  die  most  extensive 
crack-wake  bridging  occurred  in  specimens  with  relatively  high 
density  and  interiMdiate  microstructuial  coarseness.  Figure 
4(A)  shows  a  plot  of  indentation  load  versus  crack  length  for 
materials  HSA  and  IST. 

The  toug^uiess  is  evaluated  using  dm  equilibrium  relation  for 
/IT-fiekl  generated  by  the  elastic-plastic  contact  of  a  Videos 
indentation  on  a  brittle  solid  for  ni^  crack  geometry:” 

Kv  =  xP/c^  =  T  (1) 

where  T  is  the  toughness,  x  is  the  indentation  contact-field 
parameter  (which  depends  on  the  square  root  of  the  ratio  of 
elastic  modulus  to  hardness  E/H),  F  is  the  indentation  load,  and 
c  is  the  crack  length.  Fits  to  Eq.  (1)  (solid  lines  in  Fig.  4<A)) 
pass  dirou^  the  data  points,  implying  cracks  of  radial 
geometry.”  Since  the  EIH  ratios  for  HSA  (16.5,  Ref.  2)  and  IST 
(17.0,  this  study)  are  similar,  and  the  density  for  bodi  materials 
is  97%,  it  can  be  assumed  that  the  x  values  are  the  same  for  the 
two  materials.  Theiefote,  the  toughness  of  IST  relative  to  HSA 


Fig.  3.  SEM  (backscaneied  electrons)  microstructmes  of  materials 
containing  05  vd%  o-SiC  seeds  widi  postsintering  heat  treatments  of 
2000°C  for  (A)  2  h,  (B)  3  h.  and  (CD  4  h.  ICf.  Fig.  1(B).)  Phase  denott- 
tions  same  as  in  Fig  2.  The  arrow  in  (Q  indicates  grayish  Y-,  A1-,  and 
Si-containing  region. 


is  determined  by  the  relative  positions  of  the  two  data  on  the 
c~P  plot  in  Fig.  4(A).  It  is  seen  that  at  any  given  indentation 
load  the  crack  leng^  for  our  IST  ate  smaller  dian  drat  for  HSA 
(Fig.  4(A)),  implyiitg  toughening  of  IST.  The  relative  toughness 
of  IST,  Tbt/Thsa.  fot  indentation  load,  which  is  given  by 
(Chsa/^bt)’"’  is  plotted  in  Hg.  4(B)  (right  axis  rqnesents 
abrolute  toughness,  using  the  toughness  value  of  4.0  MPa-m'" 
for  HSA^).  Note  the  almost  twofold  increase  in  the  toughness 
of  IST. 

Figures  S(A)  and  (B)  show  typical  crack  patterns  from  the 
comer  of  200-N  indentations  in  HSA  and  IST,  respectively. 
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Fig.  4.  (A)  Crack  length  versus  indentation  load  responses  of  a  com¬ 
mercial  SiC  (HSA)  and  in  MOf-tougbeiied  (1ST)  SiC  containing  0.5 
vol%  a-SiC  seeds  with  postsiniering  heat  treatment  of  2000X:  fen-  3  h 
(cf.  Hg.  3(B)).  All  datum  poiras  are  avenges  of  five  indentations,  and 
error  bars  are  standard  deviation  bounds;  error  bars  smaller  than  the 
size  of  the  symbols  are  omitted.  Solid  lines  are  fits  to  Eq.  (1).  (B)  Plot  of 
relative  toughness  and  absolute  toughness  value  of  1ST  as  a  function  of 
indentatioa  load.  Dashed  line  represents  the  toughness  of  HSA. 


Fiom  Fig.  5(A)  it  can  be  seen  that  the  crack  in  HSA  is  relatively 
straight,  with  a  traction-&ee  wake.  On  the  odier  hand,  in 
Hg.  5(B)  1ST  shows  a  tortuous  fracture  padi  with  several 
instances  of  crack-wake  bridging  by  elongated  SiC  grains 
(arrows). 

TV.  Disciisrioo 

In  diis  paper  we  have  demonstrated  die  feasibility  of  a  new 
processing  technique  for  obtaining  dense  SiC-based  ceramics 
with  unique  microsiiuctures  and  enhanced  toughness,  liquid- 
phase  sinteruig  of  diose  SiC  ceramics  was  carried  out  with  the 
aid  of  AljO)  and  YjOj.  Based  on  dietmodynamical  calculadcms, 
die  ability  of  A1]P,  and  YjO}  in  aiding  liquid-irtiase  sintering  of 
StC^”  hu  been  attributed  to  the  lack  of  decemposidon  of  SiC 
by  those  oxides  in  the  temperature  range  2027”  to  2127”C." 
However,  the  mechanism(s)  of  the  sintering  remains  unclear; 
Recendy,  it  has  been  proposed  that  Ostwald  ripening  by 
solution  and  reprecipitation  controls  the  sintering  mechanism 
in  the  SiC/YAG  system.'^  In  most  of  the  aforementioned 
liquid-phase-sintering  studks”''*^'^'”  (and  solid-state-sintering 


Flg.5.  SEM(secondaiyetectKio)  images  ofcncks(ninniiig  fiom  led 
to  right)  fmm  the  comets  of  200-^  indentations  in  (A)  HSA  and  (B) 
1ST.  Anows  in  S(B)  indicate  ciack-wake  bridging  sites.  Phase  denota¬ 
tion  same  as  in  Hg.  2. 


studies”)  of  SiC,  the  starting  powder  used  was  a-SiC*  This  is 
because  a-SiC  is  the  most  stable  fonn  of  SiC  at  both  low  and 
high  temperatures  and  usually  results  in  fine-grain  equiaxed 
microstructures  (Fig.  2(B)).  The  use  of  ^-SiC  as  the  starting 
powder  also  results  in  line-grain  equiaxed  micFOStiuctures, 
provided  the  sintering  temperature  is  low  (1850°  to  1900°C^  as 
in  the  case  of  liquid-phase  sintering).  Heat  treatment  at  higher 
temperatures  (>195()”C)  results  in  the  p  — >  a  transformation, 
which  is  accompanied  by  exaggerated  grain  growth  of 
elongated  a-SiC  grains  (Fig.  2(A)).  It  is  presumed  that  those 
exaggerated  a-SiC  grains  grow  tom  the  preexisting  a-SiC 
trace  impurities  in  the  otherwise  pure  p-SiC. 

By  deliberately  adding  a  predeteimined  amount  of  a-SiC 
seeds,  uniformly  distributed  elongated  grain  microstructures 
can  be  obtained  (Figs.  3(A  to  C)).  It  is  clear  that  the  a-SiC  seeds 
assist  in  the  control  of  grain  growth.'  The  mechanism  by  which 
that  control  occurs  remains  to  be  determined.  The  seeding  tech¬ 
nique  for  microstructural  control  during  solid-state  sintering  in 
SiC  has  been  previously  used.”  However,  die  addition  of  a-SiC 
seeds  to  P-SiC  in  that  study  resulted  in  porous  (80%  to  85% 
dense)  microstructures.  Note  that  in  the  solid-state-sintering 
case,  due  to  the  high  temperatures  employed  (21 10”Q,  sinter¬ 
ing  and  ^  » a  transformation  occur  simultaneously,  resulting 
in  the  formation  of  a  rigid  network  of  elongated  a-SiC  grains 
and  ineventing  full  de^ficatitm.”  In  contrast,  in  the  liquid- 
jdiase-sintering  case,  the  sintering  occurs  first  at  a  lower  tem¬ 
perature  (1900^,  while  the  P  — » a  transframation  is  allowed 
to  occur  later  in  as-sintered  specimens  during  subsequent  high- 
temperature  heat  treatments. 

Hum  Hgs.  1(A)  and  (B)  it  was  seen  that  the  density 
decreased  during  the  grain  growth  heat  treatments.  It  was  noted 
that  specimens  heat-treated  at  20(X)°C  for  4  h  revealed  isolated 
macrosize  pore  chaiuiels  running  through  them.  Also,  the  for- 
nution  of  Y-,  A1-,  and  Si-containing  regiems  were  detected 
(arrow  in  Fig.  3(C))  in  diose  specimens.  Those  observations 


The  aysal  nmctuie  of  SiC  exMUu  ouny  polytypes.  Mon  of  thoM  polyiypei  lunc 
«  bexegooil  suuctuie  end  eie  coUeciively  icfciTed  lo  as  o-SiC;  the  cubic  vaiiatiaii  is 
lefened  to  as  P-SiC. 

’Successful  use  of  seeding  in  the  contiol  of  microsinictufal  evolution  in  oxide 
ceramics  has  been  demanstrited  by  Messing  era/.’* 
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suggest  dm  prolonged  exposure  to  high  temperatures  may 
Cavor  reactions  between  SiC  and  YAG  fonniitg  escaping  gas¬ 
eous  species,  leading  to  the  decrease  in  the  density  (Hgs.  1(A) 
and  (B)).  At  this  time  we  do  not  have  an  eiqilanation  for  the 
dependence  ofdensity  on  the  a-SiC  seed  content  (Fig.  1(A)). 

It  is  acknowledged  that  elongated-grain  structures  in  SiC  are 
not  unoominon.^  However,  the  fracture  mode  in  diose  odier 
matnials  is  almost  invariably  transgranular,^  Including  any 
possibili^  cf  cradc-wake  bridging.  It  is  suggested  dm  in  our 
1ST  SiC  the  presence  of  a  lelati^y  hi^  volume  firacdoo  of 
YAG  (20  v6l%)  results  in  relatively  w^  inierphase  bound¬ 
aries  and  lii^  internal  residual  stresses,  the  essential  ingredi¬ 
ents  for  intergranular  fiactuie,  which  is  a  prerequisite  for  the 
fotntation  of  bridges  in  die  cra^  wake.” 

The  almost  twofold  increase  in  the  toughness  of  1ST  relative 
to  HSA  was  seen  in  Hgs.  4(A;.  and  (B).  That  increase  in  die 
toi^iness  is  attributed  to  the  toughening  roedianism  of  crack- 
wake  bridging  in  1ST  SiC,  wh^  is  clearly  absent  in  HSA 
(Hgs.S(A)and(B)). 

Ceranucs  with  ctack-vrake  bridging  usually  exhibit  R~  or 
r-cnrve  bdiavk»'  in  which  the  toughness  is  a  function  of  oack 
size.  Pnom  Fig.  4(B),  7-curve  in  1ST  is  not  ai^aieot;  die  rdative 
toughness  is  constartt  at  *>2.  That  truy  be  due  to  die  limhatkm 
of  the  indentation  toughness  tedinique  in  discerning  7-curve 
bdiavior.  Recendy,  odm  tests  such  as  indentatioo-strengdi  mid 
toughness  measurement  have  shown  7-curve  bdiavior  in  our 
1ST  SiC,  wltidi  is  the  subject  of  a  sqmate  publicatioiL” 

Finally,  m  sitt(4ougheiied  SiC  may  have  significant  potmtial 
as  a  tedrologically  importam  ceramic.  Also,  die  diennal  stabil¬ 
ity  md  creqi  resistance  of  both  SiC  and  YAG  may  have  dg- 
nificant  implications  on  the  high-temperature  performance  of 
die  in  situ-toughened  SiC.  Sir.tering,  microstructure  develop¬ 
ment.  and  fracture  in  this  new  class  of  toughened  SiC  ceramics 
are  far  fiom  well  understood,  which  presents  an  interesting 
scientific  diallenge. 
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Making  Ceramics  ''Ductile” 

Brian  R.  Lawn,*  Nitin  P.  Padture.t  Hongda  Cai.t 
Fernando  Guiberteaut 

Distributed  irreversible  deformation  in  otherwise  brittle  ceramics  (specificalty,  in  silicon 
carbide  and  micaceous  glass-ceramic)  has  been  obsenred  in  Hertzian  contacts.  The 
deformation  takes  the  form  of  an  expanding  microcrack  damage  zone  below  the  contact 
circle,  in  place  of  the  usual  single  propagating  macrocrack  (the  Hertzian  “cone  fracture”) 
outside.  An  important  manifestation  of  this  deformation  is  an  effective  "ductility”  in  the 
indentation  stress-strain  response.  Control  of  the  associated  brittle-ductile  transition  is 
readily  effected  by  appropriate  design  of  weak  interfaces,  large  and  elongate  grains,  and 
high  intemai  stresses  in  the  ceramic  microstructure. 


Ceramics  have  been  cited  as  the  “materiab 
of  the  future.”  However,  ceramics  are  also 
notoriously  brittle  and  are  subject  to  cata¬ 
strophic  £iilure  from  the  growth  of  a  single 
dominant  crack  (1).  They  are  limited  in 
their  use  as  load-bearing  materials  by  a  low 
intrinsic  tou^iness  and,  correspondingly,  a 
lack  of  ductiUty  to  absorb  mechanical  ener¬ 
gy.  Of  the  various  mechanisms  that  have 
been  advocated  for  imparting  tou^mess  to 
ceramics  (i),  the  most  widespread  and 
practical  is  that  of  “bridging,”  in  which 
fHcticmal  pullout  of  interlocki^  grains  and 
second-phase  particles  retards  crack-wall 
separation  (2,  3).  Toughrress  then  becomes 
a  rising  function  of  crack  size  [so-called 
rou^^iness-curve,  or  resistance-curve,  be- 
har^  (1)].  A  most  important  element  in 
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the  enhancement  of  bridging  is  the  con¬ 
trolled  introduction  of  weak  interfaces  on 
the  microstructural  scale,  to  deflect  the 
primary  crack  and  thereby  generate  a  more 
effective  interlocking  structure.  One  can 
also  enhance  bridging  by  coarsening  and 
elongating  the  grain  structure  and  by  incor¬ 
porating  internal  mismatch  stresses  (1,  4, 
5).  Thus  to  gain  toughness  in  ceramics,  one 
builds  in  microstructural  heterogeneity. 
However,  there  is  a  price  to  pay.  Toughness 
is  improved,  but  only  in  the  “long-crack” 
region.  In  the  “short<rack”  region,  built-in 
weakness  can  enhance  fracture  at  the  mi- 
crostructural  level,  reducing  laboratory 
strength  (6)  and  increasing  the  susceptibil¬ 
ity  to  wear  and  erosion  (7,  8). 

In  view  of  this  teiuiency  toward  coun¬ 
tervailing  interrelations  in  toughness  prop¬ 
erties,  surprisingly  litde  effort  has  been 
made  to  understand  the  seemingly  deleteri¬ 
ous  short-crack  properties  of  heterogeneous 
ceramics.  We  argue  that  these  same  seem¬ 
ingly  deleterious  properties  also  have  poten¬ 
tial  benefits.  The  impetus  for  this  assertion 
comes  from  our  recent  contact  study  on  a 


moderately  tough,  coarse-grain  alumina 
(9).  Our  test  uses  the  classical  Hertzian 
configuration  of  an  indenting  sphere  on  a 
flat  specimen  surface  (10).  A  rich  literature 
exists  for  Hertzian  tests  on  homogeneous 
brittle  solids,  notably  glass,  in  which  a 
cone-shaped  crack  (the  Hertzian  fracture) 
forms  in  a  region  of  weak  surface  tensile 
stress  outside  the  contact  circle  (11-16). 
No  such  literature  exists  for  analogous  tests 
on  heterogeneous  tough  ceramics.  In  our 
study  on  coarse  alumina,  we  found  no 
well-defined  cone  crack  but  rather  a  damage 
zone  of  distributed  intergranular  microfiac- 
tures  in' a  region  of  high  shear  stress  below 
the  contact  circle.  Stress-induced  intra¬ 
grain  twins  appeared  to  act  as  essential 
crack  precursors  in  the  alumina  by  concen- 
trati  t  stresses  at  the  weak  grain  bound¬ 
aries.  The  subsurfoce  microfracture  damage 
zone  expanded  with  repeat  loading,  indicat¬ 
ing  a  pronounced  “fatigue”  characteristic. 

We  have  performed  Hertzian  tests  on 
ceramic  systems  whose  microstructural  het¬ 
erogeneity  was  tailored  by  heat  treatments. 
In  their  base  homogeneous  forms,  these 
ceramics  are  classically  brittle  and  exhibit 
the  familiar  cone  fractures.  In  their  heter¬ 
ogeneous  forms,  however,  these  same  ce¬ 
ramics  are  subject  instead  to  subsurface 
microfracture,  leading  to  an  effective  “duc¬ 
tile”  response  in  the  contact  behavior.  The 
results  have  profound  implications  concern¬ 
ing  the  capacity  of  brittle  solids  to  sustain 
mechanical  damage  and  absorb  energy. 
Most  important,  the  results  suggest  ways  in 
which  such  radical  “brittle-ductile  transi¬ 
tions”  in  the  mechanical  response  of  ceram¬ 
ics  may  be  effected  by  controlled  micro- 
structural  modifications. 

In  our  Hertzian  test,  a  hard  sphere  of 
radius  r  was  loaded  onto  a  flat  specimen 
surface.  From  the  load  P  and  contact  radius 
a,  we  plot  indentation  stress  po  =  P/m^ 
versus  indentation  strain  o/r  (17)  to  pro¬ 
duce  an  indentation  stress-strain  curve.  A 
special  specimen  configuration,  consisting 


Fig.  1.  Irxientation  stress-strain  curve  for  silicon 
carbide  in  homogeneous  fine-grain  and  heter¬ 
ogeneous  coarse-grain  forms.  Data  taken  with 
tungsten  carbide  spheres  in  the  radius  range  r 
from  1.58  to  12.7  mm. 
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of  rwo  polished  rectangular  half-blocks 
bonded  together  with  thin  adhesive,  al¬ 
lowed  us  to  obtain  section  as  well  as  surface 
views  of  the  contact  damage  (18).  Indenta¬ 
tions  were  placed  symmetrically  across  the 
sur^ce  trace  of  the  bonded  interface  on  the 
top  surface.  After  indentation,  the  adhesive 
was  dissolved  and  the  half-blocks  separated 
to  reveal  the  subsurface  damage.  The  top 
and  side  surfaces  of  a  given  half-block  were 
then  coated  with  gold  and  viewed  in 
Nomarski  illumination. 

In  our  first  example,  we  compared  two 
forms  of  silicon  carbide,  a  ceramic  tradi¬ 
tionally  known  for  its  innate  hardness  and 
brittleness.  The  first  form,  a  commercially 
available  monophase  material  (19),  had  a 
fine,  equiaxed,  well-bonded  microstructure 
(grain  size  »=  4  p.m).  The  second  form,  a 
material  we  developed  by  incorporating  an 
yttrium-aluminum-gamet  (YAG)  sintering 
agent  and  subjecting  the  sintered  material 
to  a  grain-growth  heat  treatment  (20),  had 
a  coarsened,  elongated  microstructure 
(grains  —3  p.m  thick  and  25  p.m  long)  with 
weakened  interfaces  between  matrix  grains 


Ra.2.  Half-surface  (top)  and  section  (tx}ttom) 
views  of  Hertzian  contact  damage  in  silicon 
carbide,  from  a  tungsten  carbide  sphere  of 
radius  r  >  3.18  mm  at  load  P  =  2000  N.  (A) 
Homogeneous  fine-grain  form  showing  well-de¬ 
fined  cone  crack  (stress  Po  =  7.44  GPa):  (B) 
heterogeneous  coarse-grain  form  showing  dis¬ 
tributed  subsurface  damage  (stress  -  7.20 
GPa). 


and  boundary  phases.  The  microstructural 
conditions  in  the  second  form  were  condu¬ 
cive  to  enhanced  grain  bridging  and  there¬ 
fore  to  enhanced  long-crack  toughness. 

The  indentation  stress-strain  curve  for 
the  homogeneous  form  (Fig.  1,  open  cir¬ 
cles)  shows  little  nonlinearity,  indicating 
essentially  elastic-brittle  behavior.  By  con¬ 
trast,  the  curve  for  the  heterogeneous  form 
(Fig.  1 ,  filled  circles)  tends  toward  a  “yield” 
response,  more  characteristic  of  ductile  sol¬ 
ids.  In  micrographs  of  the  contact  damage, 
we  observe  a  transition  from  well-defined 
cone  fracture  (Fig.  2A)  to  distributed  sub¬ 
surface  microfracture  (Fig.  2B)  with  the 
increase  in  microstructural  heterogeneity. 
Higher  magnification  reveals  a  relatively 
uninterrupted  (transgranular)  crack  path  in 
Fig.  2A  and  locally  deflected  (intergranu¬ 
lar)  microfractures  along  the  weak  inter¬ 
phase  boundaries  in  Fig.  2B. 

An  even  more  striking  illustration  of  the 
effect  of  microstructural  heterogeneity  on 
the  intrinsic  mechanical  response  is  afford¬ 
ed  by  a  micaceous  glass-ceramic  (21).  This 
ceramic  has  a  respectable  long-crack  tough¬ 
ness  (22).  It  conversely  has  a  low  short- 
crack  toughness,  a  notable  consequence  of 
which  is  that  the  material  is  readily  ma¬ 
chinable  (23).  In  its  base  glass  state,  the 
material  is  effectively  homogeneous  on  the 
microscale.  A  controlled  heat  treatment 
crystallizes  mica  flakes  (—1  p-m  thick  and 
10  p.m  long)  in  the  glass  matrix,  with  weak 
interphase  boundaries,  to  produce  the  glass- 
ceramic.  Whereas  the  indentation  stress- 
strain  curve  for  the  base  glass  shows  little 
nonlinearity,  the  curve  for  the  crystallized 
glass-ceramic  shows  a  dramatic  yield  turn¬ 
over  (Fig.  3).  Half-surface  and  section  mi¬ 
crographs  of  the  contact  damage  in  the  base 
glass  (Fig.  4A)  reveal  classical  Hertzian 
cone  fracture.  In  the  glass-ceramic  (Fig. 
4B),  the  damage  is  contained  wholly  sub¬ 
surface  and  has  the  macroscopic  appearance 
of  a  plastic  zone  in  metals  (18).  Higher 
magnification  of  the  areas  within  the  sub¬ 
surface  damage  zones  revealed  local  shear 


R9.3.  Indentation  stress-strain  curve  for  glass- 
ceramic  in  base  glass  and  crystallized  forms. 
Data  taken  with  tungsten  carbide  spheres  in  the 
radius  range  rfrom  0.79  to  12.7  mm. 


fractures  along  the  mica-glass  interfaces, 
with  some  linkage  and  coalescence  in  the 
glass  matrix  at  heavier  loads. 

The  distinctive  change  from  classical 
cone  fracture  to  distributed  microfracture 
damage  with  increased  microstructural  het¬ 
erogeneity  (Figs.  2  and  4)  denotes  a  new 
kind  of  brittle-ductile  tratuition  in  ceramic 
materials.  This  transition  is  apparent  as  an 
increased  nonlinearity  and  a  corresponding¬ 
ly  greater  work  of  penetration  in  the  inden¬ 
tation  stress-strain  functions  (Figs.  1  and 
3).  It  foreshadows  a  greater  resistance  to 
strength  degradation  and  an  enhanced  ca¬ 
pacity  for  energy  absorption  from  spurious 
contacts  and  impacts. 

Microscopically,  the  subsurface  damage 
responsible  for  the  ductility  originates  from 
some  local  shear-driven  deformation  pro¬ 
cess.  The  nature  of  this  process  is  funda¬ 
mentally  different  from  the  dislocation  pro¬ 
cesses  that  operate  in  metak  (IT).  Instead, 
the  deformation  originates  at  “shear  faults” 
in  the  grain  microstructure.  The  key  is  the 
presence  of  intrinsically  weak  interfaces  to 
create  and  arrest  the  faults,  and  perhaps 


Fig.  4.  Half-surface  (top)  and  section  (bottom) 
views  of  Hertzian  contact  dam^e  in  glass- 
ceramic.  from  a  tungsten  carbide  sphere  of 
radius  r  =  3.18  mm  at  load  P  •  1000  N.  (A) 
Base  glass  form  showing  well-defirred  cone 
crack  (stress  Po  =  288  GPa);  (B)  partially 
crystallized  form  shoviring  distributed  subsur¬ 
face  damage  (stress  Pb  =  1  87  GPa). 
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also  to  provide  favored  padts  for  ensuing 
extensile  microcxacks  at  die  fault  edges,  with¬ 
in  the  subsut&ce  Hertzian  stress  fieM.  In  the 
silicon  carbide  (Fig.  2),  the  shear  hiults  form 
at  the  intet^tces  between  die  matrix  grains 
and  the  grain  boundary  (YAG)  phases.  In  the 
^ass-ceramic  (Rg.  4),  they  form  at  the  mica- 
interface.  This  transition  to  apparent 
ductility  in  otherwise  highly  britde  ceramics  is 
attributable  to  die  large  com{»essive  compo¬ 
nent  of  contact  stress  fields  (13,  16).  The 
deflection  of  any  downward  propagating  sur- 
&ce  ring  cracks  along  grain  or  interflce 
boundaries  away  from  die  tensile  stress  trajec¬ 
tories  (13)  suppresses  die  development  of  a 
sin^  cone  crack,  and  at  the  same  time,  the 
actkxi  of  strong  shear  stresses  on  the  weak 
idanes  in  die  cotifming  subsur&ce  zone  pro¬ 
motes  die  development  of  a  population  of 
highly  stabilized  miaocracks.  The  latter  kind 
of  distributed  damage  has  been  widely  consid¬ 
ered  in  the  fracture  of  rocks  (24),  where 
hydrostatic  compressive  fields  are  the  notm, 
but  not  in  advanced  cersmiics,  whose  design 
has  hitherto  been  based  predominandy  on 
singde-crack  mechanics. 

Our  results  are  of  special  relevance  to 
die  mechanical  response  of  ceramics  where 
highly  localized  mechanical  or  thermal 
stresses  are  likely  (10),  such  as  in  beatings, 
local  impact  conditions,  refractories,  and 
medical  implants  (for  example,  tooth  re¬ 
storatives).  The  implication  is  that  one  may 
design  ceramic  microstructures  to  change 
the  very  native  of  the  damage  behavior  and 
so  optimize  the  medrariical  response  to  suit 
particular  applications. 
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Deformation  and  fracture  of  mica-containing  glass-ceramics 
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The  Hertzian  indentation  response  of  a  machinable  mica-containing  glass-ceramic 
is  studied.  Relative  to  the  highly  brittle  base  glass  from  which  it  is  formed,  the 
glass-ceramic  shows  evidence  of  considerable  “ductility”  in  its  indentation  stress-strain 
response.  Section  views  through  the  indentation  sites  reveal  a  transition  from  classical 
cone  fracture  outside  the  contact  area  in  the  base  glass  to  accumulated  subsurface 
deformation-microfracture  in  the  glass-ceramic.  The  deformation  is  attributed  to 
shear-driven  sliding  at  the  weak  interfaces  between  the  mica  flakes  and  glass  matrix. 
Extensile  microcracks  initiate  at  the  shear-fault  interfaces  and  propagate  into  the  matrix, 
ultimately  coalescing  with  neighbors  at  adjacent  mica  flakes  to  effect  easy  material 
removal.  The  faults  are  subject  to  strong  compressive  stresses  in  the  Hertzian  field, 
suggesting  that  frictional  tractions  are  an  important  element  in  the  micromechanics. 
Bend-test  measurements  on  indented  specimens  show  that  the  glass-ceramic,  although 
weaker  than  its  base  glass  counterpart,  has  superior  resistance  to  strength  degradation 
at  high  contact  loads.  Implications  of  the  results  in  relation  to  microstructural  design 
of  glass-ceramics  for  optimal  toughness,  strength,  and  wear  and  fatigue  properties 
are  discussed. 


I.  INTRODUCTION 

Hertzian  indentation  of  homogeneous  brittle  mate¬ 
rials,  such  as  glasses  and  single  crystals,  has  received 
extensive  attention  in  the  literature. Above  a  crit¬ 
ical  load,  a  ring  crack  initiates  in  the  weakly  tensile 
region  just  outside  the  circle  of  contact  with  the  indent¬ 
ing  sphere,  propagates  dovraward  as  a  surface-truncated 
cone,  and  finally  anests  at  a  depth  approximately  equal 
to  the  contact  radius.^^  This  is  the  so-called  Hertzian 
cone  cracL^*  Hertzian  fracture  is  of  interest  to  materials 
scientists  for  its  uncommon  insight  into  the  stability  of 
strength-degrading  fiaws^  and  for  its  intrinsic  relation 
to  material  toughness.*’^ 

Few  Hertzian  indentation  studies  have  been  made  of 
the  newer  generation  of  tougher  polycrystalline  and  two- 
phase  ceramics,  where  microstructure  plays  a  critical  role 
in  the  firacture  behavior.  Some  cone  fracture  observations 
have  previously  been  reported  on  low-toughness  fine- 
grain  monophax  ceramics^*^  and  brittle  lithium-silicate 
glass-ceramics.^’^  Higher  long-crack  fracture  toughness 
occurs  in  those  ceramics  with  larger  grains  and  greater 
internal  mismatdi  stresses^*^  and  is  attributable  most 
commotdy  to  cradt-interface  “bridging”  from  interlock- 


^^Ooeit  Sdentist  oa  leave  firam  Department  of  Materials  Science  and 
Fngineering.  Lehi^  Univeisity,  Bethlehem,  Pennsylvania  1801S. 

Sdeatisi  on  leave  6om  Department  of  Applied  Physics,  Uni- 
veiaity  of  Technology,  Sydney,  New  South  Wales  2007,  Australia. 


ing  grains  or  particks.^-^’"^'  Recently,  examination  of 
Hertzian  indentations  in  a  coarse-grain  ptolycrystalline 
alumina^^  has  revealed  a  radical  departure  from  the 
classical  fracture  pattern;  the  cone  crack  is  suppressed 
in  favor  of  distributed  damage  in  a  zone  of  high 
compression-shear  beneath  the  contact  circle,  more 
reminiscent  of  deformable  solids.  The  subsur&ce 
damage  takes  the  form  of  deformation-microfracture 
by  precursor  intragrain  twin/slip  and  subsequent  grain- 
localized  intergranular  micro^cture.  Repeat  loading 
exacerbates  the  extent  of  the  subsurface  damage,  lead¬ 
ing  to  microcrack  coalescence  and  ultimately  surface 
removal.’^  The  transition  from  cone  fracture  to  accu¬ 
mulated  damage  zone  occurs  above  a  threshold  grain 
size,  indicating  a  microstructural  scaling  effect.”  Thus, 
the  same  microstructural  elements  responsible  for  the 
enhanced  toughness  properties  change  the  entire  nature 
of  the  fracture  damage  process. 

One  class  of  ceramics  that  has  received  considerable 
attention  for  use  as  model  two-phase  systems  as  well  as 
in  practical  applications  is  glass-ceramics.”  A  system 
of  particular  interest  is  that  of  a  glass  matrix  containing 
crystallized  mica  platelets,  the  size  and  density  of  which 
may  be  readily  controlled  by  simple  heat  treatments.”^ 
Mica-containing  glass-ceramics  are  best  known  for 
their  easy  machinability,”~”  an  attractive  quality  for 
forming  operations  used  in  dental  restorations^  and 
other  applications.  Yet  these  same  glass-ceramics  have 
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respectable  long-<rack  toughness.^’’^*-^*  Such  counter- 
vaUing  responses  in  the  short-crack  and  long-crack 
regions  raise  questions  as  to  the  role  of  the  mica-matrix 
microstructure  in  the  micromechanisms  of  deformation 
and  firacture. 

In  this  p:q)er  we  study  the  Hertzian  indentation 
response  of  one  mica-containing  machinable  glass- 
ceramic,  “Macor”,  using  comparison  tests  on  the 
precursor  “green”  glass  to  establish  a  baseline  brittle 
state.  We  will  show  that  in  the  Macor,  as  in  coarse- 
grain  alumina,  well-defined  cone  fracture  is  supplanted 
by  accumulated  subsurface  deformation-miciofiracture 
d^age.  This  transition  is  quantified  on  an  indentation 
stress-strain  curve.  The  deformation  takes  the  form 
of  shear  faulting  along  weak  mica-glass  interfaces. 
Microcradcs  extend  from  the  ends  of  these  faults  into 
the  glass  matrix,  and  ultimately  coalesce  with  their 
neighbors  to  effect  material  fragmentation  and  removal. 
The  shape  of  the  macroscopic  damage  zone  is  discussed 
in  relation  to  the  distribution  of  shear  stresses  beneath 
the  contact  area,  with  due  allowance  for  sliding  fiction 
tractions  at  the  compressively  closed  faults.  Strength 
degradation  associated  with  the  damage  is  measured  as 
a  function  of  indentation  load  for  both  the  crystallized 
and  green  Macor,  and  is  discussed  in  terms  of  the 
relative  toughness  properties. 

li.  EXPERIMENTAL 

The  material  used  in  this  study  was  a  commer¬ 
cial  mica-containing  glass-ceramic,  produced  under  the 
trade  name  Macor  (Q>ming  Inc.,  Coming,  NY).  Macor 
composition  in  weight  %  is  46%  Si02,  14%  MgO, 
16%  AI2O3,  10%  K2O,  8%  B2O3,  and  6%  F).  In  its 
final  heat-treated  form,  Macor  exists  in  a  partially  crys- 
tallused  state,  with  composition  »5S%  fiuorophlogo- 
pite  mica  and  **>45%  borosilicate  glass.  Specifically, 
the  microstiuctuie  consists  of  a  network  of  randomly 
oriented  interlocking  mica  flakes.^^  The  individud 
flakes  are  approximately  10  fita  in  surface  dimension 
parallel  to  Ae  cleavage  basal  plane,  and  1  to  2  fim 
thick  nmmal  to  this  plane.  Simplistically,  the  network 
of  dosely  padted  pUmes  of  weakness,  i.e.,  mica  basal 
dexvage  a^  mica-glass  interfaces,  facilitates  easy  frac- 
tuie  in  the  short-crack  domain,  tiiereby  accounting  for  the 
madiinaWlity.”  At  the  same  time,  once  a  crack  develops 
over  a  scale  large  relative  to  the  microstructure  the  mica 
flakes  act  as  effective  bridges  across  the  separation  plane, 
gtvirtg  rise  to  a  progressively  rising  toughness  curve  and 
enhartdng  the  long-crack  toughness.^* 

The  “green”  glass  from  whidi  the  final  crystal¬ 
lized  fcmn  of  Macor  is  derived  was  used  as  a  refer- 
erme  material  for  baseline  comparison.  This  base  glass 
has  an  opalescent  white  color,  due  to  the  presence 
of  subrrricrotrteter-scale  fluorine-rich  droplets  from  liq¬ 


uid  phase  separation  during  the  original  glass-forming 
process.^®  The  droplets  comprise  nucieation  centers  for 
the  ultimate  formation  of  mica  phases  in  the  crystalliza¬ 
tion  heat  treatmcnts.^^^’ 

Plate  specimens  25  mm  square  and  4  mm  thick  were 
cut  from  billets  of  mica-containing  Macor  and  base 
glass.  Surfaces  for  indentation  stress-strain  testing  were 
polished  with  diamond  paste  to  1  fim  finish,  and  then 
coated  with  gold.  Indentations  were  made  using  tungsten 
carbide  spheres  of  radii  r  =  0.79,  1.19,  1.98,  3.18, 
4.76,  7.94,  and  12.70  mm,  over  a  load  range  /*  =  0  to 
2000  N  using  a  universal  testing  machine  (Instron  Model 
1122,  Instron  Corp.,  Canton,  MA).  Residual  traces  in 
the  gold  layer  enabled  determinations  of  contact  radius 
a  at  each  applied  load,^^  and  thence  contact  pressure 
(po  =  Pitre?)  as  a  function  of  indentation  strain  (a/r) 
(see  Sec.  III). 

For  detailed  microscopic  investigation  of  the  sub¬ 
surface  damage,  a  special  bonded-interface  specimen 
configuration  was  employed,^^  following  a  procedure 
first  described  by  Mulheam.^^  In  this  configuration, 
shown  in  Fig.  1,  two  half-specimens  with  polished  sur¬ 
faces  were  clamped  together  with  a  thin  layer  (‘^^l  /u.m) 
of  a  cyanoacrylate-based  adhesive  (SuperBonder,  Lodte 
Corp.,  Newington,  CT)  to  form  a  bonded  interface.  The 


'I 


FIG.  1.  Heitziaii  test  georaetiy  for  bonded-interface  specimen. 
Sphere,  radius  r,  delivers  load  P  over  contact  radius  a.  Spedmen 
consists  of  two  polished  halves  bonded  across  the  interface. 
Compressive  stresses  beneath  contact  (arrows)  and  tom  extemal 
clamping  (not  shown)  maintain  contact  between  specimen  halves 
during  indentation. 
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ultimate  indentation  test  surface  was  then  ground  and 
polished  perpendicular  to  the  bonded  interface.  A  se¬ 
quence  of  mutations  was  subsequently  made  along  the 
interface  trace  at  the  test  surface,  taking  special  care  to 
keep  the  contacts  centered  across  this  trace.  It  was  found 
beneficial  to  apply  a  clamping  stress  normal  to  the  inter¬ 
face  during  indentation  to  minimize  intersurface  sepa¬ 
ration.  After  indentation,  the  interface  specimens  were 
soaked  in  acetone  to  dissolve  the  adhesive  and  to  sepa¬ 
rate  the  specimens  into  their  two  halves.  After  cleaning 
the  suifa^,  reflection  optical  microscopy  in  Nomarski 
interference  contrast  was  used  to  examine  the  subsurface 
deformation  and  firacture  patterns  in  section  view. 

Some  Vickers  indentations  were  made  to  measure 
the  hardness  of  the  base  glass  and  the  mica-containing 
glass-ceramic. 

Bars  48  X  6  X  4  mm  were  machined  for  measure¬ 
ment  of  strength  degradation  from  Hertzian  contact 
damage.  The  prospective  test  faces  and  sides  of  these 
bars  were  polished  to  3  /zm  finish.  All  specimens  were 
chamfered  at  their  edges  and  acid-etched  in  2%  HF 
solution  for  IS  min  to  minimize  edge  failures  in  the 
ensuing  strength  tests.  The  strength  tests  themselves 
were  conducted  in  four-point  bending.  An  indentation 
was  made  at  the  center  of  each  polished  surface  at  a 
specified  contact  load,  using  a  sphere  of  radius  3.18  mm 
at  a  loading/unloading  rate  100  N  *  s~‘.  At  low  loads  in 
the  base  glass,  multiple  indentations  were  made  in  order 
to  ensure  the  most  favorable  conditions  for  cone  firac¬ 
ture.  Some  specimens  were  left  unindented  to  measure 
“natural”  strengths.^  A  drop  of  silicone  oil  was  placed 
on  the  indentation  sites  prior  to  flexure,  and  the  tests 
conducted  in  rapid  loading  (<S0  ms  failure  time)  to  min¬ 
imize  effects  of  slow  crack  growth  from  environmental 
moisture.  Broken  specimens  were  examined  to  ensure 
that  the  fracture  originated  from  the  indentation  sites. 
Those  that  did  not  were  included  in  the  data  pool  for 
unindented  specimens  because  fracture  originated  fiom 
“natural”  flaws  in  those  specimens. 

III.  RESULTS 

A.  Indentation  stress-atrain  cuives 

Indentation  stress-strain  data  for  the  Macor  mica- 
containing  glass  ceramic  and  the  base  glass  are  shown 
in  Fig.  2.  The  responses  were  obtained  by  monitoring 
mean  contact  pressure 

po  *=  (1) 

as  a  fimction  of  the  geometrical  ratio  a/r,  with  P  the 
indentation  load,  a  the  radius  of  contact,  and  r  the  sphere 
radius.  The  data  for  each  material  fall  on  a  universal 
curve,  independent  of  r,  consistent  with  the  principle 
of  geometrical  similarity.^®’*®’^  In  the  low-strain  elastic 


FIG.  2.  Indentation  stress-strain  curves  for  Macor.  mica-containing 
glass-ceramic  and  base  glass,  using  WC  spheres  of  radii  r  “  0.79, 
1.19,  1.98,  3.18,  4.76,  7.94,  and  12.70  mm  (not  distinguished  on 
data  points).  Solid  curves  are  empirical  fits  to  the  data.  Inclined 
dash^  lines  are  Hertzian  elastic  responses  computed  fiom  Eq.  (2) 
using  Young’s  modulus  from  independent  ultrasonic  measurement 
and  Poisson’s  ratio  from  manufocturer’s  specifications  as  follows: 
£s  “  614  GPa  and  vs  “  0.22  for  WC  spheres;  E  “  TJ  GPa  and 

V  “  0.29  for  base  glass  (upper  dashed  line);  and  £  *■  63  GPa  and 

V  —  0.29  for  Macor  (lower  dashed  line).  Horizontal  dashed  lines 
indicate  Vickers  hardness  for  base  glass  (upper)  and  Macor  (lower). 
Points  a,  b,  c,  and  d  on  Macor  curve  correspond  to  pressures  used 
later  in  sequence  in  Fig.  4. 

region  prior  to  irreversible  deformation,  the  data  lie  close 
to  the  inclined  dashed  lines  representing  the  classical 
Hertzian  relation^’^®; 

po  =  (3£/4irk)(a/r),  (2) 

where  E  is  Young’s  modulus  of  the  specimen  material; 
k  =  (9/16)[(l  —  p^)  +  (1  —  v|)(£/£,)]  is  a  dimen¬ 
sionless  constant  of  each  indenter/specimen  combina¬ 
tion,  with  p  Poisson’s  ratio  and  subscript  S  desi^ating 
the  sphere  material.  Young’s  moduli  used  in  our  eval¬ 
uations  of  Eq.  (2)  were  determined  from  independent 
ultrasonic  measurements  on  the  Macor  and  base  glass, 
and  are  included  in  the  caption  to  Fig.  2.  In  the  high- 
strain  region  the  data  approach  the  hardness  values  from 
the  Vickers  tests. 

We  note  the  clear  distinction  in  stress-strain  response 
between  the  crystallized  Macor  and  precursor  base  glass. 
Tlie  base  glass  behaves  in  an  ideal  brittle  manner,  with 
near-linear  response  over  the  data  range.  By  contrast, 
the  mica-containing  Macor  deviates  dramatically  from 
the  linear  response  at  a  relatively  low  indentation  stress. 
It  is  evident  that  crystallization  of  the  mica  phase  has 
conferred  a  degree  of  “plasticity”  to  the  glass-ceramic, 
more  like  a  ductile  metal  than  a  brittle  ceramic. 
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B.  Microscopic  observations  of  subsurface 
damage 

Half-surface  and  side  views  of  Hertzian  indentations 
in  the  base  glass  are  shown  in  Fig.  3.  Classical  concentric 
cone  cracks^’*’**’^’^’  are  observed.  The  contact  radius 
at  maximum  pressure  lies  just  within  the  outermost 
surface  ring  in  Fig.  3,  conl^ing  that  the  cone  frac¬ 
tures  form  in  the  region  of  weak  tension  outside  the 
subsurface  compression-shear  zone.'^  Note  that  there  is 
no  detectable  deformation  beneath  the  contact  circle; 
essentially,  the  material  behaves  as  an  ideally  homoge¬ 
neous  solid. 

Analogous  half-surface  and  side  views  for  the  mica- 
containing  glass-ceramic  are  shown  in  Fig.  4,  as  a  se¬ 
quence  of  increasing  indentation  pressures.  In  these 
micrographs  the  mica  flakes  in  the  glass  matrix  are 
readily  observable  in  the  Nomarski  illumination.  Cone 
fracture  outside  the  contact  area  is  now  inactive.  Instead, 
the  indentation  takes  on  the  appearance  of  a  “plastic” 
impression,  reminiscent  of  the  subsurface  plasticity  zone 
beneath  contacts  in  ductile  metals.^^  The  evolution  of 
the  damage  is  most  clearly  revealed  in  the  section  views. 
In  Fig.  4(a),  the  damage  starts  subsurface  and  gradually 


500  nm  I 


FIG.  3.  Optical  mictognphs  of  indented  base  glass,  showing 
hatf-soifsoe  (top)  and  section  (bottom)  views  of  Hertzian  cone  fracture 
in  bonded-interfMe  specimen,  WC  sphere  radius  r  •  3.18  mm  at 
contact  pleasure  po  ~  2.88  GPa,  corresponding  to  contact  radius 
a  —  330  ^m  at  i<^  P  “  1000  N.  View^  in  Nomarski  interference 
illmninatkm. 


progresses  in  Figs.  4(b)  and  4(c)  to  the  surface  until, 
in  Fig.  4(d),  the  “plastic  zone”  is  fiilly  developed.  Note 
that  there  is  a  near-surface  region  immediately  below  the 
contact  area  where  damage  appears  to  be  suppressed, 
even  in  the  more  advanced  stages  of  impression  in 
Figs.  4(c)  and  4(d). 

Higher  magnification  views  of  the  subsurface 
damage  zones  in  Fig.  5  reveal  interrelations  between 
the  damage  process  and  the  mica  plate  structure  more 
clearly.  The  miaograph  in  Fig.  5(a)  is  from  a  region 
of  relatively  low  damage,  point  A  in  Fig.  4(c).  Discrete 
microcracks  appear  along  the  interfaces  between  glass 
matrix  and  mica  plates.  The  micrograph  in  Fig.  5(b)  is 
from  a  region  of  higher  damage,  point  B  in  Fig.  4(d). 
It  shows  microcracks  extending  from  individual  mica 
plates  into  the  glass  matrix  and  linking  up  with  neighbors 
to  form  coalesced  fracture  arrays.  No  microcracking  was 
observed  outside  the  damage  zone. 

C.  Strength  degradation 

Results  from  the  Hertzian-indentation/inert-strength 
tests  for  the  Macor  mica-containing  glass  ceramic  and 
the  base  glass  are  plotted  in  Fig.  6.  In  this  diagram  the 
error  bars  are  standard  deviations  for  an  average  of  4 
specimens  per  data  point.  The  hatched  boxes  at  left  indi¬ 
cate  strengths  of  specimens  that  broke  away  from  inden¬ 
tation  sites.  Solid  curves  are  empirical  fits  to  the  data.** 

The  curves  in  Fig.  6  show  some  interesting  con¬ 
trasts,  not  least  the  fact  that  they  cross  each  other.  For  the 
Macor  glass-ceramic,  the  strength  shows  a  steady  decline 
with  load  above  the  cutoff  strength  level  for  failures  from 
natural  flaws.  This  response  is  characteristic  of  materials 
with  a  low  damage  threshold  but  moderate  toughness. 
For  the  base  glass,  the  strength  maintains  its  high  value 
for  natural  surfaces  up  to  the  critical  indentation  load 
for  cone  fracture,  above  which  it  drops  precipitously  and 
thereafter  declines  with  increasing  load.  This  response  is 
characteristic  of  materials  with  a  high  damage  t^eshold 
but  low  toughness.  Thus,  although  the  Macor  in  its 
crystallized  form  may  appear  to  have  inferior  laboratory 
strength  relative  to  its  base  glass  counterpart,  its  ultimate 
resistance  to  strength  loss  from  sustained  damage  is 
markedly  superior,  except  perhaps  at  extreme  high  loads. 

IV.  DISCUSSION 

We  have  demonstrated  that  Macor,  a  mica-containing 
machinable  glass-ceramic,  undergoes  extensive  ir¬ 
reversible  damage  under  Hertzian  indentations.  The 
nature  of  the  damage  is  radically  different  from  the  clas¬ 
sical  cone  fracture  that  forms  outside  the  contact  circle  in 
brittle  glasses  and  single  crystals.  Macroscopically,  the 
damage  pattern  resembles  the  form  of  the  continuous 
plastic  zones  that  form  in  the  subsurface  slip-line 
fields  beneath  indentations  in  ductile  metals.*^  One  may 
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FIO.  4.  Opti^  micrognphs  of  indented  Macor  glass-ceramic,  showing  half-suibce  (top)  and  section  (bottom)  views  of  aihnirfacf  defor- 
ination-micio6actiiie  damage  evolution  in  bonded-interfKe  specimens,  at  indentation  stress  (a)  po  -  1.46  GPa,  (b)  1.63  GPa,  (c)  1.87  GPa, 
and  (d)  2.02  GPa.  The  corresponding  indentation  loads  ate  P  -  250,  500,  1000,  and  1500  N.  WC  sphere  radius  r  -  3.18  mm.  Viewed  in 
Nomarski  interference  illumination.  Locations  A  in  (c)  and  B  in  (d)  expanded  in  Fig.  5. 


accoidin^y  regard  the  observed  change  in  indentation  differs  fundamentally  from  the  traditional 
reqwnse  in  the  glass-ceramic  as  akin  to  a  brittle-ductile  flow  process.  Microscopically,  the  damage  bears  a  strong 
transition,  although  the  deformation  micromechanism  resemblance  to  the  discrete  microslip-microfiacture 
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(b) 


FIG.  S.  Enlaiged  optical  micrographs  showing  subsurface  damage  in 
Macor  glass-ceramic  showing  mioocracks:  (a)  individual  microcracks 
at  mica-glass  inteifKcs  in  low  damage  area  [location  A  in  Fig.  4(c)]; 
and  (b)  coalesced  microcracks  in  high  damage  area  [location  B  in 
Rg.  ^d)].  Viewed  in  Nomarski  interference  illumination. 


patterns  observed  in  rocks  subjected  to  confining 
pressures.^^*  Similar  discreteness  in  subsurface  dam¬ 
age  patterns  has  also  been  reported  in  zinc  sulfide 
polycrystals^^  beneath  'Ackers  h^ness  impressions. 

The  indentation  stress-strain  curve  in  Fig.  2  is  a 
sinq)le  methodology  for  quantifying  the  deformation 
response.  In  particular,  the  extreme  nonlinear  curve  in 
the  glass-ceramic  is  a  graphic  measure  of  the  “ductility” 
that  results  from  the  cryst^ization  process.  It  also  allows 
for  specification  of  such  useful  material  parameters  as 
“yield  stress”**  not  otherwise  accessible  by  conventional 
tensile  testing  routines  used  to  determine  mechanical 
responses  of  highly  brittle  solids. 

The  bonded-interface  indentation  experiment  used 
in  Figs.  3  and  4  is  particularly  effective  for  revealing 


On 


JS 

s, 

c 

a 

55 


Indentation  Load  (N) 


FIG.  6.  Inen  strength  of  Macor  mica-containing  glass-ceramic  and 
base  glass  after  indentation  with  WC  sphere,  radius  r  =  3.18  mm,  as  a 
function  of  indentation  load.  Solid  curves  ate  empirical  curve  fits.  Note 
that  curves  cross  each  other.  Shaded  regions  at  left  represent  standard 
deviation  limits  for  all  breaks  away  from  indentation  sites.  Vertical 
dashed  line  for  base  glass  data  indicates  approximate  threshold  load 
for  cone  crack  formation. 


the  subsurface  damage.  This  effectiveness  is  attribut¬ 
able  to  the  detectability  of  very  small  (nanometer-scale) 
shear  offsets  at  the  separated  free  surfaces  by  Nomarski 
interference  contrast.  Polished  sections  are  much  less 
informative,  because  the  very  act  of  polishing  removes 
these  offsets.  Indeed,  polishing  away  less  than  1  /nm 
of  the  newly  separated  surfaces  is  sufficient  to  render 
much  of  the  detail  in  Figs.  3  and  4  invisible.  It  is 
acknowledged  that  the  presence  of  the  interface  in  the 
experimental  configuration  of  Fig.  1  could  influence  the 
observations,  by  relaxing  the  stresses  on  the  median 
plane.  However,  Mulheam’s  earlier  definitive  studies 
found  no  such  relaxation  effect  in  metals.*^  Moreover, 
the  damage  occurs  in  the  immediate  subsurface  zone 
where  the  opposing  surfaces  are  maintained  in  mutual 
contact  by  compressive  stresses  (arrows  in  Fig.  1).  In 
some  of  our  initial  experiments  certain  artifacts  (e.g., 
detachment  of  the  material  within  the  deformation  zone) 
were  indeed  observed  if  the  specimen  was  not  con¬ 
strained,  especially  at  higher  indentation  loads;  however, 
this  problem  could  be  avoided  by  applying  clamping 
stresses  as  described  in  Sec.  II. 

The  explicit  nature  of  the  deformation  mechanism 
in  the  mica-containing  glass-ceramic  is  not  completely 
resolved  in  our  observations,  but  most  certainly  involves 
some  kind  of  discrete  shear  faulting  of  the  weak 
interfaces.^^  Again,  the  rock  mechanics  literature 
provides  rich  precedent  for  the  existence  of  such 
shear  failures.**"*^  Individual  microcracks  develop  at 
these  interfaces  on  loading  and  unloading  the  indenter 
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[Fig.  S(a)],  and  ultimately  coalesce  to  form  shear- 
damage  bands  [Fig.  S(b)].  The  microcracking  appears 
to  occur  along  the  mica-glass  interface  rather  than  dong 
the  low-energy  cleavage  plane  of  mica,  suggesting  that 
the  mica  cleavage  planes  are  stroller  than  the  mica- 
glass  interfaces.  We  note  that  thAaica  flakes  in  the 
subsurlbce  deformation  zone  are  IKt  exposed  to  the 
external  environment  [at  least  not  unfl  the  damage  bands 
in  Fig.  S(b)  intersect  the  surface],  and  that  the  cleavage 
energy  of  mica  remains  relatively  high  unless  exposed 
to  moisture  (>2000  mJ  •  wr^  in  “dry”  environments 
vs  *»500  mJ  •  m"*^  in  laboratory  air^^**).  High  thermal 
expansion  mismatch  stresses  may  augment  the  interfadal 
microcracking^;  such  augmented  microcracking  has 
indeed  been  observed  at  Hertzian  contacts  in  composites 
of  silicon  carbide  particles  in  glass  matrices,  where  the 
mismatdi  stresses  are  enhanced  by  adjusting  the  glass 
composidoiL^ 

The  notion  of  shear  faulting  at  the  weak  mica-glass 
interfaces  is  consistent  with  the  shape  of  the  deformation 
zone  in  the  Hertzian  stress  field.  Completion  stresses 
act  normal  to  the  fault  planes,^^  thereby  maintaining  the 
sliding  surfaces  in  intimate  contact  during  the  indentation 
process.  Friction  must,  therefore,  be  a  key  element  of 
the  micromechanical  description.  Accordingly,  we  may 
write  the  net  shear  stress  5  on  a  mica-glass  interface  in 
the  generic  form: 


S  =  |Tf I  -  /il<rrl  (3) 

where  Tf  and  <rf  are  the  local  shear  and  compressive 
stresses  on  the  fault  plane  and  /i  is  the  coefficient  of  slid¬ 
ing  friction.  The  condition  for  sliding  is  that  5  >  0,  so 
subzero  values  of  S  are  inadmissable  in  Eq. 

Contours  of  5  for  faults  oriented  for  maximum  local 
shear  at  each  point  within  the  Hertzian  field^^  are  plot¬ 
ted  in  Fig.  7  for  specified  values  of  fi  and  a  Poisson’s 
ratio  V  ■■  0.29  for  the  glass-ceramic.  These  contours 
appear  to  reflect  the  broad  geometrical  features  of  the 
evolving  deformation  zone  in  Fig.  4.  Note  the  develop- 
moit  of  a  near-surfrice  domain  (shaded)  within  which 
5  is  effectively  zero,  corresponding  to  fhults  for  whidi 
the  closure  stress  is  so  high  as  to  preclude  any  sliding 
in  Eq.  (3).  This  zone  increases  witii  friction  coeffident 
until,  zt/i  1,  it  occupies  virtually  the  entire  subsurface 
region.  Sudi  a  zone  of  zero  net  shear  stress  is  consistent 
with  the  observations  of  a  region  of  suppressed  damage 
immediately  below  the  contacts  in  Fig.  4. 

The  manner  in  whidi  microcradts  extend  in  exten¬ 
sile  mode  from  the  edges  of  the  faults  and  eventually  link 
up  is  a  complex  problem  in  damage  mechanics.  Once 
more,  interfutial  ffiction  must  play  a  pivotal  role  in  any 
fracture  medianics  model.^^  A  generic  treatment  of 
tins  problem  in  the  qiecial  context  of  Hertzian  contacts 
will  be  presented  elswherc.® 


A  A 


(C) 

M  =  0.50 


(d) 

M  =  0.75 


FIG.  7.  (a-e)  Contours  of  net  shear  stress  S  within  Hertzian  field 
for  different  ffiction  coefficients  /i  in  Eq.  (3)  and  for  Poisson’s 
ratio  0.29  for  Macor.  Note  strong  suppression  in  stress  levels  as  fi 
increases. 
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The  results  presented  here  bear  on  a  broad  range 
of  mechanical  properties,  particularly  in  relation  to  the 
issue  of  toughness-curve  behavior.^  We  commented  on 
the  intenelation  between  contact  damage  and  strength  in 
Sec.  in.C.  The  data  in  Fig.  6  demonstrate  that  a  ma¬ 
terial  with  relatively  low  laboratory  strength  (due  to 
the  presence  of  weak  mica-glass  interfaces  as  in  this 
case  of  crystallized  Macor)  may  nevertheless  be  more 
immune  to  degrading  contact  damage  in  service  condi¬ 
tions.  Although  relative  to  the  base  glass  the  Macor  has 
a  lower  short-crack  toughness,  it  also  has  greater  long- 
crack  toughness;  the  toughness-curves  for  the  Macor  and 
the  base  glass  cross  each  otfaer.^^’^®’**  As  we  have  already 
mentioned,  it  is  this  relative  weakness  in  the  short-crack 
domain  that  accounts  for  the  machinability  of  the  Macor. 
Accordingly,  following  the  experience  with  coarse-grain 
aluminas,^^^  we  may  expect  the  crystallized  Macor  to 
have  an  entirely  different  fatigue  response  to  that  of  the 
base  glass.^^  It  is  most  likely  that,  under  cyclic  fatigue 
loading,  the  miciocrack  faces  slide  and  wear  against 
each  other,  resulting  in  frictional  attrition^^  and  thereby 
causing  microcracks  to  extend  and  ultimately  coalesce. 

Finally,  there  are  strong  implications  in  the  present 
work  concerning  the  microstructural  design  of  materials 
systems  for  optimal  mechanical  properties.  In  the  case 
of  glass-ceramics  the  deformation  and  fracture  responses 
can  be  altered  through  the  controlled  crystallization  of 
a  second  phase  in  the  glass  matrix  by  heat  treatment. 
The  optimum  treatment  for  a  specific  application  will 
inevitably  depend  on  an  appropriate  balance  between 
the  countervailing  requirements  of  long-crack  toughness, 
intermediate-oack  strength,  and  short-crack  wear  and 
fatigue  resistance. 
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Abstract — A  fracture  mechanics  model  of  damage  evolution  within  Hertzian  stress  fields  in  heterogeneous 
brittle  ceramics  is  developed.  Discrete  mkioetacks  generate  from  shear  faults  associated  with  the 
heterogeneous  ceramic  microstnicture;  e.g.  in  polycrystalline  alumina,  they  initiate  at  the  ends  of 
intragrain  twin  lamellae  and  extend  along  intergxain  bouirdaries.  Unlike  the  well-defined  classical  cone 
fracture  that  occurs  in  the  weakly  tensile  region  outside  the  surface  contact  in  homogeneous  brittle  solids, 
the  fault-microcrack  daituge  in  polycrystalline  ceramics  is  distributed  within  a  subsurface  shear-com¬ 
pression  zone  below  the  contact.  The  shear  faults  are  modelled  as  sliding  interfaces  with  friction,  in  the 
manner  of  established  rock  mechanics  descriptions  but  with  provision  for  critical  nudeation  and  trutrix 
restraining  stresses.  This  allows  for  oonstiained  microcrack  pop-in  during  the  loading  half-cycle.  Ensuing 
stable  microcrack  extension'  is  then  analsrzed  in  terms  of  a  A-field  formulatiotL  For  simplicity,  only  mode 
I  extension  is  considered  Specifically  here,  althou^  provision  exists  for  including  mode  II.  The  compressive 
stresses  in  the  subsurface  field  constrain  microcrack  growth  during  the  loading  half-cycle,  sudt  that 
enhanoed  extension  occurs  during  unloading.  Data  from  dantage  observations  in  alumina  ceramics  ate 
used  to  illustrate  the  theoretical  predictions.  Microstructural  scaling  is  a  vital  element  in  the  microcrack 
description:  initiation  is  unstable  only  above  a  critical  grain  size,  and  extension  increases  as  the  grain  size 
increases.  Internal  residual  stresses  also  play  an  important  role  in  determining  the  extent  of  microcrack 
damage.  Implications  of  the  results  in  the  practical  context  of  wear  and  fatigue  properties  are  discussed. 


I.  INTRODUCTION 

The  nature  of  contact  damage  beneath  an  indenting 
^here  on  a  brittle  surface  has  been  extensively 
studied  in  homogeneous,  isotropic  materials  like 
glasses  and  single  crystals,  and  in  some  fine-grain 
ceramics.  In  such  relatively  ideal  materials  one 
observes  an  elastic  response  up  to  a  critical  load, 
whence  a  classical  “Hertzian  cone  fracture”  suddenly 
develops  outside  the  contact  circle  [1-8].  Traditional 
cone  fractures  tend  to  be  near-symmetrical  and  well- 
defined,  and  are  accordingly  amenable  to  linear 
elastic  fracture  mechanics  analysis  [3].  On  the  other 
hand,  it  is  possible  under  certain  dreumstanoes  (e.g. 
softer  materials,  harder  and  smaller  indenters)  to 
suppress  the  cone  fracture  and  to  induce  subsurface 
deformation,  thereby  providing  information  on 
intrinsic  deformation  processes  in  otherwise  highly 
brittle  solids  p,  10]. 

Given  this  background,  it  is  perhaps  surprising  that 
relatively  little  attention  has  bm  given  to  the  nature 
of  Hertzian  damage  in  heterogeneous  polyctystalliiK 
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ceramics.  This  is  especially  so  in  those  coarser 
ceramics  where  weak  interfaces  and  internal  stresses 
exert  a  controlling  influence  on  the  fracture  process, 
leading  to  countervailing  “toughness-curve”  (T- 
curve,  or  R-curve)  effects  [11],  Thus,  whereas  the 
toughness  in  the  /ong -crack  region  is  enhanced  by 
grain-interlock  bridging  [12-16],  in  the  short-cnck 
region  it  is  diminished  by  thermal  expansion 
mismatch  stresses  at  tensile  grain  or  interphase 
boundaries  [IS].  Recently,  spherical  indenter  tests  on 
a  coarse-grain  alumina  [17, 18]  and  a  glass-ceramic 
[19]  have  revealed  a  different  kind  of  contact  damage, 
with  the  following  distinctive  features: 

(i)  A  well-defined  “indentation  stress-strain” 
curve,  independent  of  sphere  size,  indicating 
a  deviation  from  the  ideal  Hertzian 
elasticity  relations  toward  a  “plastic 
contact”  at  high  indentation  pressures. 

(ii)  Instead  of  the  classical  cone  fracture  o»es^ 
the  contact  circle,  where  the  stresses  are 
(weakly)  tensile,  a  microfracture  initiation 
and  coalescence  zone  beneath  the  contact 
citcle,  where  the  stresses  ate  (strongly) 
hydrosutic  compressive  and  deviatork  in 
nature. 

(iii)  An  indication  that  each  microfracture  is  pre¬ 
ceded  by  some  kind  of  stress-concentrating 
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“constrained  shear  fault”  (e.g.  twin  lamella, 
in  the  case  of  alumina),  so  that  the  damage 
is  intrinsic  to  the  microstructure. 

In  addition,  the  damage  zone  expands  in  repeat 
contacts,  with  progresave  microcr^  coalescence 
and  ultimate  material  removal,  indicating  a  true 
mechanical  fatigue  effect  Such  features  are  of  q>edal 
interest  to  those  concerned  with  the  strength,  fatigue 
and  wear  of  structural  ceramics. 

In  this  paper  we  present  a  generic  fracture 
mechanics  model  of  the  microfracture  evolution 
within  the  subsurface  damage  zone  in  polycrystalline 
ceramics  during  a  full  indentation  loading  and 
unloading  cycle.  The  crux  of  our  model  is  the 
initiation  and  subsequent  growth  of  a  mkrocrack 
from  some  shear  fault  within  the  compressive  inden¬ 
tation  zone.  This  evolution  is  described  in  terms  of  a 
detailed  ff-field  formulation  [11].  The  envis^ed 
process  is  loosely  based  on  the  “pile-up”  concept  for 
crack  initiation  in  semi-brittle  solids  [11, 20-22].  The 
process  is  also  reminiscent  of  the  kind  of  crack 
initiation  that  occurs  beneath  “sharp”  (e.g.  Vidcers) 
indenters  in  glasses  [23,24],  in  rocks  and  other 
coarse-grain  materials  subjected  to  macroscopic 
confining  pressures  [2S-29],  and  in  conqsressively 
loaded  notched  ceramics  [30-32].  In  setting  up  our 
model  we  shall  borrow  from  these  earlier  research 
areas,  although  new  elements  specifically  pertinent  to 
structural  ceramics  wiU  also  be  introduced.  The  scale 
of  individual  damage  events  is  determined  by  a 
characteristic  mkrostructural  dimension,  grain  size  in 
the  case  of  polycrystalline  alumina,  whi^  limits  the 
length  of  the  critical  sfaev  fault  and  thereby 
determines  threshold  conditions  for  microcracking. 
Ideally,  the  microcracks  are  assumed  to  propagate 
along  constrained  grain  boundaries  or  other  weak 
interfaces  in  predominantly  extensile  mode  (i.e.  mode 
I).  These  microcracks  are,  by  virtue  of  the  compres¬ 
sive  nature  of  the  immediate  subsurface  contact  field, 
highly  stable  in  their  subsequent  evolution,  with 
continued  propagation  during  unloading.  In  actual¬ 
ity,  the  geometrical  constraints  imposed  by  the  grain 
boundaries  relative  to  the  shear  fault  and  Hertzian 
field  will  inevitably  result  in  superposed  shear  stresses 
on  the  miciocrack  surfaces  Q.e.  mode  II),  opening  the 
way  to  frictional  tractions  and  hence  hysteresis 
during  unloading-reloading  cycles,  i.e.  fatigue. 

In  the  interest  of  mathematical  amplidty,  we 
confine  ourselves  here  to  mode  I  rmcrocradr  extension. 
Data  from  previous  studies  on  polycrystalline  alumina 
will  be  i6ed  to  iUustrate  how  one  may  calibrate  ff-field 
parameters  in  the  amlysis,  and  thence  evaluate  the 
microcradc  development  through  a  complete  Hertzian 
load-unload  cyde.  In  particular,  we  address  the  im¬ 
portant  rde  of  grain  size,  in  qredal  relation  to  the 
crack  initiation  (pop-in)  and  subsequent  propagation. 
We  shall  determine  t^t  a  greater  p(»tion  of  the 
propagation  actually  takes  place  during  the  unloading 
half-cycle,  althou^  in  a  highly  stable  manner. 


Whereas  we  specifically  address  single-cycle,  mode 
I  microfracture  here,  we  foreshadow  potential 
extension  of  the  model  to  fatigue  and  wear  properties 
by  inclusion  of  mode  II  frictional  tractions  at  the 
dosed  microcrack  interfaces.  The  mode  II  component 
allows  for  hysteresis  in  cyclic  loading,  enabling 
progressive  coalescence  of  neighboring  microcracks 
and,  ultimately,  material  removal. 

2.  NATURE  OF  DAMAGE  IN  HERTZIAN 
CONTACT  FIELD 

ZI.  Background  experimental  observations  on 
polycrystalline  alumina 

The  nature  of  Hertzian  contact  damage  on 
polycrystalline  ceramics  has  been  examined  in  recent 
experimental  studies  on  alumina  [17, 18]  and 
glass-ceramics  [19].  From  these  studies  we  identify 
the  following  features: 

0)  Macroscopically,  the  damage  occurs  in  a  region 
of  intense  hydrostatic  compression  and  shear  stress, 
reminiscent  of  the  deformation  observed  in 
homogeneous  brittle  solids  in  sharp-indenter  fields 
[10, 33-37]  and  in  rocks  under  confining  pressures 
[2S-27].  The  extent  of  deformation  can  be  quantified 
by  departure  from  the  linear  Hertzian  elastidty 
relation  on  an  indentation  stress-strain  diagram, 
mean  contact  pressure  Po  =  Pina  ^  vs  contact  strain 
air  [9, 10, 38].  For  polycrystalline  alumina  in  Fig.  1 
[18],  we  see  that  this  curve  is  independent  of  grain 
size,  indicating  a  material  “yield  stress”.  Note  the 
relatively  high  values  of  po>  up  to  10  GPa,  typical  of 
contact  configurations. 

(ii)  Microscopically,  the  contact  deformation  is 
associated  with  the  activation  of  discrete  “shear 
faults",  from  which  microcracks  initiate.  It  is  implicit 
that  the  shear  fault  is  obstructed  in  its  extension,  e.g. 
by  intersection  with  weak  grain  boundaries,  to 


Fig.  I.  Indentation  stress-strain  curve  for  aluminas, 
obtained  using  tungsten  carbide  (WQ  spheres  of  radius 
r  » 1. 98-12.70 mm.  Inclined  dashed  line  is  Hertzian  dastic 
response  and  upper  horizontal  dashed  line  is  Vickers 
hardness  (averag^  over  all  grain  sizes).  Solid  curve  is  an 
empirical  fit  to  the  data.  (After  [18].) 
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Fig.  2.  Optical  micrographs  in  Nomarski  illumination  showing  half-surface  (top)  and  section  (bottom) 
views  of  indentation  sites  in  aluminas,  grain  size  (a)  9  ^m  and  (b)  48  /tm.  Indentations  made  at  indentation 
pressure  »  8.0  GPa,  using  WC  ^bere  of  radius  r  =  3.18  mm  at  load  P  —  2000  N.  (After  [18].) 


produce  a  local  stress  concentration  [il,20].  We 
show  representative  section  views  in  Fig.  2(a)  and 
2(b)  for  aluminas  of  two  grain  sizes,  “fine"  (9 /an) 
and  “coarse”  (48  /tm),  at  a  conuct  pressure  in  the 
nonlinear  indentation  stress-strain  reipon.  In  the 
fine-grain  material  we  see  limited  subsurface 
microcrack  damage  (section  view),  along  with 
classical  cone  crack  traces  (half-surface  view).  The 
extent  of  subsurface  microcracking  is  much  more 
apparent  in  the  coarse-grain  material.  In  alumina,  the 
shear  faults  are  principally  identifiable  as  intra-grain 
twins,  clearly  visible  in  Fig.  2(b)  [IT].  Acoustic 
emission  data  from  load-unload  indentation  cycles 
on  a  broad  range  of  aluminas  in  Fig.  3  indicates  a 
pronounced  increase  in  damage  activity  above  a  grain 
size  «20/rm.  Note  that  the  bulk  of  the  activity 
occurs  above  a  contact  pressure  GPa  during  the 
loading  half-cycle. 

The  features  outlined  in  (i)  and  (ii)  are  generic  to 
brittle  materials,  apart  from  the  underlying  sources  of 
the  shear  faults,  which  are  material-specific  (see 
Section  6). 

Z2.  Stress  field  considerations 

In  this  subsection  we  sununarize  the  pertinent 
characteristics  of  the  Hertzian  elastic  contact  field 
(3, 6, 39].  The  confining  principal  normal  stresses  u, , 

and  U)  within  the  prospective  damage  zone  prior 
to  deformation  are  so  defined  that  <r,  >U]  >  uj  nearly 
everywhere  (positive  stress  tensile).  Beneath  the 
indentation  center  the  trajectory  of  maximum 
compression  -Uj  runs  parallel  to  the  conuct  axis, 
and  that  of  minimum  compression  -o,  (or  — a,) 


Load  half-cycle  Unload  half-cycle 


Fig.  3.  Plots  of  cumulative  acoustic  energy  (arbitrary  linear 
scale)  vs  elapsed  time  during  single  load-unload  indentation 
cycle  (constant  crosshead  speed)  in  alumina  specimens 
(upper  diagram),  using  WC  sphere  of  radius  r  -  3.18  mm. 
Variation  of  contact  pressure  with  time  indicated  Cower 
diagram).  (After  [18].) 


132 


1686  LAWN  «  al.\  MICROCRACK  INITIATION  BENEATH  HERTZIAN  CONTACTS 


runs  perpendicular  to  that  axis.  Figure  4  shows 
contours  of  principal  normal  stresses  a,  and  ay  and 
principal  shear  stress  plotted  for 

Poisson’s  ratio  v  0.22  (a{q>ropiiate  to  alumina).  In 
these  plots  the  contact  radius  a  determines  the  ^tial 
scale,  and  contact  pressure  the  intensity,  of  the 
stress  field.  The  tensile  stresses  +<r|.  Fig.  4(a),  are 
relatively  weak,  with  a  maximiim  0.2Bpo  at  the 
contact  circle  and  rapid  falloff  outside  the  contact 
circle.  The  shear  stresses.  Fig.  4(c),  are  stronger,  with 
maximum  0.49/)^  along  the  contact  axis  at  depth 
«0.Sa  on  i^anes  oriented  at  45°  to  this  axis;  they  are 
less  concentrated  than  their  tensile  coimterparts,  and 
are  confined  within  a  zone  of  hi^  biaxial  hydrostatic 
compression,  ^(e,  +  ^3). 

Tte  damage  in  Fig.  2  takes  place  almost  exclusively 
within  a  drop-shaped  zone  Mow  the  contact,  and 
begins  subsurface,  indicating  that  it  is  the  maximum 
shear  stress  that  primarily  initiates  the  damage  [17]. 
This  is  in  striking  contrast  with  the  traditional  cone 
fracture  which,  we  recall,  initiates  and  propagates  in 


Fig.  4.  Stress  contours  in  Hertzian  contact  fidd,  nonsalized 
to  Pf.  AA  denotes  contact  diameter  2a.  (a)  Maximum 
prindiMl  normal  stress  e„  (b)  minimum  principal  nonnal 
stress  Oy,  and  (c)  principiu  shear  stress  ](«,  — o,).  Note 
region  of  high  biaxial  hydrostatic  compression  [(oi  -t-e,) 
beneath  contact  Cahailated  using  Poisson’s  ratio  v  •  0.22 
for  alumina. 
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Fig.  S.  Deformation-microfracture  damage  in  polycrys- 
talline  ceramic,  grain  size  /.  Volume  dement  is  subjected  to 
compressive  normal  stresses  —a,  and  —Oy  along  contact 
axis  bdow  spherical  indenter.  Shear  stresses  initiate  intra¬ 
grain  slip  bands  FF.  from  which  intergram  extensile  micro¬ 
cracks  FC  extend  at  their  constrained  ends. 

the  tensile  region  outside  the  contact  circle  in  Fig.  4(a) 
[3, 40].  Of  course,  once  damage  does  occur  the  field 
is  no  longer  purely  elastic.  However,  provided  we 
concern  ourselves  primarily  with  conditions  for  the 
onset  of  microcracking  from  individual  shear  faults 
rather  than  with  subsequent  damage  coalescence  and 
evolution  into  a  full  “plastic”  zone  [38],  the  Hertzian 
field  may  be  retained  as  a  useful  base  for  fracture 
mechanics  calculations. 

In  accordance  with  these  considerations,  we  set  up 
the  model  for  microcrack  initiation  shown  in  Fig.  S. 
An  incipient  shear  fault  FF  is  contained  in  a  volume 
element  beneath  a  spherical  indenter  in  a  material  of 
grain  size  /  (Section  3).  At  their  ends  the  faults  are 
constrained  by  some  microstructural  interface,  e.g. 
weak  grain  boundary,  along  which  microcracks  FC 
ultimately  initiate  (Section  4).  We  do  not  specify  the 
nature  of  the  fault,  so  the  model  is  generic:  however, 
we  do  specify  that  the  scale  of  the  fault  is  determined 
by  1.  In  the  limit  of  sufficiently  large  contacts,  /ca, 
uniform  normal  and  shear  contact  stresses 

<r(1P)  =  i(<ri  +  <r3)-)-i(<r,-<Tj)cos2¥'  (la) 

t(9')  =  i((r,-ff3)sin2»'  (lb) 

act  on  the  fault  plane,  where  V  is  the  angle  between  the 
fault  and  the  U)  trajectory.  We  see  directly  from  eqn.  lb 
that  the  fault  orientation  for  maximum  shear  stress  is 
V  %  45°,  as  pictured  in  Fig.  5.  The  corresponding 
stresses  acting  on  the  extended  microcrack  plane  are 

o  (y  -  e  )  =  Kff I  +  ffj)  +  2(y  -  0 )  (2a) 

T(¥'-0)  =  i(<T,-<rj)sin2(!P-0).  (2b) 

Note  that  in  the  favored  orientation  IP  « 0  %  45° 
[28, 29],  the  shear  component  in  equation  (2b)  tends 
to  zero. 
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In  typical  ceramics,  internal  mismatch  stresses  also 
act  at  individual  grain  boundaries,  some  tenale  and 
some  compressive.  Predominant  in  noncubic  mono¬ 
phase  and  two-phase  materials  are  those  residual 
stresses,  0^,  due  to  thermal  expansion  mismatch.  In 
alumina  these  stresses  have  a  value  <r|t%200MPa 
[16, 41],  i.e.  more  than  an  order  of  magnitude  lower 
than  tte  contact  stresses  pt »  S-10  GPa  in  the  defor¬ 
mation  region  of  Fig.  1.  Microcracks  that  initiate  on 
tensile  grain  facets  are  more  likely  than  those  on 
compressive  facets  to  extend  into  adjacent  grain 
boundaries.  Those  extending  microcracks  that  ulti¬ 
mately  coalesce  with  their  neighbors  (e.g.  from  con¬ 
tact  overloading,  fatigue  from  ofclic  loading,  or 
chemical  enhancement)  will  become  increasingly  sub¬ 
ject  to  sliding  friction  tractions  across  the  crack 
interface  at  adjacent  compressive  facets,  resulting  in 
a  progressively  increasing  toughness  by  bridging 
(toughness-curve,  or  T-curve,  behavior)  [IS].  We  shall 
regard  such  bridging  tractions  as  secondary  elements 
in  the  micromechanics  in  this  study. 

3.  SHEAR-FAULT  MICROMECHANICS 

Now  consider  the  conditions  for  activation  of  the 
closed  shear  fault  FF  in  Fig.  5.  To  do  this  we  resort  to 
the  phenomenological  constitutive  relations  adopted 
by  rock  mechanists  [25, 26],  whereby  the  sliding  faces 
of  the  fault  are  subject  to  resistive  tractions.  We 
acknowledge  that  the  normal  (N)  contact  field 
stresses  on  the  fault  (F)  plane  in  the  subsurface 
damage  zone  will  usually  be  compressive  by  defining 

«7?  =  <r(y)=-aFP,  (3) 

with  Up®  —oi^VPo  a  positive  coefficient  (po  posi¬ 
tive).  The  applied  shear  (S)  stress  on  the  sliding  fault 
vnll  be  resisted  by  internal  stresses  from  the  intrinsic 
cohesion  (e.g.  twinning  stress),  tp,  and  frictional 
sliding,  ,  where  pp  is  a  fault  friction  coefficient. 
Thus,  again  with  due  allowance  for  the  negative  sign 
of  Op,  and  for  sign  reversal  of  the  resistance  stresses 
on  unloading,  the  net  shear  stress  may  be  written  [25] 

<r*p  =  lt(y)|-»-pp<r('P)-TF 

=  (Pp-apPp)p,-Tp,  (forward  slip)  (4a) 


Fig.  6.  Twimungslip  of  grain  across  diear  plane  at  stress  af, 
resulting  in  strain  ufl. 


Fig.  7.  Plots  showing  shear  displacement  u  for  twinned  grain 
at  location  of  maximum  shew  stress  in  Hertzian  fidd  at 
pressure  p^.  (Pressure  axis  "calibrated"  from  alumina  data 
in  Section' S.)  Case  shown  corresponds  to  zero  reverse  dip, 
«•<«„. 

ff|  =  |t(IP)|-PF«r('P)-l-tp 

=  (^F-Fap/ip)po  +  Tp,  (backward  slip)  (4b) 

with  pf  =  |t  {V  )j/po  another  positive  coefficient  Note 
that  invariance  of  the  coefficients  Op  and  fif  through 
the  indentation  cycle  is  contingent  on  comply 
reversibility  of  the  stress  field. 

Accordingly,  a  necessary  requirement  for  faulting 
to  occur  is  that  Op>0  in  equation  (4).  Where  the 
fault  interface  Im  low  cohesion  but  is  rough 
(e.g.  debonded  interfaces  in  certain  particle-matrix 
composites),  the  frictional  term  will  dominate  the 
mechanics.  Where  the  fault  must  first  be  initiated 
(e.g.  twinning  in  alumina),  the  cohesion  term  will 
dominate.  In  the  latter  case  provision  may  be  necess¬ 
ary  to  allow  for  a  barrier  to  fault  initiation,  e.g.  by 
defining  a  critical  nucleation  cohesion  stress  Xp  >  tp. 

Continued  sliding  of  the  fault  within  a  grain 
confined  in  the  Hertzian  field  is  opposed  by  the 
surrounding  elastic  matrix,  which  exerts  a  linear 
restraining  force  in  proportion  to  the  shear  displace¬ 
ment  u.  Fig.  6.  At  equilibrium 

«r|»»cM  (5) 

where  k  is  an  elastic  stiffness  term.  We  may  now 
combine  equations  (4)  and  (5)  for  the  contact  press¬ 
ure  Po  >8  a  function  of  displacement  u  to  produce 
constitutive  equilibrium  relations  for  our  shear  fault 

P«  *  (»»  +  xp)/(^F  -  oppp),  (forward  slip)  (6a) 

Pi  «  (ic«  -  Tf)/(Pf  -f  otp/ip),  (backward  slip).  (6b) 

A  plot  of  the  function  p^{u)  from  equation  (6)  is 
shown  in  Fig.  7.  In  this  plot  the  upper  indined  line 
represents  equation  (6a),  with  slope  k/(^— Op/ip) 
aiKi  intercept  Tp/(/If  —  Oppp)  on  the  pb  axis.  Similarly, 
the  lower  inclined  line  represents  equation  (fib),  with 
slope  tf/(^p  -  opPp)  and  intercept  -XpA^p  -F OpPp). 
The  votical  dashed  line  at  «b  »  Xp/x  represents  the 
intersection  of  equation  (fib)  with  the  u  axis. 
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Consider  the  potential  response  for  load-unload 
contact  cycles,  indicated  in  the  plot  by  the  arrowed 
solid  lines.  Let  us  treat  the  case  in  which  a  critical 
stress  Tp  >  Tp  is  needed  to  nucleate  the  fault.  Initially, 
the  contact  pressure  increases  without  slip  along 
branch  (1),  at  u  ==  0.  At  a  critical  pressure 
fault  pops  in  unstably  along  branch  (2),  until  the 
upper  equilibrium  line  for  forward  slip  is  intersected. 
Note  that  in  the  absence  of  a  critical  nudeation 
condition  the  fault  would  initiate  stably  at  the 
intercept  pressure  Po  =  tfKfif  —  <ifPf)—Pf<PF, 
without  pop-in.  Further  increase  in  contact  pressure 
to  a  maximiun  value Po=p*  causes  slip  to  continue 
stably  along  branch  (3).  Now  suppose  we  unload  at 
some  displacement  u*<u^,.  The  system  traverses 
branch  (4)  at  i/*  =  [(/Sp— Op/ip)/*#  — XpJ/'c  = 
constant  from  equation  (6a).  Along  this  unloading 
branch  the  fault  shear  stress  o|  =  tcu*  remains 
constant  At  intersection  of  branch  (4)  with  the  u  axis 
at  p,  =  0  the  system  is  fully  unloaded,  so  (unless  we 
reverse  the  contact  pressure,  i.e.  exert  an  adhesive 
“contact  tension”)  we  can  not  satisfy  equation  (6b) 
for  reverse  slip.  Reloading  along  (S)  then  retraces  (4), 
and  all  further  cycles  are  constrained  to  this  vertical 
branch.  In  summary,  the  fault  exerts  a  monotonically 
increasing  shear  stress  <r|  =  ku  during  the  loading 
half-cycle  and  a  persistent  shear  stress  cf  =  Ku* 
during  (and  after)  the  unloading  half-cycle. 

Note  in  Fig.  7  that  there  is  hysteresis  in  the  first 
cycle,  but  not  in  subsequent  cycles.  The  latter  kind  of 
hysteresis  may  occur  at  “overloaded”  contacts,  such 
that  the  displacement  at  maximum  load  satisfies  the 
condition  «*>««,  leading  to  reverse  slip  along 
portion  of  the  lower  inclined  line  to  po  =  0  during  the 
unload  half-cycle.  Note  that  reverse  slip  would  also 
occur  if  the  cohesion  were  to  be  zero,  i.e.  tp  =  0  in 
equation  (6),  regardless  of  the  maximum  load, 
because  then  both  the  forward  and  backward  slip 
lines  would  intersect  the  origin  in  Fig.  7. 

4.  K-nELD  ANALYSIS  OF  MICROCRACK 
DEVELOPMENT 

Consider  now  the  evolution  of  a  microcrack  FC 
from  an  edge  F  of  the  shear  fault  FF  in  lug.  5.  The 
problem  of  crack  initiation  from  sliding  shear  cracks 
in  confining  triaxial  compressive  fields  has  been 
considered  at  some  length  by  the  rock  mechanics 
community.  Fracture  mechanics  treatments  have 
been  presented  by  Horii  and  Nemat-Nasser  [28]  and 
Ashby  and  Hallam  [29],  specifically  for  systems  with 
preexisting  faults.  A  characteristic  feature  of  the 
microfractute  in  those  cases  is  a  hi^y  stabilized 
extension  at  all  stages  of  evolution  to  “failure”,  on 
planes  closely  normal  to  the  least  compressive  of  the 
principal  stresses.  In  the  case  of  alumina,  it  is  necess¬ 
ary  to  allow  for  a  potential  initiation  instability  from 
twin  pop-in.  The  pop-in  problem  bears  striking 
siniilarities  to  that  of  crack  initiation  from  shear 
faults  in  Vickers  indentation  fields  [24],  and  it  is  the 


relatively  straightforward  stress-intensity  factor 
approach  of  that  analysis  that  we  adopt  here. 

4.1.  Crack -plane  stresses 

The  initial  mio-ociack  increment  will  be  governed 
by  the  near  field  associated  with  the  shear  fault,  and 
will  search  for  a  path  of  maximum  local  tension. 
Ideally,  for  IP  =  45°  in  Fig.  S  (orientation  for  maxi¬ 
mum  shear  on  fault),  this  initial  path  corresponds  to 
6  =  70.5°  [29].  As  the  microcrack  extends,  it  becomes 
influenced  more  strongly  by  the  far-field  contact 
stresses;  the  optimum  orientation  for  maximum 
tension,  again  af  V  =  45°,  is  then  6  =  45°.  In  reality, 
the  fault  may  be  constrained  by  crystallography  at 
more  unfavorable  orientations,  i.e.  V  =^45“.  Simi¬ 
larly,  the  microcrack  may  be  constrained  to  extend 
along  a  grain  or  interphase  boundary  within  the  local 
shear-fault  field,  and  therefore  will  not  necessarily 
follow  principal  stress  trajectories.  Hence,  in  general, 
the  microcrack  segment  will  experieiKe  both  modes  I 
and  II  (and  III,  for  that  matter). 

Once  the  crack  path  is  established,  the  fracture 
mechanics  are  completely  determined  by  the  stresses 
from  the  contact  field  plus  any  internal  stresses  acting 
along  that  path.  On  the  closed-fault  (F)  segment  FF 
in  Fig.  5,  resolved  normal  (compressive)  and  shear 
contact-field  stresses  o  (IP )  and  t  (¥' )  are  defined  in 
equations  (la)  and  (lb),  respectively.  The  key  stress 
that  determines  subsequent  fracture  extension  during 
a  full  load-unload  cycle  is  the  net  shear  stress  in 
equation  (4a) 

=  (^F  -  afPf)Pt  -  Xf.  (loading)  (7a) 

—  “fPf )P 0  ~  Xp,  (unloading-reloading) 

(7b) 

recalling  that  tXf=  -ff(lP)/A».  ^f=  |t(^F')I/Po.  and 
pf  the  contact  pressure  at  maximum  loading,  with 
<r|>0  always.  We  note  that  o|  in  equation  (7b) 
remains  constant  during  the  unloading  and  any 
reloading  half-cycles. 

Similarly,  for  the  extended  open-microcrack  (M) 
segment  FC  in  Fig.  5,  resolved  contact-field  stresses 
<7  (IP  —  9 )  and  x  (IP  —  9 )  are  defined  in  equation  (2). 
Thus,  normal  stresses 

<r{l  =  o(lP-9)=-aMPo  (8) 

act  throughout  the  loading-unloading  cycle,  with 
E  -<7  (<P  —  9  )/p,  another  poative  coefficient  [cf. 
equation  (3)].  Since  this  stress  component  exerts  its 
maximum  constraint  at  peak  loading,  the  cracks  will 
extend  during  unloading  as  wdl  as  loading,  and 
conversely  close  during  any  reloading.  Any  shear 
stresses  on  the  otherwise  extensile  microcr^  are 
again  expressible  in  the  form  [25] 

“  (/Jm  -  auPnlPo  -  tM.  (loading-unloading)  (9*) 

=  (^M  +  «M  Pm  )Ai  +  .  (reloading)  (9b) 
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with  positive  coefficient  ~^WPo>  crack-  (i)  Shear -fault  stress  contribution.  The  stress  a% 


interface  sliding  friction  coefficient  ^  shear 
“cohesion”  stress  Tm  (cf.  equation  (5)1;  again,  it  is 
required  that  Om  >  0  for  sliding.  As  with  coefficients 
Of  and  h  in  equations  (2)  and  (3),  invariance  of 
and  equations  (8)  and  (9)  is  contingent  on 
reversiUlity  of  the  stress  field. 

In  addition,  the  extensile  mkrocradcs  in  noncubic 
poiycrystals  and  two-phase  materials  are  subject  to 
thermal  expansion  mismatch  stresses  a^. 

4.2.  Stress-intensity  factors  for  Mode  I  extension 

In  this  section  we  make  simplifying  assumptions 
concerning  the  fault-microcrack  geometry  in  Fig.  5, 
to  minimige  mathematical  complexity.  Thus  in  our 
stress-intenaty  factors  we  ignore  the  deflection  of  the 
mkTocradc  from  the  fault  plane  by  treating  the 
^tem  as  a  planar  permy  crack  with  radial  coordinate 
r,  radius  C**c  +  ll2,  subjected  to  stress  [equation 
(7)1  over  0  <  r  <  //2  plus  stresses  <r^,  <r[(  [equations 
(8, 9)1  and  On  over  IflKr^C.  Also,  we  ^oose  the 
configuration  that  maximizes  the  contact  field  shear 
on  the  fault,  IP  45°,  and  tension  on  the  developed 
microcrack,  0  =  45°;  in  this  ideal  case  the  shear  stress 
in  equation  (9)  is  zero  (see  below),  so  the 
microcrack  extends  in  pure  mode  I.  On  the  other 
hrmd,  r^gnizing  that  the  term  may  be  an 
essential  element  of  fatigue  (e.g.  from  frictional 
attrition  at  the  sliding  crack  interface— Section  6), 
provision  remains  in  the  formalism  of  Sections  3  and 
4  for  a  more  general,  mixed-mode  analysis. 

These  geometrical  simplifications  allow  us  to 
calculate  the  a  and  coefficients  in  the  stress  terms 
of  Section  4.1.  Inserting  V  ^45°  in  equation  (1) 
yields  fault  stresses  o(lP)  =  K^i  +  <r3)  and 
t  (!P  )  =  ^(ff,  —  ff,);  similaily,  inserting  !P  =  45°  =  0  in 
equation  (2)  yields  microcrack  stresses 
ff(f'-0)  =  ffi  and  t(lP  — 0)  =  O.  Now  we  are 
concerned  with  the  values  of  these  stresses  in  the 
subsurface  damage  zone,  specifically  at  the  point  of 
maximum  shear  stress  at  depth  0.5a  beneath  the 
contact  center  and  for  Poisson’s  ratio  v  =  0.22  for 
alumina.  We  find  Oi »  — 0.25pb  [Fig.  4(a)]  and 
»  — 0.74pi)  [Fig.  4(b)]  at  this  point,  yielding  Of  = 
-a(V)lp^^0.74  and  -  |t  (F  )|/pb  -  0.49, 
-a(F-0)/p,-O.25  and  Pu  =  \^(.V 
Since  negative  values  of  ati  ape  inadmissabk  in 
equation  (9a),  the  zero  value  of  guarantees  mode 
I  extension. 

To  compute  JlT^lds  for  the  extensile  mkrociadt  in 
the  domain  C >  112,  c> 0,  we  resort  to  standard 
idatkms  for  penny  cracks  subjected  to  crack-plane 
stress  distributions  a(r)  [11,4^  We  obtain  the 
following  stress-intenaty  factors  [lAf. 

tCalcnlable  directly  from  the  standard  stresa-intensity 
liKior  relation  for  penny  cracks  with  distributed  stresses 
(r(r)  [111 

K(C)~2K*Cy^  rru(r)d#-/(C*-r*)W. 


[equation  (7)]  acting  uniformly  over  0  <  r  ^  //2  on 
the  fault  segment  contributes 

KfiC,l)  =  all'%iCH)  (10) 

where  the  crack-size  dependence  is  contained  wholly 
in  the  dimensionless  function  [24, 42] 

MCIl)  =  2(CMy'^{ll  -(1  -/V4C*)'^] 

-(v/(2-v)][l-(l-/V4C  *)*«]}.  (11) 

Note  in  the  limit  of  large  extension,  C  »IIX  we  have 
^F  =  ((l -2v)/2jt''*(2-v)]a|/*/C’'*,  i.e.  the  system 
is  hi^y  stable  with  the  same  crack  size 

dependence  as  indentation  cracks  [1 1]. 

(ti)  Microcrack-stress  contribution.  The  uniform 
contact  field  stresses  [equation  (8)]  acting  over 
//2  <  r  <  C  on  the  microcrack  segment  contributes 

^M(C/)  =  <ra/‘%(C//)  (12) 

with  the  dimensionless  crack  size  function  [24]t 

/m(C//)  =  TiClidyi^l  -  / V4C »)■«.  (13) 

Note  that  is  zero  for  the  first  microcrack  growth 
increment  at  C  =  111,  c  =  0.  Thereafter,  since  in 
equation  (8)  is  negative  in  the  damage  zone, 
increasingly  constrains  the  extension. 

(lu)  Residual-stress  contribution.  For  cracks  initiat¬ 
ing  on  a  grain  boundary  facet  under  the  action  of  a 
uniform  thermal  expansion  mismatch  stress  a^  we  have 

^R(C,/)  =  aF/'«A(C//)  (14) 

in  which  the  crack-size  function 

MClD^KClniy^il-l^lAC^y^  (15) 

has  the  same  form  as  equation  (13).  As  with  AT^,  the 
contribution  /A  is  zero  for  the  first  microcrack 
growth  increment.  At  C»//2  we  have 
ATr  =  (2/jt  '^)aRC  so  for  tensile  facets  (a*  >  0)  ATr 
is  a  destabilizing  influence  in  the  extension. 

The  net  AT-field  for  microcrack  extension  is  there¬ 
fore  the  superposition  of  the  contributions  in 
equations  (10-15) 

A.(c//)=A:F-t-A:M+A:R 

=  a|/'«/F(C//)-i-aa/''VM(C//) 

+  <Tr/''Vr(C//).  (16) 

Extension  then  occurs  when  the  crack-tip  AT-field  is 
just  sufficient  to  overcome  the  intrinsic  (grain  or 
interphase  boundary)  toughness  of  the  material, 
i.e.  Km^T^.  Given  that  the  dimensionless  fiCjl) 
functions  are  invariant  for  geometrically  similar 
microstructuies,  the  quantity  /  emerges  as  the  key 
scaling  quantity  in  the  AT-fidd  formalisih. 

S.  ETFECr  OF  GRAIN  SIZE  ON  MICROCRACK 
INTnATKm  AND  EXTENSION  IN  ALUhONA 

Allusion  has  been  made  to  the  role  of  gran  size 
in  determining  the  microfracture  damage  in 
polycrystaliine  materials,  in  both  the  experimental 
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observations  referred  to  in  Section  2.1  (e.g.  Figs  2 
and  3)  and  the  theoretical  formalism  just  described  in 
Section  4.2  [e.g.  term  in  equation  (16)].  In  the 
present  section  we  demonstrate  the  capacity  of  our 
model  to  provide  quantitative  information  on  this 
critical  microstructural  scaling  effect,  with  specific 
reference  to  alumina. 

Accordingly,  along  with  the  calibrated  a  and  fi 
coefficients  from  Section  4.2,  we  assign  the  following 
quantities  for  insertion  into  the  fracture  mechanics 
analysis,  from  independent  data  on  alumina; 

(i)  Grain  boundary  toughness  ro  =  2.75MPa.m‘'’, 
from  indentation-strength  tests  [IS];  and  thermal 
expansion  mismatch  stress  <r|t  =  200  MPa,  from 
spectroscopic  measurements  [41]. 

0i)  Critical  contact  stress  pf  =  S.O  GPa  (see  Fig.  7), 
corresponding  to  the  nucleation  pressure  at  which 
faulting  is  first  evident  in  indentation  stress-strain 
curves  (Fig.  1),  optical  microscopy  (Fig.  2)  and 
acoustic  emission  (Fig.  3)  [18]. 

(iii).  Fault  intercept  quantity  Pf  =  XfKPf  —  ttfPf) 
from  Section  3  (see  Fig.  T),  to  evaluate  <r|  in  equation 
(7).  We  choose  pF=»3.0GPa  to  provide  sensible 
values  below  for  the  .fully  exterided  microcrack 
dimensions  (note  that  pf<pf,8S  requited  in  Fig.  7). 
If  we  assume  that  the  twinning  in  alumina  is  governed 
entirely  by  a  critical  cohesion  stress,  so  that  Pf  =  0, 
we  evaluate  tp  =  fifPr  —  1.4  GPa. 

It  is  acknowledged  that  these  parameter  evalu¬ 
ations  are  approximate,  and  t^t  the  fracture 
mechanics  formalism  embodies  many  assumptions, 
so  the  numerical  accuracy  of  the  odculations  are 
open  to  a  degree  of  uncertainty. 

In  Fig.  8  we  plot  the  function  /l.(c)  from  equation 
16  (in  conjunction  with  equations  (7-15)]  for  a 
selected  alumina  grain  size  1  —  35  pm,  incrementing 
p,  to  a  peak  «  10 GPa  in  a  complete  load-unload 
cycle  (cf.  Fig.  1).  Extension  occurs  dong  the  horizon- 
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Fig.  8.  Plott  of  function  iCi(e)  in  equation  (IQ  for  fault- 
generated  microcrackf  in  aluntina  of  grain  nee  35piii,  for 
indicated  values  of  contact  pteisuie  p^  (OPa)  during  load 
(+)  and  unload  (-)  half-cycles.  Equilibrium  condition 
determined  by  intersection  with  horizontal  dashed  line, 
—p—pwtiin  grain  boundary  toughness  T^-  Dashed  curves 
at  contact  pieisiire/i^<pj  -5.0GPa  inttote  rqion  prior 
to  fauh  initiation.  At  p^  rokrocrack  pops  in,  and  thereafter 
grows  staUy  along  AT.  •  7^  (citdes). 
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Fig.  9.  Plots  of  function  p,(c)  for  equilibrium  cracks 
(AT.  =  Tg)  for  alumina  at  specified  grain  sizes  (cf.  Fig.  3). 
Horizontal  dashed  line  denotes  critical  fault  pressure 
PfsS.OGPa.  Intercepts  at  c>0  represent  minimum 
contact  pressures  p^  [equation  (17)]  for  extenaon  of  existing 
miocrocrack.  For  grain  sizes.  /<20pm,  Ph>Pf'  xd 
extension  occurs  stably  at p^^sp^;  for  I >70pm,p^<pr, 
and  microcracks  must  first  pop  in  at  p^  a,  p^  before  stable 
extension  occurs. 


tal  equilibrium  line  K.  =  Tg.  Because  of  the  dominat¬ 
ing  influence  of  the  Kf  and  Kfg  terms  at  small  c  in 
equation  (16),  the  microcrack  is  stabilized  O.e. 
dK.ldc  <  0),  most  strongly  in  the  loading  half-cycle. 
However,  at  large  c  the  ATr  term  becomes  dominant 
in  equation  (16),  and  the  K.{c)  function  begins  to  rise 
on  approaching  the  final  unload  state.  This  indicates 
that  the  crack  configuration  is  approaching  an 
instability  configuration.  If  such  a  coitf  guration  were 
to  be  achieved  (e.g.  by  admitting  water  to  the  subsur¬ 
face  fault-microcrack  to  promote  subcritical 
extension),  the  unloaded  microcrack  would  extend 
unstably  into  the  surrounding  microstructure.  The 
material  would  then  be  on  the  verge  of  spontaneous 
bulk  microfracture,  and  its  structural  integrity  would 
be  contingent  on  the  arrest  of  individual  microcracks 
at  adjacent  grain  facet  bridges  [II,  16]. 

It  is  important  to  remember  that  our  model  pre¬ 
sumes  the  existence  of  a  shear  fault  In  reality,  a 
microcrack  cannot  form  unless  a  fault  nudeates  first, 
at  Po  ^‘Pf  =  S.O  GPa.  At  pf  the  microcrack  pops  in 
spontaneously,  to  c  %  0.2  pm  for  our  35  pm  giain 
size  alumina  in  Fig.  8.  As  the  pressure  continues  to 
increase  beyond  Pf  the  microcrack  extends  stably,  to 
c  s»  3  pm  at  P6 ~P  *  10 GPa.  On  unloading,  the 

microcrack  continues  in  stable  growth,  at  an  ever- 
increasing  rate,  to  its  final  size  c  »23 pm  at  p^ » 0, 
i.e.  less  than  one  grain  facet  for  this  materiaL 

The  grain  size  effect  is  more  dearly  represented  by 
pg{e)  curves  for  equilibrium  microcrack  extension, 
obtainable  either  directly  from  equation  (16)  [again 
together  with  equations  (7-15)]  at  K. «  Tg  or  from 
intersection  points  along  the  horizontal  dashed  line  in 
Fig.  8.  We  show  such  a  plot  in  Fig.  9  for  alumina  at 
several  grain  azes  (cf.  Fig.  3),  for  peak  pressure 
pfxIOGPa.  Stable  branches  during  both  half- 
cycles  are  again  evident.  The  dashed  line  at 
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Hg.  10.  Plots  of  Po{e)  for  equilibrium  cracks  for  alumina  of 
grain  size  35  pm,  showing  effect  of  residual  thermal 
expansion  mismatch  stress  a^. 


ppsp^sS.OGPa  represents  the  critical  stress  for 
fault  mideatioii,  independent  of  grain  size  /.  The 
intercept  pt(e)  at  c  =  0  (C  =  //2)  represents  the 
minimum  pressure  for  microcrack  extension,  and 
does  depend  on  I, 

p^(l)=Pf(n''^Tol2x,r'^-l).  (17) 

At  grain  sizes  /  <  20  pm  in  Fig.  9,  above  the 
threshold  p§  line;  in  this  region  Po  niust  be  increased 
above  this  line  before  a  microcrack  can  extend.  When 
extension  does  occur,  it  is  stable.  At  grain  sizes 
/  >  20  pm.  Pm  falls  below  p^,  so  no  fault  exists  from 
which  extension  can  occur,  in  this  region,  the  loading 
must  first  be  increased  to  the  threshold  level.  At 
threshold  the  microcrack  pops  in  along  the  p,  -  p$ 
line  to  the  first  branch  of  the  po(c)  curve,  producing 
constrained  flaws  of  dimension  c  %  0.5  pm  for  the 
largest  grain  size  /  in  Fig.  9.  Through  the  remainder 
of  the  loading-unloading  cycle,  extension  is  again 
stable,  with  extension  to  c>  100  pm  at  largest  /.  We 
note  that  the  scale  of  microcrack  pop-in  increases 
monotonkally  with  grain  size  above  IstTOpm  in 
Fig.  9,  consistent  with  the  acoustic  emission  data  in 
Fig.  3. 

In  Fg.  10  we  plot  the  pt(c)  curve  for  alumina  at 
/  «>  35  pm  usng  thermal  mismatch  stresses  =  200, 
0,  and  —200  MPa.  We  note  that  while  ok  has  no 
bearing  on  the  value  of  the  intercept  stress  Pm  at 
c  -i  0,  it  has  a  pronounced  influence,  on  the  ultimate 
mkrocrack  extension.  The  contrast  between  final 
cnidc  sizes  c«23pm  at  the  tensile  facet  and 
c  «  8  pm  at  the  compressive  facet  serves  to  emphasize 
the  important  role  of  internal  stresses  in  the  damage 
sasc^bihty. 

«.  DISOUSSION 

Htertzian  contact  presents  itself  as  a  powerful  test 
procedure  for  investigating  fundamental  defor- 
Btttkm-assisted  damage  properties  of  otherwise 
U^Uy  brittle  polycrystalline  materials.  Our  damage 
modd  is  based  on  microcrack  extension  from  stress 


concentrations  at  constrained  “shear  faults”.  Such 
faults  account  for  the  subsurface  “plastic” 
deformation  observed  in  indentation  stress-strain 
responses,  micrographic  sections,  and  acoustic 
emission  records.  These  experimental  elements  have 
been  demonstrated  for  a  monophase  alumina  ceramic 
in  Figs  1-3.  In  alumina,  the  shear  faults  are  primarily 
associated  with  the  activation  of  intra-grain  twinning. 
In  brittle  ceramics  in  general,  the  stresses  required  to 
activate  analogous  shear  faults  are  characteristically 
high,  often  approaching  the  cohesive  shear'  strength 
of  the  material.  In  glass,  shear  faults  occur  along 
principal  shear  stress  trajectories  [23, 35, 43].  In  single 
crystals,  e.g.  silicon  [44]  or  sapphire  [45,46],  they 
result  from  “block  slip”  on  low-index  crystallo¬ 
graphic  planes.  In  multiphase  composites  [19],  includ¬ 
ing  rocks  [25, 27],  slippage  occurs  on  some  incipient 
weak  interface  associated  with  microstnictural 
defects,  e.g.  sliding  grain  or  interpbase  boundary 
facets.  In  polycrystalline  ceramics  any  one  or  more  of 
these  processes  may  be  active  as  incipient  faults. 

The  closed-fault  model  outlined  in  Section  3 
captures  the  generic  essence  of  the  precursor 
deformation  process.  While  retaining  the  traditional 
friction  and  cohesion  stress  descriptions  of  shear-acti¬ 
vated  faulting  in  rock  mechanics  [25],  our  model 
allows  for  fault  pop-in  by  incorporating  a  fault 
nucleation  stress.  It  also  allows  for  an  additional, 
constraining  effect  of  the  matrix  on  individual  grains 
within  the  subsurface  Hertzian  contact  field  in  Fig.  4. 
We  recall  from  Fig.  6  that  the  fault  is  most  commonly 
expected  to  be  active  only  in  the  first  load  half-cycle, 
i.e.  along  branch  (2)  in  Fig.  6.  Continued  hysteretic 
activity  during  subsequent  unloading  and  reloading 
half-cycles  is  predicted  only  in  overloaded  contacts. 

The  principal  focus  of  the'  model  is  the  extension  of 
microcracks  from  the  closed  shear  faults  in  the 
constrairung  subsurface  compressive  field,  again  in 
the  spirit  of  traditional  rock  mechanics  but  here 
expressed  in  terms  of  the  AT-field  formalisms 
previously  used  to  describe  radial  crack  initiation  in 
sharp-indenter  contacts  [23,24,33,43,47,48].  In  its 
most  general  form,  the  model  enables  one  to  describe 
a  continuing  crack  evolution  through  sequential 
load-unload  contact  cycles,  with  due  allowance  for  a 
mode  II  component  However,  our  specific  treatment 
in  Sections  4  and  5  defers  considetation  of  the  mode 
II  terms,  in  the  interest  of  simplicity.  The  model 
predicts  microcrack  pop-in  during  the  loading  half- 
cycle  (required  to  account  for  acoustic  emission  data) 
and  enhanced  stable  extension  during  the  unloading 
half-cycle,  highlighting  the  stabilizing  influence  of  the 
compressive  field. 

We  have  alluded  to  the  relevance  of  contact 
danuige  to  several  medianical  properties  of  Inittle 
ceramics,  including  damage  accumulation  [29], 
material  removal  and  wear  [49,50],  and  strengdi 
degradation  [17, 19].  But  perhaps  ^e,  property  of 
greatest  practical  significaiKC  is  fatigue,  e.g.  in 
contact  brings  and  dentaf-ceramic  restorations 
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[SI].  Experimentally,  strong  contact  fatigue  effects 
have  been  reported  in  cyclic  tests  on  coarse-grain 
aluminas  [17].  In  such  fatigue  phenomena,  the  inbuilt 
provision  for  frictional  tractions  in  the  crack-plane 
stresses  of  Section  4.1,  at  both  the  fault  and  microc¬ 
rack  interfaces,  is  indispensable.  Accordingly,  we 
foreshadow  two  potential  contributions  to  contact 
fatigue: 

(i)  Individual  microcrack  evaluation.  Sliding  crack 
interfaces  can  lead  to  progressive  frictional  degra¬ 
dation  or  wear  in  continual  reversed  loading.  Direct 
evidence  for  interfacial  attrition  has  been  reported  in 
the  accumulation  of  wear  products  and  debris  at 
cracked  grain  boundary  interfaces  in  alumina 
[30,52,53]  and  rocks  [27,54].  With  diminishing 
values  of  the  friction  n  and  r  terms  in  the  shear 
stresses  and  in  Section  4.1,  the  final  crack  sizes 
in  Figs  8  and  9  become  subject  to  progressive 
extension  with  number  of  cycles.  This  raises 
the  prospect  of  interaction  and  coakscence  of 
neighboring  microcracks  [29],  leading  ultimately  to 
fragmentation  [17].  Any  such  process  will  be 
enhanced  by  the  accumulation  of  debris  at  the  sliding 
crack  interfaces  [30, 52]. 

(ii)  Deformation  zone  expansion.  It  is  wdl  known 
from  rock  mechanics  that  the  compliance  of 
specimens  in  compression  loading  increases  signifi¬ 
cantly  with  the  introduction  of  closed,  but  sliding, 
microcracks  [25].  As  extending  microcracks  begin  to 
interact  with  their  neighbors  in  a  confined  contact 
field,  the  local  compliance  within  the  damage  zone 
will  increase,  with  consequent  stress  transfer  to  the 
immediately  surrounding  matrix.  Accordingly,  the 
adjacent  matrix  grains  will  bear  more  of  the  transmit¬ 
ted  contact  load,  and  will  themselves  become  suscep¬ 
tible  to  faulting.  The  deformation  zone,  and  thence 
the  microcrack  density,  will  therefore  spread 
outward,  exacerbating  the  fatigue  process. 

Finally,  the  fracture  mechanics  analysis  has 
important  implications  concerning  material  charac¬ 
teristics  in  design: 

(i)  Crain  size.  As  indicated  in  Section  5,  grain  size 
is  a  critical  element  in  the  microcrack  evolution,  most 
dramatically  in  the  initiation.  This  enhancement  of 
fracture  susceptibility  with  microstnictural  scaling, 
illustrated  dramatically  by  the  contact  damage  in 
alumina  ceramics  (e.g.  Figs  2  and  3  [ISp,  is  a 
widespread  phenomenon  in  brittle  fracture 
[11, 55, 56].  The  connotation  in  the  ^ledal  context  of 
ceramics  {Hxxessing  is  that  minimal  susceptibility  to 
damage  accumulation  requires  refinement  of  mean 
grain  size.  In  reality,  for  any  given  material  there  may 
be  a  distribution  of  grain  sizes  (as  wdl  as  of  crystal 
misorientations),  so  the  transition  may  not  be  abrupt, 
especially  in  inhomogeneous  stress  fields  like  that  in 
Fig.  4.  The  result  is  then  a  progressive  accumulation 
of  mkrocracks  as  the  load  is  increased  at  given 
nominal  grain  size,  or  as  grain  size  is  increased  at 
prescribed  load  [18].  Hence,  not  only  grain  size,  but 


also  grain-size  variation,  is  subject  to  refinement. 

(ii)  Residual  thermal  mismatch  stress.  Noncubic  and 
two-phase  ceramics  are  subject  to  thermal  expansion 
and  other  mismatch  stresses  at  intergrain  facets.  The 
tensile  component  of  these  stresses  greatly  enhances 
final  microcrack  extension  within  the  contact  field. 
Hence  it  would  appear  that  microstructures  with 
large  mismatch  stresses  will  be  most  susceptible  to 
contact  damage.  On  the  other  hand,  countervailing 
compressive  stresses  at  adjacent  bridging  facets 
constitute  a  most  effective  route  to  efiective 
crack-interface  bridging  in  the  long-crack  region 
[11, 15].  We  hdve  omitted  considerations  of  bridging 
tractions  from  our  analysis,  on  the  grounds  that  the 
individual  microcracks  remain  confined  to  a  grain 
facet  or  so.  However,  bridging  stresses  will  become 
important  in  the  secondary  stages  of  multiple  crack 
coalescence  and  material  removal  [29]. 

(iii)  Nature  of  strength-degrading  flaws.  Polycrys¬ 
talline  ceramics  inevitably  contain  a  population  of 
pre-existing  extrinsic  flaws,  e.g.  from  the  processing 
and  surface  treatments.  However,  in  ceramics  like 
alumina  the  flaws  leading  to  microfracture  may  be 
activated  by  the  very  contact  event  itself,  via  the  shear 
faulting  process.  Insofar  as  this  shear  faulting  process 
occurs  at  a  well-defined  contact  stress  indqiendent  of 
grain  size  (recall  p%  in  Fig.  9),  such  flaws  are  governed 
by  materiai-mr/-iRS{c  factors.  Hence  preexisting  flaws 
may  be  expected  to  play  only  a  secondary  role  in  the 
micromechanics  of  damage  accumulation  (although 
they  might  well  exert  a  dominant  influence  near  the 
critical  grain  size  for  spontaneous  general  mkrocrack- 
ing  [1 1, 49,  SO]).  There  is  the  strong  suggestion  here 
that,  contrary  to  cotiunon  expectation,  initial  flaw 
state  may  not  be  a  decisive  factor  in  determining  the 
resistance  of  polycrystalline  ceramics  to  contact 
fatigue. 
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